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THERMOELECTRIC EMISSION FROM ORDERED BINARY ALLOYS * 


K.F. VOITSEKHOVSKII 


Department of Experimental Physics Vrotslavskii University, 
Polish People’s Republic 
(Received 11 June 1957) 


A study was made of the effect which a change in the ordering of atoms in the crystal 
lattice of binary alloys has on the thermoelectric emission current. Richardson’s equa- 
tion was obtained, and the dependence of Richardson’s constant on the degree of long- 
range order s and the concentration c was discussed for the case of cubic and other 
crystal lattices. 


1. In ordered binary alloys many physical properties, e.g. specific resistivity, specific heat, 
coefficient of diffusion, etc., are known to exhibit local anomalies at the order—disorder transi-- 
tion point. These anomalies have been thoroughly studied theoretically and experimentally in the 
case of specific heat [1], specific resistivity [2,3], the coefficient of diffusion [4], photoelectric 
emission [5], etc. 

The thermoelectric emission current of ordered binary alloys might, therefore, also show an 
anomaly in the region of the Curie point owing to the disappearance of the long-range order in 


the alloy. 
This paper gives a semi-phenomenological theory of the thermoelectric emission of binary 


alloys based on Sokolov’s results [5]. 
2. The thermoelectric emission current is calculated from the well-known equation : 


k,n (kz) dk, (1) 


where k, is the wave vector component k perpendicular to the metal surface; n(k,) the number of 
electrons per unit volume, with components in the range (k,,, k,, + dk,,), v=, y, z. The value of 
n(k,) is derived from the known equation 


+o +o 


k dk, ak 
dn(k,) = == f j | OF ee ’ 


—o—e exp {( 2 OK ke — Er) al +1 


where E is the energy of the electron moving in the crystal lattice of the metal, and Epis the 


Fermi energy. 
Smirnov’s theory of the movement of an electron in an alloy crystal lattice with an arbitrary 


concentration of one of the alloy constituents [6] gives the following equation for the energy of 
an electron moving in a face-centred cubic lattice, as a function of the parameter of the long- 
range order s: 





E(s)=W+e, +oc—— y+ 
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where W, ¢,, 9, X, €0 are constants independent of s, and a is the lattice constant. 


Z. 


By using the equation for the effective mass m* “KO it can be calculated from equation 


(3) for the almost filled upper energy band 





m* = h? V (g — c)®y252 + 642 c (4) 


16e2a* 


By resolving the reciprocal of the radical in equation (4) into a series relative to s and dis- 
carding the terms of degrees higher than the second, and by taking ky sky, k, not as the compo- 
nents of vector k, but as the products ak... ak,, ak,, we can write equation (2) in the region 


T, in angular co-ordinates whereby 


+2 +” 
dky dk, 


£ 
—o —o eXD {( — as?) (x2 + s*) AkT\— + 





T 


a= 2-9 p? = ky + ky. 
128¢5 


By integrating equations (5) and (1) we obtain the following equation for the thermoelectric 


emission current: 


er see (6) 
h® (€, — as?) 


where 9 = £,—E, is the work function (Fig. 1). 

3. The ordering of atoms in an alloy affects the thermoelectric emission through the para- 
meter of long-range order s which enters into equation (6) in which the exponential also depends 
on s, because the work function ¢ depends on the square of s, as follows: 


® = %o— 915 (7) 


where dois the work function of a completely disordered alloy and ¢, is a constant greater thanO. 
It is known from order-disorder theory that parameter s is temperature-dependent, as follows: 


s= th Ue, (8) 


where U = 2 (z — 1) V, z is the co-ordination number, V = % Viaa + Vpp)- Var» and Vi; is the 
energy of reaction of atom i with atom j. 
The temperature of the order-disorder transition 7, is determined by the equation : 


U 
ae . (9) 


By resolving the hyperbolic tangent into a series relative to s and omitting terms higher than the 
second, we obtain through equation (9) the temperature-dependence of s in the region of the 
Curie point : 

Te—T 


s? = 3 
T, 


(10) 
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We then substitute in (7) the right-hand part of equation (10) so that equation (6) can be 
written as follows : 
BT 


care 


? 


Aknt  — seh 
B= : hs é kT, a= (€9 — 3a) Tos 5b = 31, o* = Py — 39). 
It is seen from equation (11) that the thermoelectric emission from binary alloys has a local 
minimum /(T,) at the transition point, the /(7') curve in the region of T, being given in Fig. 2. 
Pure metals have similar (7) curves in the region of the melting point. 
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FIG. 1. FIG. 2. 


It is clear that the anomalous section of the /(T) curve is due to the effect of s in the pre- 
exponential and exponential terms. 

4. In connexion with equation (4), by introducing the effective mass, we obtain a first ap- 
proximation of the reaction of an electron with the crystal lattice. The effective mass is, gene- 


rally, a tensor with the components : 


@E OF OF 
ak2 Okyk, dk,dk, 
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and depends, therefore, on the direction in the crystal lattice in addition to the cubic structures. 
In the case of cubic lattices all components in (12) are equal, but in other types of crystal lat- 
tice all elements of the matrix (12) have to be taken into account, giving three different values 
for the effective mass in the directions x, y, z:m* ,m*, m*. 

These values can be calculated by using equation (15) in Smirnov’s paper [6], but when 
the number of atoms in the elementary region of Richardson is also s-dependent (cf[6], the dif- 
ference has a complex form. Consequently, since in the present case the elements (15) have to 
be calculated without E having to be expressed in terms of Lij, we can proceed as follows : 
Smirnov’s equation (15) can be written in the general form: 


p> E*a,,, (k) =0 


n=! 


whence, taking this equation as some function of E, we find: 
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02, (Kk) 
pps 2 ec! A 
OE >» r Ok, 
Ok, . <— , v= x, Jy, 2 
F >> nE"~'a, (k) 


n=1 





and thus all the elements of the matrix (12). It follows from equation (13) that the effective mas- 
ses m* will have different s-dependences, and Richardson’s constant will also be s-dependent 
(cf[6]. The difference in the effective masses does not entirely upset the exponential part of 

an equation of type (6). However, in view of the fact that the jump in the thermoelectic current 

at T. is expressed mainly by the power, the shape of the curve in Fig. 2 remains unchanged for 
all types of crystal lattice. The above discussion shows that in the region of 7, Richardson’s 
constant is, strictly speaking, not constant, but dependent on s and c, besides which for non- 
cubic crystal lattices it is a function of the direction in the crystal lattice. The question arises 
as to whether this contradicts thermodynamic principles on which the derivation of Richardson’s 
equation is based in the case of pure metals. In our view the important point is that Richardson’s 
equation is based on the assumption that the electron gas is ideal and does not react with the 
crystal lattice (6). In the case of pure metals this assumption is a good approximation, but it is 
definitely not justified in the case of alloys because an electron moves in a field of alternating 
potential which is particularly important when the atoms of the alloy spontaneously change places 
in the crystal lattice units in the region of the order—disorder transition point. 

There are many ordered binary alloys which have quite high 7, temperatures : CoFe, 800°C; 
CoPt, 825°C; CrFe, 815°C; CuPt, 812°C [9]; Fe,Pd,, 780°C; FePd,, 780°C [10], for which the 
above discussion can be verified experimentally. 

We would emphasize that the results reported in this paper are not put forward as a quanti- 
tative solution of the effect or ordering on thermoelectric emission, but are intended rather to 


stimulate discussion. 


Translated by R.A. Hetherton 
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THE THEORY OF THE FINE STRUCTURE OF X-RAY 
ABSORPTION SPECTRA OF SOLIDS* 


V.A. TRAPEZNIKOV 
Institute of Metal Physics, Urals Branch of the Academy of Sciences of the U.S.S.R. 
(Received 28 November 1956) 


The temperature and concentration-dependence of fluctuations in the fine structure of X-ray 
absorption spectra of solids are discussed on the basis of Kostarev’s theory [1, 3]. It is shown 
that the amplitude ratio of the short-wave to long-wave fluctuation varies irregularly with tem- 
perature and concentration, and it is proved that the bonding forces can be studied through the 
fine structure of X-ray absorption spectra. Calculated and experimental data are compared. 


INTRODUCTION 


According to the theory put forward by A.I. Kostarev [1], the fine structure of the X-ray ab- 
sorption spectra of solids is governed by the fact that the wave of the electron emitted during ab- 
sorption is scattered by atoms of the immediate surrounding, i.e. it depends on the co-ordination 
number, the radius of the co-ordination sphere and also on the nature of the surrounding atoms. 

In developing his theory A.I. Kostarev examined the importance of the different layers surrounding 
the absorbing atom [2] and considered the effect of thermal oscillations of the atoms on the fine 
structure of the absorption shell (3, 4). 

The relative coefficient of K- absorption X,, i.e. absorption of the atom entering the solid 

sol as a function of the absorption of the isolated atom yp a; is written as follows: 


Xi (F, sa, p) = eel = (1+ A, (k, = a, 8) sin[f(k, +, a, 8)" (1) 


where 4; is the amplitude of the disordering potential of layer j surrounding the absorbing atom 


h2 R2 


2m za; (B; _ B;) exp (- po agri wna 





A, (k, t, 4, 8) = -$ (t). (2) 





nkeV (4 a,° + 4k?) (35° + 4a?) 


Here & represents the wave number of the electron emitted during absorption, 7 the temperature as 
a fraction of the characteristic 0, m the mass of the electron, m4 the mass of the atom, zj the 
number of atoms in layer j, h.Planck’s constant, X Boltzmann’s constant, a and B parameters of the 
disordering potential expressed as parameters of the exponential function oe—*’, to which the radial 
electron density, obtained by the method of Hartree and Fock, of the ion /(r) approximates. The 
extremes of the fine structure are determined by the sign of the sine in equation (1), but their in- 
tensity by the disordering amplitudes 4;. The amplitudes are in phase with the diminishing func- 
dA; s 

tions of the wave number k and temperature r, i.e. —— < 0,7 — <0 , the value of s(r) is between 
zero and unity and the part of the disordering potential adios the temperature coefficient s(r) 
also does not exceed unity. 

An attempt is made in the present paper to explain irregularities in the change of the experi- 

PR’ a” , . 

mentally observed amplitude of the fluctuation of the fine structure — (k° > k’) with tem- 
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perature and concentration [5-8] and to use this phenomenon for studying the bonding forces, as 
suggested in [5]. Kostarev’s theory is for this purpose not without faults which the author him- 
self indicated when he emphasized that his theory of the temperature-dependence of the fine 
structure of X-ray absorption spectra of solids was only semi-quantitative and did not claim to be 
highly accurate. The object of comparing the calculations with the experimental data was only to 
obtain a qualitative agreement between the calculated curves of the ratio of the amplitudes of the 


fluctuation, tee , with change in temperature and concentration, and the experimental curves, 


PR? 
? ad . . . . . 
*" , the value of ® being determined as the difference in absorption between max and min of’ 
k? 
the given fluctuation. 


PRe 
THE TEMPERATURE AND CONCENTRATION DEPENDENCE = 


In (2) let us denote the temperature coefficient by s and the residual part of the disordering 
potential by A*, i.e. A= As . From equation (1), taking » = 7max—pmin, we shall have a ratio 
of the amplitudes of the fluctuation of the fine structure as follows: 


Pye = Age «= — 52 A2, 
Pp Ay: l — s? A2, 





If Kostarev confines himself to introducing the temperature coefficient s into equation (2), then 

we have to add that it depends on the exponential term e — —, in view of the change in the 
mar 
characteristic temperature 6 with a change in the temperature of the experiment.** 

This suggestion is justified by a statement in [9] to the effect that the experimental data for 
the specific heat C y [10] differ from those calculated by Debye’s law. According to [9], the ex- 
perimental values are higher than the calculated ones for copper, iron, molybdenum and a number 
of other elements with Cy greater than 5 cal/°C (which corresponds to T = 0.6 @). In order to 
bring the calculations into line with the experimental data, we shall assume that in the relation- 
ship Cy ~ 1 — 6/T, 6 decreases with increasing temperature 7, beginning with T = 0.6 @. This im- 
plies that the maximum frequency of the normal oscillations is lowered at high experimental tem- 


peratures.*** 


In order to determine the curve a f(T), we differentiate (3) for T: 
Rk’ 


| fe) — dA, 242 242 
( ee yeaz, [AE aa {I— stab ) (14 stat) 





dA,, 
——* Aw (1 — sti.) (1 + StAbe) + 2sAus Au (Abe —a2,)| 


Ape dA,. 
Let us substitute in equation (4) q = is , where q<]. Then: a q 
¥ dT 


In this denotation we obtain: 





It is only necessary to consider one layer since according to Kostarev the remaining layers give the 
superfine structure. 


We consider that in this case the parameters a and 3 are not temperature-dependent, although generally 
they are obviously temperature-dependent. 


*** Regarding the dependence of @ on T, also see [11]. 
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q 





dA,,fp2 
[pa (stab (1 + s*q7Az,) — 


| — s*q?Ayr2)” Age | dT 


— (1—s%g2Az- ) (1 + s?Aj. )] — oF 2s (1 —9)| 


It will be seen that the sign of the derivative odes | is determined by the sign 


PR! 
of the expression in the curved brackets (4a). Let us denote the sum of the coefficients for the 
derivatives dA/dT and dsdT by . 

For the above-mentioned elements at temperatures exceeding T = 0.6 6 we have dA/dT<0 
since 9 decreases with increasing 7, whilst A ~ exp (— 1/0) also diminishes with an increase in 
T. If s diminishes with temperature at first rapidly and then more slowly as the temperature in- 
creases, as shown by Kostarev [3], A, on the contrary, remains unchanged at low temperatures 


c 

















FIG. 1. Schematic plan of graphs 


ds dA PR” 
a: S(T), A(T), — and —; b: ——=f(T); ec: 5s (®@), A (8), ow s 
dT dT ‘es de de 


(since 6 does not change) and begins to decrease only at elevated temperatures (Fig. la). This in- 
dicates that curves dA/dT and ds/dT intersect, and above th¢ point of intersection we shall have 
s 
T 
more rapidly with temperature since at the lower experimental temperature 0 will be lower, i.e. 
r will be higher and s correspondingly lower since ds/dr <0 and the intersection of the curves 
dA/dT and ds/dT occurs at a lower temperature. 


d 
ay > (cf. Fig. la). By taking 6 = 0(7) the temperature coefficient s will decrease 


In order to determine the curve *“’ =f (T) we shall examine under what conditions 
d ( _ is eas e PR’ 
Se sore positive or negative. 
aT \ %,, 
dad f[ Pr dA ds 
lL. ( 7 <0 for the conditions ro 2 a and £>0. 
This case is possible even when the inequality in the first condition is reversed for a correspond- 
ing value of 2. The first condition is fulfilled at high temperature (when 7 > 0.6 6 for the elements 
quoted in [9]),and the second condition is fulfilled when the disordering amplitudes are below a 
certain critical value of A,.,, which is the root of the equation > = 0, as follows: 
s?(k"? + k'2) (I—q?) 


ie ee, : 
. , . he coe J = VU. 
0 foe ” : se 








s*g?A}: + 


The last condition also occurs at high temperatures since the disordering amplitudes decrease with 
increasing temperature. 
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d > : 
2- = bed > 0 for the conditions fer < | and £<0, 


A particular case of the first condition may be d4/dT = 0 which determines also the second con- 
ditions. This can occur at low temperatures when 6 = const. and the disordering amplitudes will de- 
pend on the temperature only with regard to s (as discussed in [3]). Apart from this case, the con- 
dition £<0 will be fulfilled when the disordering amplitudes are greater than Ax‘ . This case 
occurs at low temperatures since the disordering amplitudes are very great here, and particularly 
in this range is fulfilled the first condition of ay (2. 
aT aT 
The curve 2° =f(T) for both cases is given in Fig.1b. The curve has a maximum at 
baa 

temperatures higher than 7 = 0.6 @ for copper, iron, molybdenum and various other elements 
(cf. [9]). Particular conditions for the maximum of the curve 


? , . 
nif aT \ g,, dT dT 


. . Pre : 
Let us examine the variant T = const., —- = f(@), which can occur when the concen- 
Pps 


tration c in solid solutions changes. Let us estimate curve BLY =f (0) by analogy with the 
kh’ 
: Fee , ; , ; d Pp ee 
estimate for —-=f(T). In this variant we obtain an expression for oe similar 
Fe’ Fp: 


to (4a) where the derivatives will not be in terms of 7, but in terms of 6: 


dA,, [p72 
q —*" [E* (1 — 522.) (1 + s%g2A2- ) — 





Pee 
a8 ( = (1 + s*g*A?, )PAy, d@ [k’® 


{1 — ata *, 242, _ ds .. “il 
(1 syPAt )(1 + stad) | a0 8A ( 9°} 


Here dA/d@ >Oand, obviously, ds/d6@>0, which can be seen in [3] Fig. 1. 


We shall also have two cases for estimating the curve 


Ppa ie dA ds 

— 0 for th dit — >— and = ‘ 

=] > 0 for the conditions oo > - an >0 
dA ds 


ge 3. oe, <0 for the conditions —— < — and I <0. 
dO \ oy, de do 


The sign of = is determined in the same manner as in the temperature variant by comparing 
the given value of A,, with the value of Aj,,. , obtained by solving the equation = = 0. When 
6 increases, the second condition for the first case passes into a condition for the second case. 
For the first case the first condition is fulfilled also at low values of 6 relative to the given 
T, since here ds/d@ is small (7 large), whilst d4/d0 is greatest at low values of 0 (cf. Fig. lc). 
In the first case particular conditions are possible when ds/d6@ = 0 which will occur at high values 


of r (@<< T). Here the equation 2 = 0 can be written: 


s*(k"* + k’2) (1 —q?) 


2 — 
bk’? — p’2 Mr en. 





s‘g?A ge / 


For the second case the first condition will be fulfilled as 6 increases since the curves 
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dA/d6 and ds/d@ intersect (cf. Fig.1c) which follows when d?4/d6?<0* and d?s/d6?>0. 


Pee ’ 
The curve — =(f @) is similar to the curve nif (7) and can be shown by a 
Pr’ Pr 


graph similar to the one in Fig. 1b. The abscissa is plotted in terms of 6 instead of T. 
The last variant is interesting for studying the bonding forces in solid solutions as a function 


of the change in concentration. The slope of the experimental curves = = f (c) shows 

Pye ; 
whether the bonding forces are increasing or decreasing since a change in @ with alloying ex- 
presses a change in the bonding forces (cf. Kurdyumov et al. [12]). For the temperature range 
where T >@ or of the order of 6 (but not for 9 >> T), which occurs mostly at room temperature or 


Pp» 
higher, we shall have the first case. If the experiment gives < ee > 0, we shall have an 
c k! 


Py» 
increase in the bonding forces, and on the other hand, if —- ai <0, the bonding forces will 
c e! 
be decreasing, assuming that the alloys are completely homogeneous. 
It was indicated in [5] that bonding forces could be investigated through the fine structure of 


Ay 
X-ray absorption spectra by comparing changes in the ratios of the disordering potentials —* 


A,» 
DP k 
k? 
(neglecting the temperature coefficient s) to the change in absorption (the ratio 5” here 
k’ 


P,- 
corresponds to —— in [5]. Reference [5] actually examined the first concentration case 
i’ 
d Gp,” . ° o,e ° P pr A pe 
— | >0] with the particular condition that s and A were small and q > 1, i.e. = 


de Pp! Pp: A, ; 


COMPARISON OF THEORY WITH EXPERIMENT 


The calculation of —* requires a knowledge of s and A as well as their derivatives in 
FR 
terms of T and 9 for which it is necessary to have some idea of 0 = 9 (7) and 6 = 6 (c). The value 
of A is calculated from equation (2), s for a given temperature can be calculated from equation 
(28) in [3] where Fig. 1 represents the function s = s (r) from which an approximate value of s can 
be read. 9 = 6(T) and 6 = 9 (c) cannot be obtained by calculation and have to be derived from 
various experimental data. The relationship can be obtained by calculating a series of values for 
6 by Debye’s law from experimental data for Cy, e.g. from the nomogram on p.230 of [10]. An idea 
of 0 = 0 (c) can be obtained by determining the value of 6 for different alloys. 
It is still difficult to make a quantitative comparison of theory with experiment because apart 
P pw 
from [5] there are in the literature no quantitative experimental data on the values of = 4 
k’ 
The latter cannot be calculated from microphotographs of absorption shells because, as a rule, the 
values of the darker and lighter portions are not given on a sensitometric curve. It is suggested 
that all spectrograms have approximately the same darkenings, and in order to compare experiment 


Pp» : 

with theory, —*" curves calculated from microphotographs can be used (the values of PD, are 
Dy 

determined as the distance between the maxima and minima in a vertical direction in millimetres). 





* This occurs in practice over the whole detectable fine structure range. 
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Having calculated A,,, from equation (5) and A,, from equation (2) or having used Kostarev’s 
data for Ar’, and also having compared dA/dT with ds/dT, it is possible to prepare in advance 


the temperature curve Je. = f(T), which can be compared with known experimental data for 
TR! 
Dye 


= f(T). 


The value of & is determined from the relationship oe —U,)+p=h (w—o,)) where 
m 


k’ 


U, is the mean potential of the lattice of the solid, p is the work function and a « is the frequency 
of the K-shell absorption. The values of k, a and £ are inserted in atomic units. 

Let us take for iron k” = 1.50 (with U, = 16 eV and p = 4.8 eV, from {:2]), which corresponds to 
a maximum of the first fluctuation A (the energy difference E4—Ex-shell = 19 eV), &” = 3.00 which 
corresponds to a maximum of the fourth fluctuation D (ED—EK- shell= 109 eV). In accordance with 
the determination and equation (2), the value of g = 0.17 (B= 2.081 and B” =-2.491, (cf. [2]). For 
room temperature with s approximately equal to 0.85, we obtain from equation (5) a value of 0.80 
for A go. The value of A,- for the first layer as calculated from equation (2) is 0.72 (z,a: =-1.718, 
cf. {2]). If we consider that in the case of iron the effect of the following three layers somewhat 
lessens the significance of the first layer (2), reducing A,- correspondingly, then the value of 
Ax’ becomes even smaller than that of Ago . Since in the present case Ay’ is appreciably 
smaller than Ag’o it can be assumed that the figural jump in (4a) will be negative not only when 
dA/dT\>|ds/dT|, but also when the inequality is reversed. At room temperature and higher (for 
iron T = 0.6 OFe = 258°K) where dA/dT increascs with increasing temperature proportionally to 


ds/dT and at given values of Ax-, q and.s, the first case can occur, i.e. = (=) <0. 
Pe’ 

The experimental data for iron (5) give p/P, values of 1.75; 1.04; 1.00; 0.91 for tempera- 
tures of 20, 600, 700 and 800°C respectively. In this paper the values for iron have been estimated 
from (6),which gave Pp/®y, values of 1.73 and 0.95 for 20° and 830° respectively. The microphoto- 
graphs of the K-shells of iron given in (7) show that at room temperature six fluctuations (A,B,C, 
D,F,F) can readily be observed, D being approximately twice as intensive as A. At 600° the fluctu- 
ation F disappears, but F still remains, D is considerably lessened as compared with A, and 
finally at 830° there is neither F nor E (or rather only traces of the latter), and the amplitude of the 
D fluctuation is even more reduced in relation to A (their ratio becoming approximately equal to 
unity). 
These experimental data for iron at room temperature and higher show that the curve ®p /®4 = 
f(T) falls with temperature, which is in agreement with the curve tee = f (T) -where 

se) bial 
= = <0 , obtained from the examination carried out above. 

Pr’ 

The values of a and f for nickel are not known to the author. The parameter a alters slightly 
from copper to iron (cf. [2] where @1Cy =-2.474/12 =-0.207; aype =- 1.718/8 =-0.214) for which 
reason we have taken the copper value of a, also for nickel. The values of B’ and B” for nickel 
have also been taken from those for copper, i.e. 8’ = 2.317 and B” = - 2.743 (1). This is permis- 
sible since according to Kostarev (4) A, for nickel is equal to 0.46 at room temperature (s=0.8) 
and k = 2 which corresponds to a value of A, = 0.57; this agrees with a value of A, = 0.56 for 
copper under similar conditions (3), allowing for the fact that the determination of s for nickel was 
only approximate. 

Apo = 0.74 when k’ = 2.04 (the values of Uy and p for nickel are approximately equal to those 
for copper) which corresponds to the maximum of the third fluctuation C (Ec —EK _ghey) = 43eV);- 
k*” = 3.48 corresponds to the maximum of the fifth fluctuation E; (Ex — EK-shell = 149 eV); q=0.21 
at room temperature. The value of A,-, and even more so in the case of iron, is considerably 
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smaller than A,x’o . For temperatures from room temperature upwards the change in dA/dT as com- 
pared with ds/dT is assumed to be the same as for iron (T = 0.6 Oy; = 222°K) which in the tempera- 


ture range under review will give the first case es ( Ce. 


Pe’ 

The experimental data for nickel [5] have ®¢/®, values equal to 1.41; 1.00; 0.71 for tempera- 
tures of 20°, 300°, 400° respectively. From the microphotographs of [8] it is seen that the value of 
®p/®, for nickel is reduced roughly by one-half when passing from room temperature to 370°C. (In 
[8] ®p/Ppg- corresponds to Pe /®, in [5] since fluctuation A in [8] corresponds to two fluctuations 
(A and B) in [5]). The experiment shows, therefore, that the curve Df /®, = f(T) descends as the 
temperature increases above room temperature, which is in agreement with the calculated results. 

In order to check the second temperature case, it is necessary to have data from low-tempera- 
ture investigations where 6 = const. In the experiment with copper [13] where the K -absorption 
spectrum was investigated at temperatures of —180° and + 20°, one value of the ratio of the ampli- 
tudes (— 180°) was on the ascending section of the curve (cf. Fig. 1b), whilst the other value 
(+20°) was in all probability on the descending section of the curve since 293°K >> T =0.69c¢,, = 
189°K. Consequently, this experiment is useless for checking the second temperature case. 

For the purpose of checking Kostarev’s theory it is of interest to investigate experimentally 
the K -absorption spectra of iron and copper in the low-temperature range (where 6 = const.), i.e. 


from 258°K downwards for iron and from 189K downwards for copper. If the curve we = f (T) 
PR! 
increases with temperature in the ranges indicated, it will correspond to the second temperature 


case (3 ( =f ~ 0) and will represent a confirmation of Kostarev’s theory. 
PR! 


I would express my sincere gratitude to Prof. A.I. Kostarev for discussions on this problem. 


Translated by R.A. Hetherton 
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THE STATE OF ATOMS IN ALLOYS OF THE TRANSITION ELEMENTS * 
I. Ya. DEKHTYAR 
(Received 24 November 1956) 


One of the methods of studying the electron structure of alloys of the transition elements 
is through their magnetic properties. Such studies describe the electron structure by some macro- 
scopic mean value, e.g. the magnetic moment, but they do not describe the state of individual 


atoms. 
In principle, the method of neutron diffraction demonstrates the structure on the outer elec- 


tron shells of the different atoms, and consequently, the state of the different atoms. 

In the case of a disordered ferromagnetic alloy the neutron scattering is disordered. The 
intensity of this scattering by an alloy of given composition is proportional to (m, — m,), i.e. 
to the square of the difference between the atomic magnetic moments of the alloy components 
[1]. If, on the other hand, the mean magnetic moment per alloy atom is known from magnetic sa- 


turation data, 
m=cm,+(l—c)m, (1) 


where c is the concentrations of atoms a, then it is possible to determine m, and m, as certain 
algebraic magnitudes. 

When the magnetic moments of the atoms of the different components are known, it is pos- 
sible to determine their state by the coefficient of the completion of d-vacancies [2]. However, 
so far the coefficient of completion g has been determined from the mean magnetic moment per 
alloy atom according to the equation : 


gq = (do —m)/d, (2) 


where d, is the number of d-vacancies calculated per alloy atom in the free state according to 
the equation dp = cdy, + (1 — c)do,. The magnitudes dy, which describe the electron structure of 
isolated atoms are known from spectroscopic data. For determining the coefficients of completion 
of individual atoms a similar equation can be used: 


9; = (do; — m;) / do (3) 


where m; is the magnetic moment for atoms of the different alloy components which can be deter- 
mined from the magnetic scattering of neutrons [1]. Only the positive values of the moments (6) 
are used since m; represents the number of uncoupled electrons per atom of type i in the d-shell, 
in addition to which in our equation (3) g; < 1. Consequently, from given magnetic moments of 
atoms of different types [1] it is possible to use only certain values and to examine, for ins- 
tance, how the states of the different types of atom change with changing alloy composition. We 
have calculated the values of q; for a series of Fe-Cr alloys from positive values of m (Fe) and 
m (Cr) for Fe-Cr alloys and also from the known values of d.(Fe) = 4 and dy (Cr) = 5, see Fig. 1. 
The dotted curve represents the values of q per alloy atom calculated from equation (2) by means 
of mean atomic magnetic moments of Fe-Cr alloys which were obtained from magnetic saturation 
measurements [3]. The data in Fig. 1 show that with increasing concentration of Cr, “completion” 
of the d-vacancy states cf both types of atom occurs. Simultaneously, the actual value of the 
coefficient of completion g increases. A similar conclusion can be drawn from data on Co-Cr 
alloys, but the picture is somewhat different for Ni-Fe alloys (Fig. 2). As the iron content in the 
alloy is increased up to 50 at. %, the coefficient of completion for the nickel atoms remains 
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practically unchanged, but this coefficient for the iron atoms increases whilst the value of the 
coefficient of completion at all concentrations changes in a more complex manner. 

Another method of studying the state of atoms ‘in the alloys mentioned is to examine their 
X-ray spectra which indicate the distribution of electrons according to their state. 

It has been shown [4] that a displacement of the absorption edge for atoms in transition 
metal alloys may be connected with the actual value of the completion coefficient q. It was found 
that the identical short-wave shift in the direction of the K-edges of the alloy components was 
due to the fact that in alloying the d-state defects for the different types of atom are reduced 
whereby the edge shift is greater, the higher the degree of “completion” of the d-vacancies or 
the lesser their degree of defectiveness. The latter was determined by equation (2) in which the 
effective value of g is used, which enabled also a mean value of the defectiveness to be deter- 


mined : 
Ndi = do; (1 — 9): (4) 


However, if existing values of q; are used for atoms of a given type i, then equation (4) can be 
rewritten as follows : 


Nai = do; (1 — 9;). (5) 


Since in a first approximation the value of the short-wave shift can be taken as proportional 


to the change in degrees of defectiveness when passing from a pure metal to an alloy (cf. Fig.3, 
but [4] for & in Co-Cr alloys), equation (5) is useful for making certain estimates and compari- 


sons. 
Let us consider a binary alloy of composition c; + c; = 1. Let d,; and d,; be the numbers of 


vacancies in the d-shells of atoms of type i and ; in an isolated state, q,; and oj the coefficients 
of “completion” corresponding to the transition of pure metals into a condensed state, with q; and 


qj as coefficients of “completion” for atoms in the alloy. Then, the change in degree of “defec- 
tiveness” when passing from a pure metal to an alloy for atoms of different type can be written, 
in accordance with equation (5), as follows: 


An; = de; (qj — 94) and Anj = dy; (gj — 96) 2 


Assuming, in accordance with the above, the shift in the K-edges of the components (for the al- 


loy in relation to the pure metals) to be : 


AE, = KAn; and AE; = K An, (7) 


where K is the coefficient of proportionality, we obtain : 





State of atoms in alloys of transition elements 


AE; 


AE; 


do; (9; = Yo; ) 
doy (9 — 90; ) (8) 
From equations (1), (3) and (8) expressions can be obtained for estimating the magnetic moments 


of atoms in an alloy: 
ain . 
a pm + (edo; (1 — qo; ) - pc; do, i. qo! 





m. 
L 


Cc:p = Cj 


m — [e;do; (1 — qo; ) = pe; do; (i — qo; 








cip + ¢; 


Table 1 gives the results of measurements (5) of the position of the K-edges of nickel and man- 
ganese in the alloy Ni,Mn which had been homogenized at 450° for 150 hr. Here A is the wave- 
length corresponding to the K absorption edge, and AE is the shift in the edge relative to the 


pure metal. 


TABLE 1. 





State of Alloy or Metal 


Ayj, XE 


AE, eV. 


Mn» XE 





Metal in the solid state 


Alloy homogenized at 450° 


1484.01 


1483.29 + 0.15 


3.9 


1891.50 


1889.60 + 0.15 


and slowly cooled 

















For the homogenized alloy (1), m = 1.02 pp. The value of 


AEN; 


AE, 


= 0.61; go%i = 0.7; qoM™ = 0.29; 


d.Ni=2; dMn = 5. 


From these data the values of m; and m; can be estimated and compared with measured 
values obtained by the magnetic scattering of neutrons (1). Table 2 shows that the values of 
m; and m; determined by different methods are in satisfactory agreement. 


TABLE 2. 





mj (up) min (Hp) 





By neutron 


By the shift in 
the K-edge of Ni 


By neutron 
scattering 


By the shift in 
the K-edge of Mn 


scattering 





0.32 





0.3 


3.17 








3.2 
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It can be seen from [4] that the dependence of the shift of the K-edge of cobalt for Co-Cr 
alloys on the change in the degree of “defectiveness” can be expressed by a straight line (Fig. 


3a), the maximum shift corresponding to a composition cc, for which Yalloy = ICo = 1. Then, by 
determining all values of AE; for cobalt in relation to the maximum shift of the K-edge of cobalt 


in Co-Cr alloys (AZ. = 4.5 eV ),it is possible to write, in accordance with equation (8), 


do; (9; — 9o;) 
= : (10) 


max 4; (1 — 99; ) 





From equations (3) and (10) it is possible to estimate the value of the magnetic moment for Co 


atoms in Co-Cr alloys: 


m; = do; (1 - qo; ) (1 ad p) ° (11) 
In the present case cc, = 0.73, whilst for cobalt do, = 3 and qo; = 0.43. (For Co-Cr alloys the 
magnetic moment per alloy atom is ~0 at a chromium concentration of 27 at.% (3). 

By using the values of AE; given in [4], it is possible to estimate from equation (11) the 
values of m; for cobalt and to compare them with data obtained for Co-Cr alloys by investigating 
the magnetic neutron scattering [1]. The values at 80 and 75 at.% were obtained by extrapolation. 
The results given in Fig. 3b, in spite of the approximate calculation and the experimental errors, 
show that X -ray spectra data are in satisfactory agreement with the data obtained by neutron 


scattering. 
Both methods are, therefore, useful for determining the state of atoms in ferromagnetic 


alloys. 
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The coefficient of “completion” qg in the sense defined by us is known to characterize the 
change in state of atoms when passing from the free state to the solid state, without contradict- 
ing the much later models of ferromagnetics proposed by S.V. Vonsovskii [7] and developed on 
the basis of the multiple electron theory [8]. According to this theory, the internal d-electrons, 
thanks to exchange forces, are orientated in paralle] and react with free s-electrons. As a result 
of this, a certain fraction of s-electrons become orientated in parallel or in anti-parallel with 
the internal electrons, producing a certain fractional increase of the saturation moment. The mean. 
magnetic moment (8) of absolute saturation per metal atom is expressed by the following formula: 


m=d,+xs (12) 
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where do and s are the number of d-and s-electrons per atom and x is the coefficient describing 
the degree of reaction of d-and s-electrons. In the case of alloys this coefficient (8) is a com- 
plex function of the composition and structure and cannot at present be calculated. The expres- 
sion can be rewrittent as follows : 


dg —m=—xs. 


By dividing both sides by do, we obtain: 
(do — m) /do = — x 8/do 


The left-hand side (13) is precisely the coefficient of completion (cf. equation 2): 
q=- xs/dy (14) 


For Fe, Co and Ni (9) the coefficient x is equal to -0.94, -0.65 and -0.7 respectively. The value 
of q for Fe, Co and Ni is equal to0.47, 0.44and 0.7 respectively. 

Consequently, the coefficient of completion expresses the degree of reaction between d- 
and s-electron and depends also on the values of do and s which describe the normal state of 
the atoms. 

In the case of alloys, the moment per alloy atom Malloy = (d + alloy) in which d, and 5 
are calculated from the law of mixtures. Consequently, the effective value of the coefficient of 


completion can be written similarly to equation (14) as follows : 


(15) 


The results obtained by neutron diffraction experiments on Fe-Cr alloys are explained as fol- 
lows : they enable the magnetic moments of different types of atom to be calculated. If for atoms 
of type i the moment is expressed by a coefficient expressing the reaction of d-and s-electrons: 
m; = do; + x;S;, then the following expression can be obtained for the coefficient of completion 


4 * 
qj = — ¥j 84/00; (16) 


where s; and d; are the numbers of s-and d-electrons for an atom of type i in the normal state. 

If the absolute value of x increases with a change in the concentration of chromium in an 
Fe-Cr alloy, the value of g; should also increase (cf. Fig. 1). This means that when the concen- 
tration of chromium in the alloy increases, the reaction of d-and s-electrons increases. 

The results of the neutron diffraction determinations of the magnetic moments indicate that 
the values of magnetic moments are not whole numbers either for pure metals or for alloy compo- 
nents. This is due to the reaction between d-and s-electrons. 

The above calculations of magnetic moments for the Ni,Mn alloy are correct only within the 
limits of the assumptions made. In particular, if the coefficients of proportionality K in equation 
(7) are different for different components of the binary alloy, then equation (9) should not be 
written with p (determined experimentally), but with p’ = K;/K;. Then, using the neutron dif- 
fraction data, it is possible to estimate the values of K ; and K; which describe the dependence 
of the density of the energy levels in the d-band on the energy. Unfortunately, coefficient K can-- 
not be calculated from theory, but the moments for cobalt atoms in a Co-Cr alloy can be estimat- 
ed without knowing this coefficient, as the method of calculation showed. 
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The above results indicate the need for further study of the state of atoms in alloys of the 
type under discussion, using other methods. 
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RESIDUAL ELECTRICAL RESISTIVITY OF BINARY SYSTEM METALLIC 
ALLOYS * 
N.V. GRUM — GRZHIMAILO 
A.A. Baikov Metallurgy Institute 
(Received 22 June 1956) 


Many theoretical investigations have been made in the past of the electrical resisti- 
vity of binary metallic alloys, forming continuous solid solutions, in function of their 
constituents. Nordheim [2], while studying Bloch’s [1] theory of electrical resistivity, 
completed it by determining the electrical resistance of the homogeneous phase alloys 
of monovalent metals. The investigation was based on a model with homogeneous, “ef- 
fective” atoms, regarded as having average properties, of a nature intermediate between 
the corresponding properties of the alloy constituent atoms, varying continuously as a 
function of the amount of alloy constituents. The above theoretical ideas were, subse- 
quently, completed by Nordheim’s arbitrary interpolation formula defining the depend- 
ence of electrical resistivity on the alloy composition, the formula having the follow- 


ing form: 


p=A.c(l—c), 


where, A —a constant, and c — concentration of one of the constituents of the solid 


solution. 


All subsequent theoretical investigations carried out by many authors, among others 
also by Smirnov [3,4], and Ryzhanov [5], served to perfect the theory considerably, but 
all of them start more or less with Nordheim’s interpolation formula. It has been assumed 
that test results essentially confirm the theory. Nordheim, in particular, stresses that 
the theory is well proved for the gold-silver alloy systems investigated by Griineisen [6]. 
However, Griineisen carried out the determination of only the general electrical resiti- 
vity and only for some alloys of the system. Therefore, his results cannot be used for 
determination of residual resistivity. It is for this reason that Nordheim, by assuming 
that the temperature coefficient is independent of the alloy composition, could use only 
the isotherm of the general resistivity of the alloys. In other words, he started with an 
unproved assumption of the resistivity temperature being independent of the alloy com- 


position. 


In as far as it is known to us, this assumption has not been proved experimentally 
and remains completely arbitrary. It is for the purpose of verifying it experimentally 
that the present investigation was undertaken. Use was-also made of results from 


previous investigations 7\. 


The measurement of residual! electrical resisti- 
vity was based on Matthiessen’s rule, according to 
which the residual electrical resistivity, in the tem- 
perature range of linear temperature dependence of 
resistivity, is equal to the constant term in the 
Matthiessen’s mathematical formula. 

Literature data were used fot two systems : potas- 
sium and rubidium and gold with copper. 

The binary potassium-tubidium system was in- 
vestigated in detail by Kurnakov and Nikitinski 
[8]. They found that these components form a 
series of continuous solid solutions for all alloy 
compositions. Electrical resistivity measurements, 
carried out by them at various test temperatures, 
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enable a reliable calculation to be made, by the 
least square method, of the specific residual resis- 
tivity, and its temperature coefficients, for all al- 
loys of the system. Results of the above calcu- 
lations were published in technical press [9]. It 
was proved that the residual resistance of potas- 
sium-tubidium alloys varies not according to a 
parabolic law, as it is required by Nordheim’s 
formula, but linearly, or to be more specific, it is 
proportional to the alloy composition (at.%). In as 
far as the temperature coefficient of resistivity is 
concerned, no proof was found that its variation 

is independent of the alloy composition. This re- 
lationship was found to be hyperbolic, with the 
hyperbola asympotes parallel to the co-ordinate 
axes. This is indicated by the straight line charac- 
ter of the variations in the reciprocal of tempera- 
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ture coefficient values in function of alloy com- 
position. 

The alloys of potassium with rubidium (monova- 
lent metals in the first group of periodic classifi- 
cation table) are most suitable for confirming the 
above findings. They exist in chemical compounds 
as monovalent ions. But the excitation potential 
of their closed shells is so high that no compounds 
are known of these metals, involving the partici- 
pation of electronic states other than the valency 
ones. The Nordheim’s parabolic interpolational 
relationship was not confirmed for the above al- 
loys, either. In fact, the relationship existing 
there is much simpler: it is linear. 

Gold, silver and copper, as distinct from the 
alkali metals, form chemical compounds other than 
those corresponding to their behaviour as monova- 
lent metals, on the basis of which they are includ- 
ed in the first group of periodic table. They form 
comparatively easily chemical compounds in which, 
apart from s-electrons, also the d-electrons of the 
deeper lying electron shells are involved. In the 
alloys of gold with copper, for instance, the com- 
pounds AuCu and AuCu, are well known, which 
form ordered phases and were studied in detail. 

By making use of the tentative measurements 
made by Kurnakov and Ageev, under conditions of 
establishing equilibrium at various high tempera- 
tures (higher than the temperature of the alloy 
ordering point) we determined the residual resisti- 
vity values for the alloys studied by the above 
mentioned investigators [10], and calculated from 
these data the Nordheim’s interpolation formula. 
The value found for the coefficient A was A = 
52.107 Qem. In Fig. 1 are shown the results of 
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FIG. 1. Residual electrical resistivity and the 
reciprocal values of the resistivity temperature 
coefficient in the alloys of gold with copper 


these calculations together with a plot of the ex- 
perimentally obtained data. It is clear from the 
curves that the calculated Nordheim’s curve 
deviates considerably from the points obtained by 
simple determinations. 

Since the presence of chemical compounds was 
proved in these alloys, we have tried to explain 
the lack of agreement between the calculated and 
experimentally obtained data, by the presence of 
these compounds. It was suggested that, just as 
with the alkali metal alloys, the dependence of 
the residual resistivity should also be linear, 
although only in the range of the alloy composi- 
tions intermediate between the composition of the 
compounds. 

The above assumption was fully confirmed by 
Mendeleev’s concepts, who found that “broken 
down solutions are separated by compounds, if 
such compounds are present in the solution medium 
[11]. It is clear that this deduction finds confirma- 
tion in the results of simple determinations made 
by Kurnakov and, on Ageev. 

Reciprocal values of the resistivity temperature 
coefficient were found, just as in the case of potas- 
sium-rubidium alloys, to be linearly dependent on 
the alloy composition. Also this points to the 
fact that the temperature coefficient of resistivi- 
ty varies with alloy composition. 

Investigations, carried out by us earlier, on 
a series of binary alloy systems, were designed 
to provide reliable test data on the residual elec- 
trical resistivity and its dependence on the 
alloy composition. The measurements were made 
over the whole range of temperature values within 
which linear dependence of specific resistivity is 
observed in function of temperature. 


” 


On the basis of these earlier measurements, a 
calculation was made, by the least square method, 
of the coefficients in the Matthiessen’s formula. 
In order to obtain a higher degree of accuracy, 
special attention was paid to the reliability of 
test specimen electrical contacts. Specimens were 
heated in a stream of gaseous argon. The methods 
used for determination of the alloy composition 
were capable of giving results accurate to 1 per 
cent, while measurements of the electrical resist- 
ivity coefficient and of the temperature were ca- 
pable of a relative accuracy of 3.5 and up to 2 
per cent, respectively. 

The chemical compounds present in the solid 
solutions of the alloys investigated were determin- 
ed previously by the galvanometric method [7]. 
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As already mentioned above, the isotherm of 
electrical resistivity of silver-gold alloys is ap- 
proximately parabolic, this fact having been used 
by Nordheim for confirmation of his interpolational 
formula. The gold-silver alloys are in the form of 
a continuous series of solid solutions, in which, 
so far, no intra-phase transformations have been 
detected. However, Guinier and Grifflong [12] 
found by X-ray analysis that, in some alloys, 
there is a tendency to the setting in of alloy 
ordering. For the same system a strong deviation 
was found of the interatomic distance values from 
the Vegard’s formula, as it is shown by measure- 
ments carried out by Sachs and Weerts [13]. This 
serves, therefore, as a clear indication of the 
presence of chemical compounds in the continu- 
ous region of solid solutions in these alloys. 
From Hall’s constant determinations for the 
above system, we have detected the presence of 
the following compounds: Au,Ag, Au,Ag and 
AuAg,. 

Temperature dependence of the electrical re- 
sistivity was measured in the temperature inter- 
val from 25 — 900°C. From these data, the residual 
electrical resistivity was calculated using the 
least square method, and a determination was 
made of the resistivity temperature coefficient and 
the Nordheim’s parabolic interpolational curve. 
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FIG. 2. Residual electrical resistivity and reci- 
procal temperature coefficient values of gold 
silver alloys 


The results thus obtained are given in Fig. 2. 
The following formula was calculated for the in- 
terpolational curve: 


p= 037.107 cy. cy, 


~ 053° C4, — 0.19 10° af Nem. 
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That the parabola does not fit with the experi- 
mental data is clear from Fig. 2. The reciprocal 
of temperature coefficient values varies linearly 
within the range of all alloy composition pos- 
sible in the system. This is exactly as was found 
in previous cases. Thus, it is proved that Nord- 
heim’s hypothesis on the independence of the 
temperature coefficient of electrical resistivity 
from the alloy composition is not substantiated 
by experiment. 


Of a still greater interest is the system of mono- 


valent metal alloys, copper, silver and gold, with 

the transition group alloys: nickel, palladium and 
platinum. In these alloy systems there are present 
composition intervals where the electrical resisti- 


vity coefficient has extremely smali values. Among 


such alloys the best known is “constantan” — an 
alloy containing 60 per cent copper and 40 per 
cent nickel. 
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FIG. 3. Residual electrical resistivity and reci- 
procal temperature coefficient values for nickel- 
copper alloys 


An investigation was also made of the copper- 
nickel alloy systems. The presence of chemical 
compounds of the type : Ni,Cu, Ni,Cu, and NiCu, 
was confirmed in the alloy solid solution, using 
the galvanomagnetic test method. Experimental 
data, obtained by procedures analogous to the 
above, at temperatures higher than the Curie 
point, are shown in Fig. 3. Just as previously, 
the broken-line curve, with break points on the 
ordinates corresponding to these compounds, 
agrees well with the experimentally obtained plot 
points. 

The interpolated parabola does not coincide, in 
this case, with the experimental data although its 


Reciprocal temperature 
coefficient values, 10°deg/ohm.cm 





Residual electrical resistivity of binary system metalic alloys 


parameters were calculated, similarly as in the 
previous cases by the least square method. The 
parabola is shifted sidewards. Its equation is 


p = 0.16 .10° 


Cy; Cl, — 0.15 10% ey; — 0.15 .10% -cg, 


Some anomalies were found in the variation of 
the reciprocal values of the resistivity temperature 
coefficient in function of the alloy constituents 
concentration. Alloys, which had more than 75 per 
cent nickel on the one side of the diagram, and 


more than 85 per cent copper on the other, had a 
normal resistivity temperature coefficient, the reci- 


procals of which are well placed on the general 
straight line. But in the middle part of the diagram, 
there is a considerable drop in the temperature 
coefficient of the electrical resistivity values, and 
in some alloys it even becomes equal to zero or 
assumes a negative value. Here the reciprocal 
values increase rapidly and reach infinity. 


The problem of the origin of this phenomenon is 
far from being solved, in spite of the fact that it 
drew attention of many investigators. Mott [14] 
associated it with his postulate of a transition of 
the copper electron, behaving as the conductance 
electron, to the unfilled 3 d-level of the nickel 
atom. With increasing temperature, these electrons 
are gradually set free thus accounting for the in- 
crease in the electrical resistance with rising tem- 
perature. If Mott’s concept is true, then the nickel 
atoms are here transformed in negative ions with 
completed main shells of the electronic state, thus 
making the ions analogous to the negative ions of 
inert gases. Similar phenomena can occur also 
with the second group metals. Just as in the case 
of nickel, the atoms of these metals possess 
enough electrons for completing all electron 
levels. The difference between these atoms and 
those of the inert gases is connected with their 
low excitation energy, analogous to that possessed 
by the atoms of the transition elements. In order 
to confirm the correctness of this assumption, it 
was of interest to investigate an alloy system 
with a continuous series of solid solutions in the 
metals of Group II of the periodic table of elements. 

We have investigated the alloys of magnesium 
with cadmium. The results of measurements at tem- 
peratures, higher than the phase transition tempera- 
tures, are shown in Fig. 4. In this system there are 
two or three chemical compounds formed. These 
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FIG. 4. Residual electrical resistivity and reci- 

procal values of the electrical resistivity tem- 

perature coefficient, in the alloys of cadmium and 
magnesium 


are Mg,Cd, MgCd, and according to Delinger’s data, 
also Cd,Mg [15]. It is clear from the diagram in 
Fig. 4, that the existence of the third compound 
was not confirmed in our investigations. The resi- 
dual resistivity line, shown in continuous line 
sections, has only two breaks in direction, these 
points corresponding to ordinates of only the first 
two compounds. The parabolic interpolation curve, 
as calculated by the least square method, is com- 
pletely unsuitable for interpolation of the experi- 
mental results. Its formula is in the following 


p = 0.5477 . 10% 


yj, — 0-106 10% -ey, —0.19 .10° -¢gy 2-em 


The curve of reciprocal values of the electrical 
resistivity temperature coefficient shows the same 
anomaly as observed in the system of copper-nickel 
alloys. But its extent is much less. This confirms 
some of Mott’s ideas. 

The investigations carried out on the cobalt- 
nickel alloy systems enable a determination to be 
made of the constants involved in Matthiessen’s 
formula for the temperatures lying above the Curie 
ferromagnetic transformation point. The nature of 
chemical compounds involved in the system, was 
investigated previously by determination of the 
Goldhammer’s galvanomagnetic effect. It was 
found that the compounds of CoNi and CoNi, 
exist in this system. 
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FIG. 5. Residual electrical resistivity and reci- 
procal values of the resistivity temperature 
coefficient in nickel-cobalt alloys 


In Fig. 5 are shown the results of experimental 
measurements of the residual electrical resistivi- 
ty, of the reciprocal values of the resistivity tem- 
perature coefficient, and of the Nordheim’s para- 
bolic interpolation curve. The equation of this lat- 
ter curve is in the following form: 

p = 0.186 .10°% 


£09°CNj — 0-15-10 cy; — 0.22 .10*-e¢, Dem 


Also in this case, the parabolic curve deviates 
from the electrical resistivity data determined ex- 
perimentally for the alloys studied. 

The temperature dependence of iron-chromium 
alloys was investigated for alloys in the normali- 
zed condition. The annealing was done at 1000°C, 


10° ohm.cm 
"lhe, cr fe, C7 
10 oy 

wi Vit 


80 








es 








60 
60 





40 


NN 
SS 


ae N 4Q 
7] 


fe Q10 020 Q30 QU40 Q50 060 270 0&0 290 Cr 


Atomic concentration of chromium 


= 









































0 


FIG. 6. Residual electrical resistivity and reci- 
procal values of the resistivity temperature 
coefficient in iron-chromium alloys 


Reciprocal values of resistivity 
temperature coefficient 10° deg. /ohm.cm 


So as to ensure a uniform disordered alloy struc- 
ture and so that the alloys corresponding to the 
central part of the diagram would contain no a— 
phase or ordered structures. Galvanomagnetic 
measurements showed that the following compounds 
were present in the alloys: Fe,,Cr, Fe,Cr, Fe,Cr, 
Fe,Cr and FeCr,. Not all of these compounds 
could be detected by residual resistivity studies, 
because the angles between the various straight 
line sections at points corresponding to such 
compounds were very small. A large number of 
more accurate measurements is required for the 
purpose. The interpolation parabolic curve, cal- 
culated by the least square method, is shown in 
Fig. 6 and is found to deviate from the experimen 
tal data. On the other hand, the reciprocal values 
of the resistivity temperature coefficient lie well 
on the generally inclined curve, which again con- 
firms the linear dependence existing between this 
part of the electrical resistivity and the alloy 
composition. These facts disprove Nordheim’s 
interpolation formula. 
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CONTRIBUTION TO THE NON-LINEAR THEORY OF TRANSITIONAL PROCESSES IN A 
FERROMAGNETIC PLATE MAGNETIZED WITH A LONGITUDINAL VARIABLE FIELD * 
N.N. ZATSEPIN 
Metal Physics Institute, Urals Department, U.S.S.R. Academy of Sciences 
(Received 16 May 1956) 


A solution is given to the problem of transitional processes in a ferromagnetic plate 
magnetized with a longitudinal, variable field. The non-linearity of the plate material 
magnetization curve is calculated by the small parameter method. 


1. The linear theory’ of transitional electromagnetic processes occurring in the body of ma- 
gnetic materials, subjected to the action of either a periodic or aperiodic magnetic field, has been 
studied in detail [1-4]. However, it does not provide sufficient information in cases when the 
magnetization curve of the material is essentially non - linear. 

Solutions of this problem, in some form or another, taking into account this non-linearity 
are available for certain partial cases only. For instance, Arkadev [5] dealt with the problem 
of a flat electromagnetic wave penetration into the body of a ferromagnetic space, for the case 
of a rapid change in the external magnetic field intensity, by assuming a Z - form of the magneti- 
zation curve. The same problem was considered by Neiman [6], who assumed the magnetization 
curve to be in the form of a curve formed by the vertical segment and an inclined straight line. 

In the present work, a calculation is given of the transitional electromagnetic processes in 
a parallel-plane plate, with a thickness of 2/, infinitely long and infinitely wide, and in a mater- 
ial with a constant specific electrical conductance y and a small non-linearity of the magneti- 
zation curve. 

It is assumed that, starting with some moment ¢ = 0, this plate is subjected to the action 
of a longitudinal, time-variable magnetic field H, = f(t). 

The small parameter method will be used in solving the problem. 

The magnetization curve B (H) will be approximated by the formula: 

B= »,(H—aH); H<H,=——. 
V 3a 
Wherein, 

Hj, is the field at which B (H) in equation (1) reaches its maximum; po is the initial ma- 
gnetic permeability (coinciding in this case with the maximum permeability). On substituting 
for H a dimensionless variable h = H/H and for a a dimensionless parameter ¢ = al/?, we get 


equation (1) in the following form: 





Ss ads (2) 


B=yp,ff (h—eh}); h<oh, = 


Wherein, 
H is an arbitrary constant, having dimensions of field intensity. It will be chosen so as to 
satisfy the condition that aH? <1. 
Then we get 
] 


A 
A H \2 
= ee a ee rr: 
e=aH =( -) « 


Equations (1) and (2) are correct for H < Hy and h < hy. 
2. A solution of this propblem satisfies Maxwell’s equation 





* Fiz. metal. metalloved. 5, No.1, 30-36, 1957 [Reprint Order No. 5 POM 5]. 





Transitional processes in a ferromagnetic plate 


a?H 1 OH 
en a (4) 


with the following initial conditions: H (z=0, 1) =H (z=2/, 1) =f(; H(z, t = 0) =0. 
Here, f (¢) is a partially-continuous function, z is the co-ordinate, calculated from the lower 
plate plane along the perpendicular to its upper limiting plane, y,(H) is the differential magnetic 


permeability, which is a function of the magnetic field. 
On finding 4y( 4) from equation (2) and substituting it into equation (4), we get the non- 


linear expiession: A 2s 
i g2 SR we (1 — 3ht) 
oz? ot 


where, oar 2 
A * Bo- 
h? 


The solution of equation (5) is in the form of a series with respect to powers of ¢ 


h=hg(z, 1) +A, (2, e+... +4, (z, Oet+..., (6) 
where, A,(z,t) is a solution of linear equation for ¢ = 0. 
A, (z,t) (j =1,2 .....n) is some value depending on the function determination with respect to z 


and ¢. 
On substituting (6) into (5) and equating the coefficients for identical powers of ¢ to zero, 


while limiting ourselves to ¢’s of the first order only, we get two linear equations in partial dif- 


ferentials 


A r ’ A . ’ 21° 
3 hoz hors h®7At2 = Att — 3A0 Aor. (7) 


The initial and limiting conditions for the first equation are : 


A (2, t) = hy (z = 2!, ) =—— fF (0); 


hy (z, t= 0) = 0; 


and for the other equation: A,(z,t=0) =0, 
A, (2 =0, 1) = 4,(z =2l, ) =0. 


A solution of the first equation from expression (7) is: 
t 
hg (z, t) = < fo (z, t— +) f («) dr, 
where, 0 
e sin — (n + 1/2)z 


nite; Bal 2 
9 





exp|— x2 (x + = | : 


(n + 1/2) 


n=0 
The above expression satisfies the following initial and final conditions : 
Ug (z =0, ft) = ug (z = 21, ft) = 1; 
uy(z,0) =0; 0< z <2, 


wherein 2/ is the plate thickness. 
Since ¢ (z,t) = 3 h3ho is a periodic function with respect to the independent variable z, the 
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required solution of the second equation from expression (7) will be obtained in the form of 
Fourier series in powers of sin-(n + %)z. 


A, (2, =) A,, (0 sin = (n + 1/2) z. 


n=0 


In order to find the function A, (z,t), it is necessary to determine the coefficient A in(e): 


For this purpose, we shall represent, for the time being, the function ¢ (z,¢) in the form of 
Fourier series 


(2,0 =), (sin ~ (n+ 1/2)z, 
n=-0 


2! 
en(Q=——[@ 6 sin (n+ 1 2). a) 


0 
By substituting equations (11) and (10) into the second equation from expression (7), we get: 
= x x | ’ nm \2 233 
Ysin = (n+ 2 (Aint) +(=)* (a+ 1,2)" Ay, () — 94 (0} =0. (12) 
n=0 


The above equation is satisfied if all the expansion coefficients art equal zero, this is: 


A 


Ain() =— = An $12) Arg (D+ On (0. 


By solving the usual linear heterogenous differential equation (13), we get 


t ail 
Ain () = { exp] — (a + 1/2) (t—9)] 9, (0) ds 
0 


while, A), (t= 0)= 0 
By substituting equation (14) into (10), we get: 


A,(?2,)= y fexp[- =i (n + 1/2)? (t—»] 


n=0 0 


Sin — (1 + "/2)-29 - @q (t) de. 


On substituting ¢, (7) into equation 15 and denoting by 


‘ eee r nt ve 
G(z, &: (i = (n + 1/2) t— 9]. 
n=-0 


- sin — (x 4. 1/2) z - sin —(n + 1/2)¢, 
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we arrive at the following required solution of the second equation from expression (7): 


¢ 2! 


A, (2, 1) )={ [Ge G t—1) (6 t) dtd. 
0 0 


Thus, a general solution of the non-linear equation (5) is in the following form: 
/ 2t 


Pera (z. cd caine } ae cali 1) ddr. (1a) 


Thus, the problem is solved in quadratures. If the law of field intensity variation (18) is 
known for any point of the ferromagnetic material, it is possible to find other factors, such as 
the distribution of magnetic induction, magnetic permeability, vortex points, etc. 

Using the above method it is also possible to solve the two-dimensional problem. 

3. The equations derived above will now be used for solving the following problem. A fer- 
romagnetic plate, thickness 2/, is acted upon by a longitudinal field in the form of a single, 


rectangular impulse, with duration ty. 


f= H, for O<t<i, 
« for <0 u t>t,. 


We want to find the distribution of field intensity in the plate. 
The intermediate, elementary calculations will be now omitted, becaue of their simplicity 


and the length of the formulae involved and the formulae giving the final results are given below 


instead. 
The linear and non-linear parts of equation (6) are, respectively 


- sin — (4 + 1/2)? 

— pf 
> 24+ 1 sini gf) 
=0 
A 
= 
2l 





7 ( lan (2 n+ l)tsin— (4+ | 2)z 


4=0 


cad sin — (y + 1/2)z 





CX, y 
oe 


5 eo sin— (7 +1 2)2 

l—e —g.t — 

[1 —exp(— 01+ = or 
eo 








-exp(—&,%) (1 —cxp (—3g,, ai , 


&,= () (y + 1/2). 


It is not difficult to see that the series entering into equation (20), and which are the solu- 


tion of the problem in question, coincide. 
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In order to evaluate the effect of a small non-linearity of the magnetization curve on the 
field intensity distribution in the plate, as calculated in linear approximation, a numerical 
summation was made of the field in a Permalloy plate. 

In Fig. 1 the shape of the computed magnetization curve (curve No. 2) for Permalloy speci- 
men in magnetic field strengths up to Hy= 0.09 oersted is shown together with the form of the 
approximate curve (curve 1) constructed on the basis of equation (2) using the following data: 
Ho = 67,000, « = 0.063; ‘ 

H = 0.048 oersted, A, = 0.11 oersted. 


The maximum discrepancy between the curves for the field interval in terms of B(H), does 
not exceed 15 per cent. 


8-10" H, (oersted) 


J 











































































































002 004006008 01 B12 4. (oersted) 
QW6 083125 1672.08 A ie ee eae 





t, (sec) 


FIG. 1. 1 — calculated curve, FIG. 2. Field variation in function of time. 
2 — experimental curve. 1 — for the linear part, 2 — for the non-linear 

part, I 

— 0.125 cm, 2/ = 1 cm 


In Fig. 2 we show curves of field intensity variation with respect to time, as obtained from 
equation (20); curve 1 is for the linear part, and curve 2 for the non-linear part, in the case of a 
plate with thickness of 2/ = 1 cm and a distance from its surface equal z = 1/4 = 0.125 cm. More 
detailed data are given in the table below. One should note that, for the non-linear part of equa- 
tion (20), a mean value of permeability was taken between the maximum (y,,,, = 67.000) and the 
minimum ones (y,,;, = 44.000) for the field interval of 0< Ho < 0.09 eoersted. 


l 
TABLE 1. z a | = 0.125 cm. 





Ain H 


non-lin non-lin 


(oersted) (oersted) 





0.01 0.0025 0.0013 
0.02 0.0062 0.0047 
0.03 0.0106 0.0085 
0.04 0.0141 0.0101 
0.05 0.0193 0.0130 














From the above graphs and the table, it is clear that the non-linear part (curve 2) is smaller 
than the linear one (curve 1) at any time instant, and that the value of their ratio is not constant. 


At some time instant, this ratio passes through a maximum, as it is clear from Fig. 3. 
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FIG. 3. Non-linear to linear fields ratio in func- FIG. 4. Field variation in function of z co- 
tion of time, for ordinate: 1 — for the linear part; 2 — for the non- 
linear part for t = 0.02 secs and 2/ = 1 cm. 


l 
z 9 Ya 0.125 cm and 2/ = 1 cm 


Field variation for the linear (curve 1) and non-linear (curve 2) parts in function of the co- 
ordinate z, calculated from the plate surface for t = 0.02 secs, is given in Fig. 4. There is no 
doubt that the character of the two parts’ variation is different. The first one is an even function 
with respect to the mean plate area, reaching a minimum in this plane and a maximum in the 
plate limiting planes. 

The field intensity, considered in the non-linear approximation (H, ,._);,,) only, passes 
through its maximum values for certain values of z, and then drops off rapidly and reaches a 
minimum in the middle plane. 

As the electromagnetic wave penetrates into the plate depth, starting with a certain value 
of the depth z, the non-linear part decreases at a much faster rate than the linear one. 

The penetration depth of the surface effect increases a little bit, in the calculation of a 
small non-linearity of the magnetization curve in comparison with that obtained in the case of 


field calculation in linear approximation only. 


CONCLUSION 


On the basis of the small parameter method, a solution is found, in a general form, of the 
non-linear problem of finding the electromagnetic parameters for the transitional processes oc- 
curring in a 1 -dimensional plate. In particular, expressions were deduced for the distribution 
of the magnetic field, induction, and magnetic permeability in the body of a plate subjected to 
the action of a magnetic field in the form of a rectangular impulse. 

In this latter case, a numerical assessment is made of the expression for magnetic field 


for the linear and non-linear parts. 
Finally, a grateful acknowledgement is made of the useful advice given Prof. R.I. Yanus 


Translated by H. Cygielski 





Transitional processes in a ferromagnetic plate 
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FERROMAGNETIC PHASE IN AUSTENITIC 14/14 HEAT RESISTING STEELS* 
V.Z. TSEITLIN 
Central Machine Building Institute 
(Received 15 November 1956) 


The results of isolating the ferromagnetic phase in austenitic heat resisting 14/14 steels 
(nickel and chromium approximately 14 per cent each) are presented. [t has been found that 
when the ferromagnetic phase appears, the heat resistance is considerably lowered. The rates 
of appearance and disappearance of this phase increase with temperature. 

The ferromagnetic phase appears because of carbon concentration changes in the solid solu- 
tion during carbide formation, and it disappears because of diffusional homogenization. 

Practical conclusions are drawn about tempering conditions to produce a minimum content of 


the ferromagnetic phase. 


Stainless and heat-resisting austenitic steels 
containing 18-19 per cent chromium and 8-9 per 
cent nickel contain the ferromagnetic alpha phase, 
even directly after quenching; the amount of this 
phase depends on the nickel and chromium con- 
tents and on the carbide-forming elements which 
contract the gamma range. After tempering or io 
service, the quantity of ferromagnetic phase is 
increased, and it may transform through inter- 
mediate stages into the sigma phase, whose 
appearance is usually extremely undesirable. 

The presence of a two-phase parent solid solu- 
tion or, more accurately, of two solid solutions 
impairs the service characteristics of a steel 
intended for prolonged working at high tempera- 
ture. Hence for steam piping and installations 
for prolonged high temperature service, the nickel 
content of steels of this type must be increased 
to increase the homogeneity of the solid solution. 
For this reason, for instance, the nickel content 
of steel EYa-IT was raised to 12 per cent but the 
alpha phase still appears during tempering and 
service. 

Austenitic heat resisting steels of the 14/14 
type (nickel and chromium contents 13-15 per 
cent) have a solid solution which is structurally 
more homogeneous. For a long time it was 
thought that the solid solution in such steels in 
all states: after quenching, tempering and pro- 
longed service, is an alloyed austenite, and that 
no other phases were present in it. This was 
because ferromagnetic phases were not discover- 
ed in the solid solution with the available methods 
of analysis. However, new analytic methods, in 
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particular magneto-metallographic study, developed 
by Eremin [1] have shown that under certain con- 
ditions a ferromagnetic phase does form in these 
14/14 steels. But this phase is unstable, and its 
quantity can be controlled by heat treatment. 

Thus in an investigation of the austenitic steel 
EI-434 containing approximately 14 per cent 
chromium and nickel and 10 per cent cobalt, it 
has been found that after oil-quenching from 1260°C 
there were no signs of a ferromagnetic phase. 
However, after a subsequent tempering at 760°C 
for 20 hr, appreciable amounts of this phase had 
formed as a compact network around the grain 




















Fig.1(a) 
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Fig.1(b) 
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(Fig.1b); after 100 hr tempering, the network became 
still more discontinuous and faint (Fig.lc). Tem- 
pering for 20 hr at 800°C produced a discontinuous 
fine network of the ferromagnetic phase (Fig.1b) 
and after the same time at 850°C, the phase was 
completely absent. This indicates that in steel 
EI-434, the ferromagnetic phase is not permanent, 





but that it appears under certain conditions and 
with time its quantity may diminish. 

By magneto-metallographic analysis of the 
microstructure, an approximate picture of the 
growth and disappearance of the ferromagnetic 
phase in this steel at certain temperatures was 
followed. The results are in Table 1. 





Obviously, at each of the temperatures in ques- 
tion, the ferromagnetic phase appears and dis- 
appears at different rates. At 650°C it increases 
slowly, attains a maximum after about 100 hr, and 
then slowly disappears, but even after 1000 hr, 
there is still a fine network of this phase. 


Fig.1(d) At 750°C, the formation and disappearance of 
FIG.1. Micrograph of El-434, made by the mag- the ferromagnetic phase is considerably quicker, 
neto-metallographic method. Quenched from and the maximum amount is reached after about 
1200°C (x 320). Tempered at 750°C: a for 20 hr; 20 hr, while after 300 hr, it has almost completely 
b for 50 hr; c for 100 hr; d tempered at 800°C for disappeared. 


20 hr. 
At 800 and 850°C, the rates of growth and dis- 


After 50 hr at the same temperature, the network appearance are still higher. The maximum con- 
was thinner, and in some places discontinuous tent of the phase is evidently reached after con- 





Tempering after quenching 
from 1250°C Ferromagnetic phase in the steel 


Temp. (°C) Time (hr) 


650 Traces 

650 Very fine discontinuous network 

650 Fine network around grain boundaries 

650 Compact, continuous network around grain boundaries 
and carbides 

Finer network 

Very fine, discontinuous network 

Fine network 

Compact, continuous network around grain boundaries 
and carbides 

Finer network 

Fine, discontinuous network 

Very fine, discontinuous network 

Traces of network 

Fine, discontinuous network 

None 




















Percentage of 
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siderably less than 20 hr, since at 800°C, after 

20 hr, there is only a fine, discontinuous network. 
After the same time at 850°C, this phase has com- 
pletely disappeared. 





ferro-magnetic 
phase 





2 3 4+5678H 


_ 


hours 


FIG.2. Formation and disappearance of ferro- 
magnetic phase in E]-434. & - results for EI-69, 
Mi - for El-257. 


Fig.2 shows diagrammatically the growth and 
disappearance of the phase, the maximum quantity 
shifting to the left as the temperature increases. 

A similar picture was found by Shishkov [2], in 
a study of the fatigue strength of austenitic steels 
of the same type: 14/14, EI-69 and EI-257, the 
only difference being that in the second steel, 
the carbon content is less than in the first. The 
ferromagnetic phase was also found by magneto- 
metallographic analysis. Shishkov’s results are 
plotted in Fig.2. In the steel EI-257 with the 
smaller carbon content, the appearance and dis- 
appearance of the ferromagnetic phase occur at 
about the same rates as in El-434 which we have 
studied. In EI-69 with a higher carbon content, 
the quantity of magnetic phase increases at least 
up to 350 hr, and perhaps for longer. 

Petropavlovskaya [3] obtained rather different 
results for EI.257. In this steel, the ferromag- 
netic phase, which was absent after quenching, 
was observed after holding for 50 hr at 725, 750, 
and 775°C. The quantity of magnetic phase did 
not decrease, but somewhat increased with in- 
crease of temperature. After 250 br at 650°C, a 
considerable amount of the phase was also ob- 
served. This is in accordance with what we have 
found for the appearance of the ferroma gnetic 
phase in EI-434 at the same temperature (cf. Fig.2). 

The appearance and increase of the amount of 
a—phase greatly impairs the mechanical proper- 
ties of this steel. Thus, in a study of EI-434 it 
was found that if tempering increased the amount 
of magnetic phase, the relaxation resistance of 
the steel was greatly reduced. After a double 
tempering: first at 660°C and second at 760°C, a 
large amount of a—phase (Fig.3a) was observed; 
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FIG.3. Magneto-metallographic micrograph of 

steel after quenching from 400°C and double tem- 

pering: a 600°C, 20 hr/760°C, 20 hr; b = 860°C, 
20 hr/760°C, 20 hr (x 320). 


the relaxation resistance after this treatment was 
extremely low. A double tempering at 800/660°C 
produced a considerably smaller amount of alpha 
phase (Fig.3b), and the relaxation resistance 
after this treatment was considerably higher. The 
amount of alpha phase was greatly reduced and 
the relaxation resistance increased by increasing 
the time of holding at this temperature (Fig. 4a), 


_aad by increasing the tempering temperature (Fig. 4b). 
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(hr) 
(a) (b) 
FIG.4. Change in relaxation resistance (residual 
stress after 4000 hr) at 650°C in stee] EJ-434, 
quenched from 1200°C. Initial stress 20 kg/mm’. 
a with time of tempering (at 750°C); b with temper- 
pering temperature (for 20 hr). 
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The ferromagnetic phase lowers fatigue 
strength and rupture strength considerably. The 
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reductions increase with the amount of the phase. 

These impairments of the mechanical proper- 
ties of austenitic steels by the magnetic phase 
are understandable. Diffusion is much faster in 
a—than in y—iron, and ferrite has a considerably 
lower heat resistance than austenite. Hence, the 
appearance and growth of a—phase, mainly at 
grain boundaries, would be lower resistance con- 
siderably. 

Because of this adverse effect of the ferromag- 
netic phase on the me chanical properties of steel 
at high temperatures, heat treatment conditions 
which produce the least amo unt of this phase 
must be selected if heat resistance is to be in- 
creased. 

Apparently the appearance of a— phase in the 
tempering of quenched austenitic steel is due to 
concentration changes in carbide formation. A 
solid solution around the precipitated carbide 
particles (Me,,C,) is greatly enriched in chrom- 
ium. Its concentration in the solid solution in 
this region is so much increased that there is a 
local austenite-ferrite transformation with a 
rearrangement of the crystal lattice from the 
y— to the a— structure. In a steel containing a 
fairly large amount of carbon (the quantities of 
the other elements being the same), the number 
of carbide particles precipitated in tempering 
would be greater (than in the steel having a lower 
carbon content). Hence the amount of ferromag- 
netic phase will be greater also. This, for 
instance, is observed in EI-69, differing from 
EI-257 only in its greater carbon content, and hav- 
ing, after temp ering under the same conditions, 
considerably more magnetic phase. 

It is quite probable that the local rearrangement 
of the y- into the a- lattice around the precipitated 
carbide particles is promoted by the greater inter- 
nal stresses arising when the carbide phase is 
forme d [4], and these stresses likewise contri- 
buted to the formation of concentration changes. 

The magnetic phase disappears because of 
homogenization of the solid solution around the 
precipitated carbide particles, once again creat- 
ing the conditions for the existence of austenite. 

It may thus be assume d that the alpha phase in 
austenitic steels of the type examined is formed 
through diffusional processes, leading to carbide 
formation, and through the resulting concentration 
changes, and that it disappears through homo - 


genization of the solid solution by diffusion. 

As temperature increases, atomic mobilities 
and therefore diffusion rates increase. Carbides 
are precipitated faster, and consequently the 
amount of ferromagnetic phase increases to a 
maximum at a higher rate. Hence in EI-434 
(Fig.2) at 660°C, about 100 hr is needed to attain 
the maximum quantity of a- phase, only about 20 
hr at 760°C, and still less at higher temperatures. 

An increase in temperature also accelerates 
diffusional processes causing a homogenization 
of solid solution, and thereby a disappearance of 
the a- phase, because the percentage of nickel 
is again increased to the level necessary for 
austenite stability. Hence, at 660°C, about 1000 
hr is needed for a considerable decrease in the 
amount of a- phase in EI.434, at 760°C about 100 
hr, at 800°C about 20 hr, and at 850°C after 20 hr 
there is no a- phase at all. 

It can therefore be concluded that to leave no 
ferromagnetic phase in a 14/14 austenitic steel 
after heat treatment, the steel must be tempered 
for a short time (up to 20 hr) at 800—850°C, or 
must be tempered for a prolonged time at lower 
temperatures, 700—650°C. The lower the temper- 
ing temperature, the more prolonged should be 


the tempering time. 


SUMMARY 


The ferromagnetic a- phase may appear both in 
19/19 austenitic steel, and in the considerably 
more structurally stable 14/14 steel. In the 
latter, the a- phase appears not only during age- 
ing, but also in tempering after quenching, and 
disappears under certain conditions. The phase 
appears around grain boundaries and around car- 
bide particles. 

The phase appears in austenitic steels due to 
diffusional carbide formation, and through local 
concentration changes of solid solution in zones 
immediately adjacent to the carbide particles, 
changes which facilitate the y—a transformation. 
The phase disappears also through diffusional 
processes which homogenize the solid solution. 

The appearance of the ferromagnetic a- phase 
considerably lowers the fatigue and rupture 
strength. Hence, the time and temperature of 
tempering should be such that any a- phase form- 
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ed disappears completely or very substantially. 

In this paper we have not examined the forma- 
tion of the ferromagnetic phase in austenitic 
steels during plastic deformation, when the y—a 
transformation is diffusionless. 
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OPTIMUM GEOMETRIC DIMENSIONS OF SEARCH ELECTROMAGNETS IN 
COERCIMETERS FOR QUALITY INSPECTION OF STEEL AND CAST 
IRON PARTS SURFACE HARDENED BY THERMAL OR CHEMICAL 
(IMPREGNATION) TREATMENT * 
M.N. MIKHEEV 
Institute of Metal Physics, Urals Branch of the U.S.S.R. Academy of Sciences 
(Received 8 January, 1957) 


The coercive force is one of the most structurally sensitive properties of ferromagnetics so that 
it is widely used for studying structure and mechanical properties in quality inspection of various 
steel and cast iron parts. Its comparatively slight variation with the dimensions of the part inspect- 
ed makes it better as a criterion in magnetic inspection than other properties like permeability, etc. 
Hence in recent years a whole range of coercimeters have been developed for measuring this force, 
and intended for use on various steel and cast iron parts. 

This paper deals with some problems in the construction of coercimeters with search electromag- 
nets, and of their use for routine magnetic inspection. 


The diversity of coercimeters of this type is 
due to the different indicators for the demagneti- 
zation state of parts of the article inspected, 
fitted to the electromagnets (Fig. 1). These may 
be an ordinary magnetic needle (a) [1], moving 
soft ferromagnetic armatures (b) [2-3], moving 
coils as in the Kepsel apparatus (c), and ferro- 
sondes (d), in particular such as worked out by 
Yanus et al. [4, 5]. We have used moving coils 
and ferrosondes in coercimeters with search 
electromagnets [6- 14], for the quality inspection 
of various parts surface hardened thermally or by 
impregnation. We will not dwell on the details of 
the instrument, descriptions of techniques and 
methods of measuring coercivity with these co- 
ercimeters, but will deal only with the possibility 
of measuring the mean coercivity at a completely 
definite, previously specified depth from the sur- 
face in quality inspection and of determining the 
thickness of decarburized, carburized, nitrided, 
hardened, etc. layers on steel and cast iron parts. 

Such surface layers differ fairly sharply in mag- 
netic properties from the core material in steel 
and cast iron; their thicknesses are shown in 
Table 1. 

With apparatus intended for magnetic determina- 
tion of such thicknesses, it should be possible to 
measure the mean magnetic properties to a speci- 
fied depth below the surface, equal to the thick- 
ness of the layers in question. 

At present there are two main methods of regu- 
lating the depth of magnetization of a part in such 
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measurements, and therefore two methods for de- 
signing the corresponding measuring equipment. 

1. The use of alternating magnetic fields of 
appropriate frequency in the magnetizing apparatus; 
[15-17]; and 

2. Magnetization to a specified depth with a 
constant magnetic field created by search electro- 
magnets of suitable dimensions (pole cross-sec- 
tion, interpole distance, etc.). 

Let us consider the second method, since with- 
out special difficulty it enables one to regulate 
the depth of magnetization to any thickness 
shown in Table 1. 


TABLE 1. Thicknesses of surface layers on 
steel and cast iron parts. 





Thickness 
(mm) 


0.01 - 1.0 
0.3 - 0.7 
0.5 - 2.5 
0.5 -5.0 

3 - 20 


Treatment 





decarburization 

Nitridation 

Carburization 

h.p. surface hardening 

Industrial frequency surface hardening 
Flame hardening (heating in 


reverberatory furnaces by a 


special technique) over 20 








In a study sometime ago of the magnetic induc- 
tion topography in massive steel articles, mag- 
netized with search electromagnets, the author 
found that the depth of the surface layer mag- 
netized to high inductions depends on the dimen- 
sions of the electromagnet [18]. Fig. 2 shows 
variations of induction, measured ballistically, 
with the depth a from the surface, of the part shown 
in Fig. 3 when magnetized with electromagnets of 
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FIG. 1. Coercimeter search magnets with various 
demagnetization state indicators; a-magnetized 
needle; b-moving soft ferromagnetic plate; 
c-moving coil; d-ferrosonde. 


differing pole cross-sections. By using these or 
similar findings for electromagnets of known 
dimensions we can roughly determine from simi- 
larity theory [19] the dimensions of electromag- 
nets with which the parts to be inspected can be 
magnetized to high inductions to a specified depth 
below the surface, sufficient to ensure measure- 
ment of the mean coercivity at the same depth 
below the surface with instruments of the type 
mentioned [6-14]. From this measurement we can 
draw conclusions about the structure and mechani- 
cal properties of the surface layer, since there is 
a sharp difference in magnetic properties between 
such layers and the core metal [20]. 

Information, quite satisfactory for practical 
needs, necessary for the calculation of the opti- 
mum dimensions of coercimeter search magnets in 
coercimeters intended for heat treatment quality 
inspection and carburized, nitrided, decarburized, 
heat-hardened case-depth measurements, can be 
obtained by the simplified examination of the mag- 
netic flux distribution in the magnetized article, 
which is expounded below. 

It can easily be seen that the depths of mag- 
netization to high induction (close to saturation) 
cannot be greater than the thickness d of the 
search electromagnet pole even when the mag- 
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FIG. 2. Variation of depth a of specimen magneti- 
zation with pole cross-sectional area. 
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FIG. 3. Arrangement of electromagnet and open- 

ings for mounting the measuring coils in ballistic 

measurement of magnetic induction distribution in 
a specimen. 


netic induction B in the pole is brought up to 
saturation, and when there is practically no lateral 
scattering of the magnetic flux, as is shown in 
Fig.4, where the width of the pole c is equal to 
the width of the article inspected. In magnetic in- 
spection of comparatively large objects the pole 
width of the coercimeter search magnet is usually 
much smaller than the width or length of the ob- 
ject scanned, and the lateral leakage of magnetic 
flux running from the N to S poles through the 
portion being scanned is very considerable, and 
this makes it very difficult to magnetize the 
article to high inductions to the required depth. 
Fig. 5 shows the variation with depth of the mag- 
netic flux in the magnetized portion in this case. 
Figs. 4c and 5c show that most of the flux running 
from the V to the S pole is included in the portion 
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of the object having high dot density, and the 
magnetization of the metal in this portion will be 
close to saturation if the magnet poles are also 
practically saturated. The sparser spacing of the 
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FIG. 4. Magnetic flux distribution in workpieces, 
magnetized to by search electromagnets whose 
pole width is equal to the workpiece width. 


























FIG. 5. Magnetic flux distribution in large parts, 
magnetized with search electromagnets. 


dots outside this zone in the two diagrams, each 
dot representing the cross-section of a magnetic 
line of force in the section AA, gives an im- 
pression of the leakage of magnetic flux into the 
body of the massive article. This lost flux can be 
partially compensated by using material for the 
search magnet poles having a higher magnetic 
saturation than that of the workpiece being tested, 
and decreases with decrease of the distance be- 
tween the magnet poles. 


The thickness h (Fig. 4 and 5) of the surface 
layer magnetized to high flux densities, can in the 
absence of lateral leakage be equated approximate- 
ly to the thickness d of the search magnet pole 
and will be somewhat less than half d when there 
is unlimited lateral dispersion, as in the case 
shown in Fig.5. 

The mean coercivity measured by the coerci- 
meter in some interpolar volume of the workpiece 
is that averaged over the coercivities in the in- 
dividual surface layers magnetized to high indu- 
cation and lying, as will be shown below, inside 
the depth h below the surface. The deeper layers 
(below h) are magnetized only to low flux den- 
sities and their contribution to the mean coerciv- 
ity is practically zero because in magnetization 
arcund small loops the coercive force of all these 
layers will be small. Hence the search magnet co- 
ercimeter gives the mean coercivity over the depth 
h and therefore information about structure and 
mechanical properties over this depth, since they 
are responsible for the changes in magnetic proper- 
ties. 

In quality inspection of transversely hetero- 
geneous work-pieces, with surface carburized, 
nitrided, decarburized or heat hardened layers the 
magnetic flux distribution fairly sharply changes 
even in the interpolar volume of the material en- 
closed in heavy lines in Fig. 4 - 5 if, for example, 
at a depth hf there is a partially hardened layer 
and a soft core. In this case the core, magnetic- 
ally softer than the case, exerts its full shunting 
action and causes a corresponding redistribution 
of the total magnetic flux in the magnetized part 
of the work-piece. An analysis of the effect of this 
action of the magnetic flux distribution in the sur- 
face layer has already demonstrated [8] the possi- 
bility of measuring magnetically case depths with 
search magnet coercimeters if the dimensions of 
the search magnets in these are such as to mag- 
netize to high flux densities a surface layer of 
the workpiece, having a depth approximately equal 
to the greatest depth of the carburized, nitrided, 
etc, case. 

Let us pursue further lateral magnetic flux leak- 
age in magnetizing workpieces with search mag- 
nets. Let the induction in the magnet pole be B 
and the mean induction in the interpolar volume 
of the workpiece metal be B,. Then: 


B/B, = Ul (1) 


where II is the coefficient of lateral leakage [21]. 
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Let the pole cross-section be S, and the cross- 
section over which the flux propagates into the 
magnetized workpiece be S,. 


BS = B,S, (2) 
or, from (1): S, = TIS. If it is assumed [21] that 


S, increases with the interpole distance / and 
with the perimeter p of the magnet pole, we have 


S, = S + %apl (3) 
where a is some constant. Dividing both parts of 
(3) by S, we find: 

1 = 1 + %apl/S (4) 


If the pole is of circular section with radius ,, 
then 


fl = 1 + al/r (5) 
and if it is of rectangular section, 


p = 2(d+c) = 2ar’ 


where r’ is some equivalent radius, and d and c 
are the pole thickness and width (Figs. 4 and 5). 
Substituting this value of r’ into (5), we obtain 
an expression for the coefficient of lateral flux 
leakage for a search magnet with rectangular sec- 


tion poles, in which we are interested: 
Tl = 1 + anrlKd+c) (6) 


The minimum interpole distance / is governed by 
the size of winding giving sufficient ampere tums 
for magnetizing the electromagnet cores to satura- 
tion, and by the need to keep the air gap in the 
magnetic circuit as small as possible. 

The pole thickness d we have already seen 
should be equal to the thickness of the surface 
layers to be inspected and therefore to the maxi- 
mum such thickness likely to be encountered, in 
view of the need to ensure magnetization of the 
whole thickness to high flux density. 

Equation (6) shows that the leakage can be de- 
creased only by increasing the width c of the 
poles. When c is infinite [1 = 1 and the leakage 
is zero. This case is easily realized by using 
cylindrical magnets, as used in lifting cranes, 
shown diagrammatically in Fig.6. The depth highly 
magnetized by such magnets is the arithmetic 
mean of the thicknesses of both poles, when they 
are magnetically saturated. 

Lateral leakage can be considerably reduced 
also by using rectangular horseshoe magnets with 
rectangular section poles, with a width c about 


three times the thickness d. A laboratory study of 
magnetic measurement of carburized and heat- 
hardened case depths in various steel workpieces 
has shown that the leakage in the central part of 
the interpolar workpiece volume is so small that 
the thickness magnetized almost to saturation can 
be taken as equal to the thickness d, as it would 
be if there were no leakage at all (Fig. 4). 




















FIG. 6. Magnetic flux distribution in workpiece mag- 
netized with cylindrical search electromagnets. 
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FIG. 7. Illustrates calculation of optimum height 
b of search electromagnets. 








The height 5 of the magnet poles should be the 
minimum consistent with fitting the magnetizing 
coils and the moving coil indicator or any other in- 
dicator of the state of demagnetization of the work- 
piece. It must be borne in mind that the sensitivity 
of a coercimeter to changes in structure and 
mechanical properties is greater, the greater the 
inequality 


LxHex >> LcHee (7) 


where Hox and /icc are the coercivities of the 
workpiece portion being scanned and the electro- 
magnet core, and Ly and Le are the mean mag- 
netic flux paths in the workpiece and the electro- 
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magnet magnetic circuit [22]. For the same reason 
(increase of sensitivity) the cores of the magnet 
should be of very low coercivity material (0.5 - 
0.7 oersted) but the highest possible saturation 
(19,000 - 20,000 G) attainable in comparatively 
weak magnetizing fields. 

We can summarize all these remarks in the 
following recommendations 

1. The pole thickness d of the search magnet 
should be equal to the maximum thickness of the 
surface layer (carburized, nitrided, heat hardened 
case etc.) in which it is desired to measure the 
mean coercivity. 

2. The width c of the poles for inspecting com- 
paratively thick layers (1-2 mm) should be at 
least three times d. For scanning thin cases (less 
than 0.5mm) c should not be more than d so as to 
secure greatest lateral leakage and to get all the 
magnetic flux from the N to S pole propagating in 
the thin surface layer. 

3. The interpole distance / and the pole height 
b should in all cases be the minimum consistent 
with fitting the magnetizing coils and the indicat- 
ing device, which may be a moving coil, magnet 
needle, magnetically soft armature, ferrosonde, 
etc. 

For magnetic inspection of fully heat-treated 
workpieces (full-hardened, tempering, annealing 
etc.), the search magnet dimensions should be 
calculated in exactly the same way on the basis 
of the depth below the surface over which the mag- 
netic properties have to be measured, so as to re- 
veal defects such as incomplete hardening (soft 
cores) or to eliminate the effect of surface decar- 
burization on the coercimeter readings. 

Fig. 8 shows a photograph of two electromag- 
nets, with one of which (a) the mean coer- 
cive force over depths of 8- 10mm is measured, 
and with the other over depths of 3-4mm (b). They 
are intended respectively for the inspection of 
fully-hardened heat treated components and for 
measuring case depths in carburized parts. 

Fig. 9 shows the variation of the mean coer- 
civity expressed in units of the demagnetizing 
current ip with the depth a of the case on a steel 
article, obtained with a coercimeter with a search 
magnet of constant dimensions. This diagram 
shows, in complete agreement with what has been 
said above, that to measure the depth of layers 
thicker than 10mm d and c must be increased, 
while to measure depths of up to 3-5 mm these 
parameters must be decreased. [10]. 


FIG. 8. Appearance of coercimeter electromagnets: 
a- for inspection of fully-hardened parts; 
b- formeasuring depth and quality of car 
burized cases on steel. 
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FIG. 9. Variation of the demagnetization current i 
with the thickness a of a surface hardened layer on 
chromium molybdenum steel plate. 


These considerations about dimensioning of 
the search magnets provide unique solutions to 
the problems of measuring nitrided [10], carbur- 
ized [8,12,13] and heat hardened [11,14] case 
depths, on various steel workpieces and make it 
possible to apply the method with success to 
routine industrial testing. 

In conclusion it should once again be emphas- 
ized that with search magnet coercimeters it is 
possible both to inspect the quality of full-harden- 
ing or heat treatment, and to measure the depths 
of surface layers on steel parts over the full 
range met with in practice, from the very thinnest 
nitrided and carburized cases, fractions of a milli- 
metre thick, to surface hardened (heat hardening) 
layers of any thickness, on parts of any size or 
shape. 





Optimum geometric dimensions of search electromagnets in coercimeters 


REFERENCES 


1. A.V. Nifontov, Zavod. Lab. 8, 924 (1935). 


. A.l. Piskunov, Metallovedenie i termoobrabotka, 
(Metallography and heat treatment), Collection of 
papers from the Central Plant Laboratory of the 
UZTM No.2, Mashgiz, 1950. 

. L.S. Lavrent’ev, Vest. Mash. 9, 77 (1951). 

. R.I. Yanus, Trud. Inst. fiz. Metal. Ural Fil. 
Akad. Nauk SSSR 15, 76 (1954). 

SSSR 15, 76 (1954). 

. R.I. Yanus, V.I. Drozhzhina and L.Kh. Fridman, 
Zavod. Lab. 10, 1193 (1955). 


6. M.N. Mikheev, Zavod. Lab. 10, 1155 (1938). 
7. M.N. Mikheev, Tr. Inst. Metallovedeniya. 


Metallurgiya i Metallofiziki, No.1 (1941). 

. M.N, Mikheev, Jzv. Akad. Nauk SSSR, otd. tekh. 
nauk 5 - 6, 53 (1943). 

. M.N. Mikheev and M.V. Yakutovich, Stal’, 5, 2-3, 
91 (1945). 

. M.N. Mikheev, Trud. Inst. fiz. metal. Ural. Fil. 
Akad. Nauk SSSR 12, 157 (1949) 

. M.N. Mikheev et al., Zavod. Lab. 1, 52 (1956). 


12. 


13. 


M.N. Mikheev, P.I. Zimnev and K.B. Miloskavskii, 
Vest. Mach. 6-7, 70 (1945). 

M.N. Mikheev, B.M. Neizvestnov, I.I. Turchinskii, 
G.P. Kostenov and G.K. Izotova, Zavod. Lab. 

2 (1957). 

M.N. Mikheev, I.A. Kutnetsov, G.S. Tomilov and 
S.D. Filippov, Zavod. Lab. 1, 121 (1951). 


. K.P. Belov and A.A. Gel’fenbein, Zavod. Lab. 


1, 76 (1937). 


. N. Baise and N. Koelzer, Z.Metallk.45 (12) (1954). 
. A.N. Rabinovich, Annotatsiya rabot kafedry 


tekhnologii mashinostroeniya, stankov i instrumentov 
(Technology Work in the Department of Machine 
Building, Machine and Hand Tools) Lvov, 1956, 


. M.N. Mikheev, /zv. Akad. Nauk SSSR, Otd. tekh. 


nauk Nos. 3-4, 68 (1943). 


. V.K. Arkad’ev, Elektromagnitnye protsessy v 


metallakh (Electromagnetic processes in metals) 
Part I, p.139. ONTI, 1935. 


. M.N. Mikheev, Zh. tekh. fiz. 15, 9, 672 (1945). 
. V.K. Arkad’ev, Elektromagnitnye protsessy v 


metallakh (Electromagnetic processes in metals ) 
Part I, p.165 ONTI, 1935. 


. R.I. Yanus, Magnitnaya defektoscopiya (Magnetic 


flaw detection) ONTI, 1945. 








DETERMINATION OF DISTRIBUTION DENSITY OF ATOMS 
IN LIQUID ALUMINIUM AND BISMUTH AT VARIOUS 
TEMPERATURES BY ELECTRON DIFFRACTION* 


A.I. BUBLIK and A.G. BUNTAR 
Kharkov State University 
(Received 16 July, 1956) 


1. In the preceding paper (1) information was 
given about an electron diffraction study of the 
structure of liquid tin at its melting point and at 
300°C. From an analysis of the atomic distribu- 
tion density curves constructed it was shown that 
the structure of liquid tin changes as the temper- 
ature increases. At the fusion point, the same 
order is preserved in the position of the atoms as 
in the crystalline metal. As the temperature in- 
creases, liquid tin tends towards close-packing. 
It was of interest to find out whether the same 
thing happens in other metals. We report here the 
details of an electron diffraction study of the 
structures of liquid aluminium, whose solid-state 
lattice is close-packed, and of bismuth, having a 
rhombohedral lattice, close to the simple cubic. 

The methods of preparing the specimens, ob- 
taining the electron diffraction patterns and their 
analysis were the same as in the preceding 
paper [1]. 

The diagrams were photometered on a micro- 
photometer MF-2, and after subtraction of the non- 
coherent background which was found from the 


relation 


_ + S's 
oe S/s* 





(where S is the non-coherent scattering function 
[2], s = (47sin 0)/A,P? = the atomic factor for 
electron scattering), / was plotted against s. 
These curves, after combining at large angles 
with N®? curves, were used for determining the 
radial atomic distribution function from the 


equation: 


T 


4nR% (R) = 4nR%5 + = { s/,,(s) sin sRds, 
0 
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in which: 


I(s) (Z—f)? 
1, = —— —1, @ =. SE 


The integral was calculated with specially com- 
piled tables (strips). 

2. Electron diffraction patterns (electronograms) 
were obtained at 670, 720 and 850°C from alumin- 
ium films (2—3)x 107° cm thick, and at 280, 300, 
and 400°C from bismuth films of the same thick - 
ness. The /-s curves for the various temperatures 
are shown in Figs.1 and 2. The positions of the 
maxima on these curves in units of (sin 9)/A are 
given in Table 1. From Fig.1 it can be seen that 
on the electronogram from liquid aluminium at 
about 670°C (curve 1) there are four ma xima at 
slightly larger angles than the lines on the elec- 
tronogram for polycrystalline aluminium (Table 1). 
As the temperature increases to 720°C (curve 2), 
the positions of the maximum intensities remain 
practically unchanged, but their value consider- 
ably decreases. The second maximum completely 
disappears. At about 850°C, the intensity curve 
contains 2 maxima, of which the second is weak 
and very diffuse. From all 3 curves in Fig.1 it 
can be said that as the temperature increases, the 
intensity curve is, as it were, smoothed out, 
gradually approaching the ©? curve, specially at 
comparatively large 6’s. 

A similar picture was observed for bismuth 
(Fig.2). While at 280°C on curve 1 there are 5 
maxima, at 300°C (curve 2) there are only 3, and 
at 400°C (curve 3), 2, of which the second is very 
weak. The positionsof the maxima on the elec- 
tronogram for the bismuth films at 280°C approxi- 
mately coincides with the mean position of the 
most intense line on the electronogram from the 
crystalline film. As the temperature increases 
there is practically no shift in the line position, 
as in the case of aluminium (cf. Table 1). 
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TABLE 1. 





Temperature (°C) 


Position of maxima 





0.248 
0.255 


0, 350 
0.363 
0,363 
0,3—0.4 








0,307 
0.336 
0,348 
0,310 
0.304 


























*Positions of most intense lines given. 


3. The change in structures of liquid alumin- 
ium and bismuth with temperature can be well 
seen from the curves for the atomic distribution 
densities (Figs.3 and 4). On curve 1 of Fig.3 for 












































FIG. 1. Curves for intensity of scattering electrons by 
liquid aluminium: 1 at 670°C; 2 at 720°C; 3 at 850°C. 


aluminium at 670°C, there are two maxima. One 

of them is at R ~ 2.7 A, which is 0.15 A less than 
the radius of the first co-ordination sphere in 
crystalline aluminium. The area under the first 
maximum (cf. Table 2) corresponds to between 4 

and 1] particles. The second maximum is at R = 4.1 
A, which is approximately the radius of the second 


co-ordination sphere. As the temperature increases, 
both maxima move to larger R’s, and become less 
sharp (Fig.3). Thus at 720°C, the first maximum 
(Table 2) is at a difference of 2.94 Aand contains 
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FIG.2. Curve for intensity of electron scattering by 
liquid bismuth: 1 280°C; 2 300°C; 3 400°C. 


about 10 particles, while at 850°C, it is at 2.98 
and it contains 9. On the distribution curve for 
bismuth (Fig.4) at 280°C (curve 1) there are three 
fairly clear maxima. One of them is in the region 
of the first and second co-ordination spheres of 
crystalline bismuth, the other in the region of the 
third and fourth, while the third corresponds to 
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FIG.3. Radial density curves for liquid aluminium: 
1 670°C; 2 720°C; 3 850°C. 


the fifth and sixth. (Table 2). A comparison of 
the position of the first maximum and the number 
of particles corresponding to it with the first two 
co-ordination spheres of crystalline bismuth indi- 
cates that in fusion bismuth tends towards a 
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FIG.4. Radial density distribution curves for liquid 
bismuth: 1 280°C; 2 300°C; 3 400°C. 


distribution curve for liquid bismuth (~ 26) is 
equal to the number of atoms in the first 6 co- 
ordination spheres of solid bismuth, but in fusion 
there is apparently a redistribution of atoms, so 
that the number of particles in the first two co- 


TABLE 2. 





Imax 





Sub- 


stance | Temperature (°C) 


n) 
R(A) 


Parti- 


cles 


R(A) 





20 
670 
720 
850 





700 [5] 





20 


280 
300 
400 





ey [3] 
550 [4] 
340 [6] 


























closer packing, evidenced by the increase of the 
number of atoms from 6 to 8.6, and by the shift 
of the maximum to larger values of R (for close 
packing R ~ 3.6 A). 

It is interesting that the number of particles 
associated with the first 3 maxima of the radial 


ordination spheres (region of the first maximum on 
curve 1 of Fig.4) is increased, and the number in 
the second two is decreased (region of the second 
maximum). When the temperature is increased to 
300°C, the number of atoms at about 3.8 A increas- 
es to 10.5. At 400°C, the density distribution of 
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atoms in liquid bismuth at all values of R differs 
little from the mean density (curve 3, Fig.4). 

4. An X-ray study of liquid aluminium at 700°C 
is reported in [2]. The number of particles in the 
first co-ordination sphere found from the atomic 
distribution density curve is the same as found 
by us from electron diffraction from films at 720°C. 

The results of a study of liquid bismuth are 
described in [3, 4, 6], Our results for R differ 
from those reported in these papers, and particu- 
larly from those in [4] (cf. Tables 1 and 2), which 
reports a study of the structure of bismuth at 300 
and 550°C by neutron diffraction. In spite of the 
great superheating, no change in the structure of 
liquid bismuth was observed. 


SUMMARY 


1. An electron diffraction study has been made 
of the structure of liquid aluminium and bismuth 


at several temperatures. 

2. For all temperatures, curves of radial atomic 
density distributions have been constructed. 

3. The number of closest neighbours at different 
temperatures in liquid aluminium and bismuth has 


been determined. 
4. It has been shown that: 


(a) in liquid aluminium at the melting point, 
the near order is basically the same as in the 
crystalline metal. As the temperature increases, 
the. particle density decreases; 

(b) the near order in bismuth close to the 
melting point is similar to that of the particles in 
solid bismuth. When the temperature is increased 
(to 300°C) bismuth tends towards close packing, 
as is observed with tin [1]; 

(c) at temperatures considerably above the 
melting point, the atomic distribution densities 
for aluminium and bismuth approach the average 
density. 
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ELECTRO-EROSIONAL PROPERTIES OF METALS* 
A.S. ZINGERMAN 
Leningrad Cine-Engineers Institute 
(Received 25 May 1956) 


The electrical] erosion of metals is effected by heat which is transmitted from a discharge 
channel to electrodes. As the pulse energy and duration increase, the erosion increases. 
However, when the pulse is extremely long, erosion ceases through decrease of energy density, 
because of increase of the cross-section of the discharge channel. The dependence of the 
critical pulse energy on the critical pulse duration constitutes a limit to electrical erosion. 
The amplitude and position of maximum erosion, critical energy, critical pulse length, the 
position of the boundary and the zone of preferred erosion depend on the properties of the 
metal of both electrodes, the medium, and to some extent, on the wave form of the pulse. The 
thermal properties of metals determine only the relative resistance of a metal to erosion, and 
together with the polarity co-efficient, the onset of changes of state. 


EFFECT OF ENERGY AND PULSE DURATION ON 
EROSION INTENSITY 


During electrical erosion, cavities form on the 
electrodes having rotational symmetry. The in- 
tensity of erosion is measured by the volume of 
the cavity. In preceding papers [1] it has been 
shown that the diameter of the cavity d is equal to 
the diameter of the discharge channel and is 
given by: 

d=K"KNK, PD =KIK,W" et. (yy 
where K, and K, are coefficients characterizing 
the (wave) form of the energy pulse, K, = P/Py 
where P and Py are the mean and maximum pulse 


powers: ; 
kK, =— (| wih i fas 
. WV 


t is the pulse duration; W is the total pulse 
energy; (Wr) is the pulse energy at time 7 (for the 
normally encountered pulse wave forms, K, varies 
from 0.5 to 0.65, and K, from 0.65 to 0.8); N, n,, 
n, and K, are coefficients characterizing the pro- 
perties of the electrodes and medium in which the 
discharge occurs (K, varies slightly with the dis- 
tance between the electrodes also). They can 
easily be determined experimentally. 

This equation was obtained by transforming 
Drabkina’s equation [2] for the variation of the 
discharge channel diameter with the energy 
liberated in it. Equation (1) has been checked by 
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the author in a number of experiments [9]. It was 
found that it gives a correct relation between the 
cavity diameter and pulse energy and duration. 
The cavity depth h is determined [1] by the 
equation: 
T = (Cy =: 
An 2? 1? K, 


y=b x=1 


j J yf (x) (1 = x) 


mr 
2 


o = 4nt(1 — x) 

Here T is the reduced melting point containing 
the heat of fusion; C is the thermal capacity; y is 
density; A = heat conductivity; p is the mean sur- 
face density of the energy liberated on the elec- 
trodes surface in unit time (power density); b is 
the cavity radius; f(x) is a function describing the 
pulse wave-form, i.e. the dependence of the pulse 
energy on time in relative units. 

Equation (2) was deduced by the author theoreti- 
cally from a consideration of the dynamics of 
energy liberation in the discharge channel, i.e. 
with allowance for the fact that the energy in the 
discharge channel is not liberated instantaneously, 
but over a definite time. This is covered by the 
function f(x). Equation (2) assumes a homogenous 
electrode material and that the thermophysical co- 
efficients do not change with temperature. An 
analysis of this equation shows that the error due 
to this last assumption is small, and considerably 
smaller than the error caused by the non-homo- 
geneity of the electrode material: it does not 
exceed ]—2 per cent for copper or 6 per cent for 


aluminium. 
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To check the equation, a number of experiments [1] 
were carried out with electrodes of various materi- 
als and pulses lasting for 10 to 3 x 10~* sec, 
with energies from tenths to several hundreds of 
joules. With the limits of error, both of calcula- 
tion and of experiment, the measured and calcu- 
lated values of the cavity depth agreed. The ratio 
of the quantity of heat injected into the metal to 
the thermal equivalent of the arc electric energy 
is called the effective efficiency of arc heating. 
According Rykalin [3], for an open welding arc, 
this efficiency varies from 70 to 85 per cent, for 
submerged arc welding from 80 to 95 per cent. It 
increases as the arc length decreases. Welding 
arcs are a few millimetres long while the length 
of the discharge channel in our experiments 
varied from 1—2 to several tens of microns. 

Hence, under electrical erosion conditions, the 
effective efficiency is several units; in calcula- 
tions, the energy liberated at the electrodes can 
be equated to the energy conveyed to the discharge 
channel. Figure 1 shows the results of calcula- 
tion and experiment. 
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FIG.1. Variation of cavity depth with maximum 

pulse power; 1] steel, t = 92 psec; 2 copper, 

t = 37 psec; 3 copper, t = 92 psec; (continuous 

line theoretical curves; broken lines experimen- 
tal curves). 


Equation (2) shows that the cavity depth depends 
on pulse energy and duration and, substantially, 
on its diameter. Increase of the cavity diameter 
increases its depth approximately in the same pro- 
portion. 

In the derivation of (2), a uniform energy distri- 
bution across the discharge channel section was 
also assumed, and no allowance was made for 
widening of the channel during discharge. Thus a 
comparison of cavity depth calculated by (2) with 
actual measurements and also special calculations, 


showed that at a certain cavity depth, these circum- 
stances do not cause considerable error; they are 
important only for a certain cavity shape. Theore- 
tical considerations [1] indicate that the cavity 
shape is determined only by the distribution of 
energy density across the discharge channel sec- 
tion, and the rate at which it widens. Fig. 2 
shows calculated cavity shapes, with allowance 
for discharge channel sidening. Here, also, are 
shown the cavity shapes found experimentally 
under the conditions assumed in the calculation. 
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FIG.2. 1 cavity profile in steel; 2 ditto in copper; 
pulse duration 100 psec. (ful) lines: theoretical, 
broken lines experimental results), 


The similarity between experimental and theoreti- 
cal profiles is reasonably good, and confirms the 
theoretical assumptions. 

Measurements of the profiles of several hun- 
dreds of cavities at positive and negative elec- 
trodes with approximately identical pulse wave 
forms but differing pulse times (from p» sec to m 
sec) and for different total pulse energies (from 
tenths to several hundreds of joules) also con- 
firmed the conclusions about the factors affecting 
cavity shape. Cavity shape can be characterized 
by K, equal to the ratio of the cavity cross-sec- 
tional area to a rectangular area of the same 
height and base. 

The measurements indicated showed that K 
varies between 0.12 and 0.15. From the equations, 
it is evident that the cavity volume depends on the 
total pulse energy, and its duration. Fig.3 shows 
the dependence of the cavity volume at constant 
total pulse energy on pulse duration. As the dura- 
tion increases, the volume increases, passes 
through a maximum and then sharply falls to zero. 
The position of the maximum depends on the total 
pulse energy, the material of both electrodes, the 
properties of the medium, and to some extent on 
the form of the pulse. The greater the total pulse 
energy, the greater the puise duration at which the 
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maximum cavity is obtained or at which erosion 
ceases. 
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FIG.3. Variation of cavity volume with pulse 
duration, constant total energy. 1-3 J, 2-30 J, 
3-300 J, theoretical curves for steel; 4 positive, 
5 — negative polarity, experimental data of 
Zolotykh for copper with w = 0.25 J. 


The first 3 curves were obtained theoretically for 
steels with copper electrodes in glycerine, with 
total pulse energies of 3, 30 and 300 J, having a 
wave form normal for electro-erosional machining 
of metals, as shown in Fig. 4. Curves 4 and 5 
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FIG.4. Pulse wave-form in electro-erosiona]- 
installations. P (t) or in relative units f(x). 
P = power, ¢ = time. 


(Fig. 3) were constructed from Zolotykh’s experi- 
mental data for copper electrodes in kerosine, 
with a rectangular pulse having a total energy of 
0.25 J. Experimental and theoretical curves are 
completely identical in form. 

Great increase of pulse duration stops erosion, 


since it causes a great growth of discharge 
channel cross-section and therefore decreases the 
energy density. Decrease of energy density dec- 
reases the cavity depth h. The energy density in 
the heat source at which erosion ceases, i.e. at 
which f = O, will be called the critical energy 
density. 


CRITICAL ENERGY DENSITY 


The critical energy density i.e. the energy con- 
veyed to the electrodes’ surface per second is 
given by (2) by putting h =O in it. Let us intro- 
duce the following notation: 


m 
x 


A = {7000-21 Fen —a ) dz, (3) 


Cy (h* + y?) (4) 


m= 
4ht 


6 
B fA) ydy. (5) 
0 


From (3) we see that A depends only on m, and 

the pulse wave form f(x). Fig. 4 shows the profile 

of f(x) typical for ordinary electrospark installa- 

tions. For this curve, K, = 0.554 and K, = 0.785. 
a 

2} 
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FIG.5. Variation of A withm. 


Fig. 5 shows the variation of A with m for the in- 
dicated wave form. As m increases, A decreases 


towards zero. Ath =O, 

l 3 b 

) oe - =» Py? 
Age (fl - x? a dx. (6) 
where 


(7) 
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and ¢j is the critical pulse duration at which 


erosion ceases. 


Fig.6 shows a plot of Aj against y for & = 1, 


[2.3 
i 

A, = {foc - x) 
0 

Here we introduce B, defined by: 


b 
B, = {Ady 
0 


“s H—\dx. (g) 











FIG.6. Variation of A, and B, with y. 


From Fig. 6 it can be seen that B, tends to a limit 
at y = 2 of B,= 0.327. At another value of k, the 
curve for A remains unchanged being simply stret- 
ched out along the abscissa. The slope of the 
straight line y changes K times also, and therefore 
B is multiplied by &?. 


Thus Bnk = 0.327/k? (10) 


By putting Bj into (2), we obtain an expression 
for the critical power density Pj: 


P,=3,06n?K, (Cy)? GT. = (LD) 
The critical energy density is: 
$ = 3,06x! K, (Cyt,)? T. (12) 
The coefficient in front of the bracket charac- 


terizes the pulse wave form. For another wave 
form, the coefficient will have a different value. 


LIMIT OF ELECTRICAL EROSION 


The total critical pulse energy: 
W, = 0,76n? K,d* (CyMt,)? T. 
If we insert into this the value of d from equation 
(1), we obtain: W,= (13) 
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FIG.7. Limits of electrical erosion of metals: 

dependence of total critical pulse energy on pulse 

duration at which erosion ceases: ] steel; 2 brass; 

3 copper. (experimental data: A copper, y steel, 

both metals paired with brass. Figures denote 
erosion probabilities). 


Fig. 7 shows the variation of Wi with ¢j, for three 
pairs of metals: steel-brass; steel-copper, and 
copper-brass. In this diagram, the region above 
the line indicates positive electrical erosion and 
that below the line is the region of no erosion. 
The line is therefore the boundary of electrical 
erosion for the given metal in the given concrete 
conditions. 

A theoretical consideration indicates that the 
limit of electrical erosion is not a line, but a more 
or less wide strip. This strip is composed of lines 
each of which corresponds to a definite erosion 
probability. The upper limiting line has a 100 per 
cent erosion probability, meaning that each pulse 
of the given energy and duration causes erosion. 
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The lower boundary line of this strip is for zero 


probability, meaning that no pulse produces erosion. 


Between them lie lines with probabilities between 
zero and unity: only part of the pulses cause 
erosion. 

Fig. 7 contains experimental data for steel and 
copper, paired with brass, obtained under the con- 
ditions assumed in calculating the ¥},/t; variation. 
The figures at the points indicate the probabilities 
found experimentally. It will be seen that the ex- 
perimental data confirm the theoretical considera- 
tions. The theoretical boundaries for steel and 
copper under these conditions pass through the 
point with a probability of 40-70 per cent. Experi- 
ments showed that with pulses lasting about 400 
p sec, erosion of steel paired with brass in glycer- 


ine decreases as the total pulse duration decreases. 


Erosion ceases at 0.25 J pulse energy. 


EROSION RESISTANCE OF METALS 


From (13) we see that the thermal properties of 
the metal determining the boundary position are 


the complex: 


D=CyaT? (14) 


(An expression for D can also be obtained from 
a criterion of phase transformations proposed by 
Palatnik [7]). This quantity, which can be called 
the electro-erosional coefficient, is one of the 
characteristics of the electro-erosional resistance 
of a metal. The greater it is, the greater the 
energy necessary for erosion. Consequently, for 
the same energy, the volume of material removed 
will be less, the greater D. However, the thermal 
properties determine only the relative position of 
two metals in a pair. The absolute position of the 
boundary is determined both by the electro-erosion- 
al coefficient and the coefficients k,, n,, and N 
which depend on the material of both electrodes 
and the medium in which discharge occurs. Also, 
the absolute position of the boundary to some ex- 
tent depends on the pulse wave form. 

The erosion conditions, together with the therm- 
al properties of the metal determine the absolute 
position and shape of the boundary. Each metal 
has several such boundaries. In Fig. 7 to each 
metal there are two boundaries, for each of the 
conditions examined. Hence, the position of the 
boundary or the electro-erosional resistance of 
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the metal is relative and is not an absolute charac- 
teristic of a metal, as is clearly visible from Fig.7. 
Thus with a pulse lasting 0.001 sec. copper paired 
with brass has a lower erosional resistance than 
copper paired with copper. However, the erosional 
resistance of brass paired with steel is higher 

than that of copper in the same pair. The erosion- 
al resistance also depends on the pulse duration. 
The erosional resistance of brass paired with cop- 
per is always lower than that of copper paired with 
copper. The resistance of brass paired with steel 
is higher than that of copper paired with brass for 
pulses lasting 0.001 sec. and below the resistance 
of copper/copper for pulses lasting 0.0001 sec. 

If under these energy conditions there is no erosion 
of metal, erosion can be caused by changing the 
electrode pair or the medium. 

What has been said about electro-erosional resis- 
tance of metals is true for mean pulse energies 
from a few tenths to several hundreds of J. At 
small and large pulse energies (for steel below 
0.6 and above 20 J) the resistance depends also 
on the electrode polarity, as was shown previously 
[5]. At low energy, the anode is preferentially 
attacked, at high energies, the cathode. 

To calculate the polarity effect, the polarity 
coefficient K, must be introduced into (2), and into 
(13) -4(1 + K,) for the anode and (1 + K,)/2K, for 
the cathode. For the negative electrode at small 
energy K, <1, at large energy K,>1. For the 
positive electrode, the position is the opposite. 


ZONE OF PREFERRED EROSION 


The boundaries for two metals of one pair do 
not coincide. They delineate a zone, the energy 
width of which is proportional to the difference in 
the electro-erosional coefficients of the metals 
and depends on the conditions. The width of the 


zone is: 
1 1 


AW = 4,31?" (K, K2N K3)- 2 





1 1+4N 


1 
(p37 in p-4m (15) 


Points in this zone characterize energy conditions 
in which the metal having the lower boundary is 
eroded, and the metal having the upper boundary 
is not. This zone may be called the zone of pre- 
ferred erosion. It therefore has a definite tech- 
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nological value. The wider it is, the greater its 
technological value. It can be widened, as can be 
seen from (15), either by changing the electrode 
pair, or by changing the medium. However, when 
these changes are made, the zone is either lifted 
or depressed. 

Since the electrical erosion boundary is actually 
not a line but a strip, in the zone of preferred 
erosion the strips may overlap. But all the same, 
in this part of the diagram we find the energy con- 
dition for preferred erosion of the electrode having 
the lower boundary. Erosion is determined here 
by the volume of metal removed. 

The existence of a zone with preferred erosion 
is confirmed by Livshits [6] finding that in making 
slots 12—15 mm deep, 0.6 mm wide and about 80 


mm long, the electrode wear was practically zero. 


ONSET OF CHANGES OF STATE 


The destruction of both electrodes does not 
always start simultaneously, and the ratio of the 
periods to onset of electrode destruction can be 
determined as follows. If the ratios between the 
energies transmitted to cathode and anode is K,, 
and quantities relating to anode and cathode are 
denoted by the subscripts a and &k, then (12) 
becomes: 

$= + * 3,06K, [scyAT9)\k #7} = 


/ 


=—+** 3,06K, (RCyAT)} £7). 
2K4 


Here = ta /t, == K2(CyAT*), / (CyAT*)p (16) 


Equation (16) is the ratio between the times 
necessary for onset of fusion or vaporization of 
cathode and anode. In the first case 7 is the re- 
duced melting point containing the heat of fusion. 
In the second case, T is the reduced boiling point. 
However, here the ratio may be very approximate, 
since in the deduction of the equation, no allow- 
ance was made for the discontinuous change of 
thermophysical properties in changes of state. 
Hence, from (16) one can determine at which elec- 
trode a change of state will start first. (K, = 1). 
The criterion of changes of state was found by 
Palatnik [7] and Gusev [8]. 


THE RANGE OF APPLICATION OF THE EQUATIONS 


The variation of B with y has a definite physi- 


cal meaning. The existence of a limit for B indi- 
cates that the temperature of a point in an elec- 
trode is determined by the area of the circle on 
the heat source subtended by the point. The rest 
of the area of the source outside this circle has 
practically no effect on the points temperature. 

From Fig. 6 it can be seen that above y = 1.5, 
B is practically constant. Consequently at & =1, 
the radius of effective area is 1.5 cm. Since when 
k changes the abscissa scale changes in propor- 
tion to it, the effective area radius ye is: 


Ye = 1.5/k = 3(At/Cy)” (17) 


It can be seen that the radius of the effective 
area depends only on the thermal properties of the 
metal and the pulse duration. 

Equation (11) and the succeeding equations were 
deduced on the assumption of a limiting value of 
B. Consequently, they are valid if the radius of 
the discharge channel is greater than or equal to 
the radius of the effective area, of d/2 > ye. In 
the following Table we show effective area radii 
for some metals for different pulse durations. 





Effective 
area radius 





Steel 


Copper 


Aluminium 

















ELECTRO-EROSIONAL PROPERTIES OF METALS 


The effective area radii of different metals 
under all conditions are usually fractions of the 
discharge channel radius. This indicates that in 
practice there are no limits to our deductions. 
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INVESTIGATION OF THE EFFECT OF RELATIVE CRYSTAL ORIENTATION 
ON PHENOMENA OCCURRING AT GRAIN BOUNDARIES - II * 


THE EFFECT OF MUTUAL CRYSTALLITES ORIENTATION ON THE 
CONCENTRATION DISTRIBUTION IRREGULARITY OF THE SURFACE-PHILIC 
ADMIXTURE OF ANTIMONY TO COPPER ** 


V.I. ARKHAROV and A.A. PENTINA 
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(Received 10th February 1957). 


The present investigation is concerned with a further development of the concepts of in- 
ternal adsorption and distribution of surface-philic admixtures within crystallographically 


different grain boundaries. 


In earlier work on grain boundary segregation a study was made mainly of the general 
nature of the effect in terms of the metallographic picture of a tracer element diffusing from 
the surface into an alloy, the alloy containing a constituent which segregates preferential- 
ly, at grain boundaries, or of the overall effect of the phenomenon, as judged in terms of 
changes in the crystalline lattice parameters of the alloys during grain size variation. 

On the other hand, in the present investigation, a study is made of the individual 
specific boundaries between crystals with definite orientations. 

The character of the strains in a grain boundary [ 2] depends on the orientation of the 
component crystals and, consequently, on the excess energy, which controls the segregation. 
The purpose of this investigation was, therefore, to determine quantitatively the effect of 
boundary misorientation on the distribution segregation of a material which preferentially 


segregates at grain boundaries. 


DEFINITION OF THE PROBLEM AND THE 
CHOICE OF TEST ALLOY 


Let us survey briefly the literature on the 
effect of crystal misorientation on boundary 
energy and boundary diffusion. 

1. A relationship was deduced [3-7] between 
“surface energy” (we consider it more correct 
to refer to it as “excess energy of the grain 
boundaries”) andthe boundary misorientation 
for boundary angles not exceeding 50°. This 
dependence is characterized by an increase in 
the excess energy of the grain boundaries, 


ranging from zero to a maximum corresponding 


to a definite value of the boundary angle. 

2. A dependence as observed[8-12] between 
the velocity of diffusion along grain boundar- 
ies (characterized by the “penetration” depth) 
and the misorentation angle (A 6) of adjacent 
grains. 

3. A relationship was found (13) connecting 
the extent of segregation in ageing alloys and 





* Fiz, metal. metalloved. 5, No. 1, 68-73, 1957. 
[ Reprint Order No.5 POM 10]. 


** See previous article in this series. 


the angle A 6, which also points to a change 
in the diffusion velocity with variation in A 6. 

The problem confronting us in this investi- 
gation was approached from the angle of elu- 
cidating the quantitative dependence of the 
metallurgically observed rate of boundary dif- 
fusion of a tracer-element (Ag), diffusing from 
the surface, into an alloy (Cu-Sb) containing a 
constituent which segregates preferentially at 
grain boundaries (Sb). The diffusion was studied 
along the grain boundaries, as a function of the 
boundary misorientation. 

The above three elements were chosen on the 
following grounds. 

The assumption of the antimony’s tendency 
toward boundary segregation with respect to 
copper was confirmed by a series of experimen- 
tal results (in addition to the relationship of 
surface tension values in the liquid state). 

In investigations of Arkharov and Goldstein 
[14], an essential difference was found between 
the metallographic pictures of silver diffusing 
in pure copper, and in copper containing 0.35 
per cent Sb. While in the first case, a con- 
tinuous diffusion front was observed, which 
had no significant differences in the body of 
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the grain and at its boundaries, in the latter 
case, the presence was noted of a clearly 
defined boundary diffusion effect: the diffusion 
of Ag along the grain boundaries in an alloy of 
Cu + 0.35 per cent Sb is characterized by the 
front edges lying far ahead of the continuous 
diffusion front in the body of the grains. 

In Nemnonov’s work [15], on the determin- 
ation of the effect of small antimony additions 
on the diffusion velocity of zinc in polycrystal- 
line brass, a small increase in the diffusion 
rate was observed, depending on the grain 
size; this effect can be explained by assuming 
that antimony tends to segregate at grain boun- 
daries. 

Maclean [16] and Hopkin [17] investigated 
inter-crystallite brittleness in Cu - Sn alloys 
containing small amounts of Sb (the first author: 
at low temperatures, and the second author: at 
low and high temperatures). This effect can also 
be explained by grain boundary segregation of 
antimony in copper (none of the above authors 
quotes any references to an earlier work by 
Arkharov, Goldstein and Nemnova, and theyrefer to 
this phenomenon by a term that is altogether not 
accurate: “segregation without deposition”). 

Arkharov and Skorniakov [18] found that the 
lattice parameter of the Cu + 0.2 per cent Sb 
alloy in a coarse crystal state is greater than 
that in the fine crystal structure, and that it 
varies inversely with the grain size. These 
results, obtained by X-ray analysis, confirm 
again the grain boundary segregation behaviour 
of Sb with respect to copper. 

The inhibiting effect of an antimony addition 
on the recrystallization of copper, as already 
mentioned in the first part of the present in- 
vestigation [1], indicates als othat there is ad- 
sorption of antimony on copper grain boundaries. 

Silver was chosen to indicate boundary 
segregation of Sb in Cu, because the diffusion 
velocity of silver in Cu - Sb alloy with a larger 
concentration of antimony (2 - 5 per cent), is 
essentially higher than in pure copper, as it was 
found in investigations by Arkharov and Goldstein 
[14]. Therefore, in an alloy of Cu - Sb containing 
a small Sb addition, the diffusion of silver along 
the grain boundaries should be much more 
intensive, since there the concentration of an- 
timony is higher than in the grain volume. 


EXPERIMENTAL PROCEDURE 


The experimental procedure used was described 
fully in the previous article [1]. The copper used 
was’ 99,99 per cent pure, and antimony - 99,97 
per cent; the test alloy prepared contained 0.25 
per cent Sb. 

The orientation of the grains of the test-speci- 
mens was such that (101) planes were parallel to 
the external surface within a scattering angle of 
8°. Test-specimens for diffusion investigations 
were prepared both by the method of silver de- 
position on Cu - Sb alloy plates (electrolytically, 
or by deposition under vacuum from the vapour 
state), and by pressing together severai alter- 
nating plates of silver and copper (or silver and 
Cu - Sb alloy). 

The diffusion annealing was done at the temper- 
ature of 650°C. This temperature was found to be 
the optimum one. There is then no danger of 
grain boundary melting setting in. It should be 
remembered that, during silver diffusion in the 
grain boundaries in the Cu-Sb alloy, the boundaries 
are in the form of a ternary solid solution, whose 
melting point temperature is considerably lowered 
in comparison with those of the binary solid 
solutions of Cu-Sb, Cu-Ag and Ag-Sb alloys with- 
in the concentration range of interest to us in 
this case. At the same time, this melting point 
temperature is sufficiently high for ensuring a 
noticeable diffusion mobility of silver. 

The annealing for the various tests was done 
either in vacuum (107 to 10-* mm Hg) or in 
graphite powder. The annealing duration was 
600 hr. 

The values observed for the depth of silver 
penetration along the grain boundaries (b) were 


compared with the misorientation of the grains 
at the boundary. The misorientation was deter- 
mined according to the angle A @ between the 
directions in which the axis (100) was found to 


lie in each grain of a pair. For the test-specimens 
used in the present tests, these directions were 
found to lie, for all grains, in a common plane 
parallel to the specimen external surface, none of 
the variations exceeding 8°. 

By taking into account the depth of silver pene- 
tration in the body of the grains (thickness of 
continuous diffusion zone b,), we constructed 
graphs showing the dependence of 6 on A@. Such 


curves were obtained for numerous test-series, 
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the results of which were found to be fully com- 
parable from the qualitative viewpoint (in all, 
15 test-series were carried out). 

It should be noted that, in the tests on rolled 
test-specimens, it was found that with greater 
misorientation angles (A@>70°), in the majority 
of cases a reduction was present in the texture 
perfectness with regard to the parallelism of the 
(101) faces of the surface grains, so that this 
face, in such grains, was at an angle of 16 - 20° 
with the test-specimen surface. It is because of 
this, that a comparison of results from the 
measurements of the effect along the boundaries 
between this type of grain with those obtained for 
less misoriented grains, in which the (101) face 
is nearly parallel to the external surface, was 
made rather difficult. No such difficulty was en- 
countered, however, with the electrolytic copper, 
the structure of which was such that the plane 
(101) in its grains was arranged parallel to the 
external surface, just as in the rolled specimens, 
but owing to the axial nature of the texture, in 
the electrolytic copper the range of the mis- 
orientation angle values A@ could be extended 
up to 90° without increasing the grain scattering 
angle, which in this case did not exceed 8°. 5a 


FIG. 1. Annealing at 650°C for 600 hr. alloy of 
Cu + 0.25 per cent Sb J 
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In the tests with electrolytic copper, the Cu-Sb 
alloy was obtained by annealing copper test- 
specimens (2-3 mm thick) in quartz ampules 
undef vacuum, together with the calculated amount 
of antimony at a temperature of 800°C, during 
200 hr. The actual concentration of antimony in 
copper, that could be achieved in this way over 
the whole test-specimen thickness, was 0.2-0.3 
per cent, as it was confirmed by chemical analysis 
results. With regard to the other experimental 
details, the tests on electrolytic copper were 
done using exactly the same test method as with 
the rolled material. 


EXPERIMENTAL RESULTS 


The combined curves for the dependence of b 
on A@ are shown in Fig. 1 and 2 for the Cu - Sb 
test-specimens of the rolled and electrolytic 
types, respectively; Fig.3 shows the same de- 
pendence for the pure copper, used as a basic 
material for the preparation of Cu - Sb alloys for 
the rolled test specimens; in Fig. 4 - the same 
dependence is given for the electrolytic copper. 

It follows from Fig. 1 and 2 that the metal- 
lographically determined grain boundary diffusion 


FIG. 2. Annealing at 650°C for 600 hr. alloy of 


Cu + 0.25 per cent Sb 
(Copper of electrolytic origin). 
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FIG. 3. Annealing at 650°C for 600 hr. pure 
rolled copper. 














FIG. 4. Annealing at 650°C for 600 hr. pure 
electrolytic copper. 


of silver in the alloy containing Cu + 0.25 Sb 
takes place at a much more intensive rate than 
is the case with volume diffusion in the same 
alloy, and that it depends in a definite way on 
the relative grain orientation. 

The depth of silver penetration into the body 
of the alloy grains is 25p. The curve of silver 
penetration along the alloy graim boundaries in 
function of grain misorientation, passes through 
two maxima (at 350 and 260) for A @= 35 and 
75°, respectively, and has a minimum value 
(~ 30p) for A@ = 56°. Tests on silver diffusion 
in pure copper lead also to a definite relation- 
ship between the depth of silver penetration 
along the copper grain boundaries and their mis- 
orientation. This result is analogous to that 
obtained by Smoluckowski and his co-workers 
(2, 8-11] in columnar, polycrystalline copper. 
The difference in the copper texture character 
as found in our and Smolukhovski’s experiments 
influenced the nature of the relationship between 
b and A@. In Smolukhovski’s tests [8-1] ], the 
texture was characterized by the positioning of 
plane (100) along the columnar direction (this 
is, along the diffusion direction), whereas in 
our case, the corresponding plane was (101). 

In investigations [8-9], the maximum in 
silver penetration depth was found to cor- 
respond to A@ = 45°, that is, a 90° periodicity 
was observed in the relationship of 6 in 
function of A 6, which is clearly because the 


(100) plane has a 4- fold axis of symmetry. 
In our tests, two maxima were obtained for 
pure copper (Figs. 3 and 4), corresponding to 
30 and 60°, as well as a minimum at 45°, as a 
result of the fact that the plane (101) has a 
2-fold axis of symmetry and, therefore, the 
periodicity in the relationship between b and 
A@ is 180°. 

A comparison of the data obtained by us for 
inter-crystalline diffusion of silver in the alloy 
of Cu + 0.25 Sb and in pure copper, shows that: 
firstly, values of the silver penetration depths 
(6) along the alloy grain boundaries are consider- 
ably increased, as compared with pure copper; 
secondly, this increase is particularly big for 
the maxima of 6 (350 p for the alloy and 50 p 
for copper); 
thirdly, the positions of the maxima and minima 
in the scale of A@ coincide for both the Cu-Sb 
alloy and pure copper: in the case of the alloy, 
the maxima were observed at A @ = 35 and 75°, 
and with copper - at 30 and 60°; the minima are, 
correspondingly, at A@ = 56 and 45°. These 
positions were obtained in a test series on 
various test-specimens (both, cast and rolled, 
as well as electrolytical). 


EVALUATION OF TEST RESULTS 
AND CONCLUSIONS 


The effect of boundary misorientation on the 
degree of irregularity of boundary diffusion, a» 





56 Crystal orientation at grain boundaries — I/ 


observed in the present test-series, points to a 
non-uniformity of antimony concentration dis- 
tribution in grain boundaries with different mis- 
orientations. 

In agreement with the accepted ideas as to 
the nature of grain boundaries, a change in the 
misorientation angle is associated with a modi- 
fication in the character of the strains in the 
boundary region, which represents a transition 
zone between the crystalline lattice of one 
grain and that of another, and, consequently, 
there is also a change in the boundary excess 
energy, which controls the boundary segregations 
of an added constituent which tends to segre- 
gate [19]. 

Therefore, the degree of boundary misorien- 
tation determines, also, the amount of added 
constituent that can be adsorbed in the grain 
boundary. This difference in segregation by 
various grain boundaries is thus responsible 
for a non-uniform diffusion of silver in the Cu-Sb 
alloy. 

Because of an accelerating effect of antimony, 
dissolved in copper, on the diffusion rate of 
silver in the solid solution, the extent of silver 
diffusion into the Cu + 0.25 Sb solid solution is 
much greater than in the case of silver diffusion 
in pure copper, because in this latter case, the 
diffusion irregularity is conditioned only by dif- 
ferences in the excess energy in grain boundaries 
with different degrees of boundary misorientation. 

The character of strains in boundaries, which, 
in comparison with the grain body diffusion, 
brings about a certain acceleration of silver dif- 
fusion in the zones, differs quite clearly in pure 
copper from the analogous strains occurring in 
the Cu-Sb alloy, since in this latter case, a 
greater antimony concentration is introduced 
into the boundary by the adsorption mechanism. 

Modifications introduced in this way into the 
nature of strains in the boundaries with a given 
type of grain misorientation, are thus responsible 
for the displacement in the positions of maxima 
and minima in the curves of b = f (A@ ), for the 
case of silver diffusion in the Cu + 0.25 Sb 


alloy, as compared with the diffusion in pure copper. 


In our opinion, the above conclusions are near- 
est to the truth, but further investigations are 
required and, first of all, the collection of 
similar experimental data for other alloys, be- 
fore the problem can be finally solved. 


Translated by H. Cygielski 
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AN INVESTIGATION OF HIGH TEMPERATURE OXIDATION OF SOME 
IRON - TUNGSTEN ALLOYS * 


Yu. D. Kozmanov A.M. Gorbu Urals State Universities 
(Received 12 October 1956) 


A study is made of iron-tungsten alloys (up to 60 per cent W) oxidation kinetics. 
The phase composition of scale is determined, and a mechanism suggested for the 


oxidation of the alloys investigated. 


Many tungsten-containing heat resisting alloys 
are known at present. In some cases, while increas- 
ing the high-temperature strength of alloys, tungs- 
ten appears to be the cause of a rapid reduction in 
their heat stability [1]. In order to gain a better 
understanding of the oxidation mechanism in the 
poly-component alloy systems containing tungsten, 
it is of interest to study binary alloys, and especial- 
ly iron-tungsten alloys. In L. Pfeil’s study [2], re- 
sults are given of the chemical analysis of scale 
formed on steel containing 5 per cent of tungsten. 
From the results, it follows that tungsten (in com- 
bined form) concentrates in the internal scale 
layer. Scheil and Kiwit [3] noticed that the oxi- 


The purpose of the present work was to investi- 
gate the effect of tungsten addition on the heat re- 
sistance of iron and to elucidate the oxidation me- 
chanism in iron-tungsten alloys. 


MATERIALS FOR THE INVESTIGATION AND 
EXPERIMENTAL PROCEDURES 


The study was made on iron-tungsten alloys, with 
nominal tungsten contents of 5, 9, 16 and 60 per 
cent. Chemical composition data for the alloys are 
given in Table 1. 


The alloys containing from 5-16 per cent tungs- 
ten, were forged and then subjected to vacuum ho- 


TABLE 1. Chemical composition of the iron-tungsten alloys investigated 





Chemical composition (%) 





Alloy 
W 





4.52 
9.02 
16.25 
60.03 


Fe—W—5 
Fe—W—9 
Fe—W—16 
Fe—W— 60 





dizability of an iron-tungsten alloy (4 per cent W) 
is less than that of pure iron, if the oxidation is 
carried out at a temperature lower than 1100°C. At 
1100°C the oxidizability of the alloy is the same 
as that of pure iron. No systematic investigation 
of the oxidation kinetics was undertaken in their 
investigation [3]. It is noted, however, that tung- 
sten concentrates in the internal scale layer in 
the form of the compound Fe0.WO,. A certain non- 
uniformity is also noticed in the oxidation front, 
this is, we are dealing here with “internal” oxida- 


tion. 





* Fiz. metal. metalloved. 5, No.1, 74-81, 1957 
[Reprint Order No. 5 POM 11]. 











mogenization at a temperature of 800°C for a period 
of 50 — 100 hr. The FeW-60 alloy (the commercial 
ferrotungsten) was not homogenized. Specimens of 
this alloy, in the “as delivered state” were used 
for testing. In this condition, the alloy represents 
a multi-phase system, which consists of tungsten, 
solid solution of tungsten in iron and of an inter- 
metallic compound Fe,W (Fig.1). 

From the homogenized blocks of the alloys with 
5 — 6 per cent W, test-specimens were then pre- 
pared in the form of rectangular parallelepipeds 
with an area of about 700 mm?. Specimens in the 
Fe-W-60 alloy had a smaller surface area (of up to 
300 mm?). Before oxidation, the specimens were 
polished with 5/0 emery paper and the surface was 
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then degreased by washing with alcohol and ace- 


tone. 


FIG. 1. Microstructure of ferro-tungsten alloy, 
Etched with a 5 per cent solution of alcoholic 


HNO, (X 112) 


Kinetics of the alloy oxidation processes were 
studied by the method of continuous weighing with- 
out removing the specimens from the furnace during 
oxidation. The weighing was done by means of an 
analytical balance, equiped with an air damper, 
(ADV — 200 type). The weighing accuracy was 
about + 0.5 mg. This degree of accuracy was suf- 
ficient for our purpose since the alloys investigated 
have a rapid rate of oxidation and the oxidized 


FIG. 2. Shape of “oxidation product” for the 
iron - tungsten alloy (60 per cent W) 


specimens had a large surface area. In order to 
provide a check on the experimental procedure, oxi- 
dation tests were also carried out on Armco iron at 
the temperatures of 700, 800 and 1000°C, and a re- 
lationship deduced for the rate of oxidation with 
time, which is in the form: W” = kt, where n = 

2.0.+ 0.1. 

In addition to studying the oxidation kinetics, 
an investigation was also made of the external 
characteristics of scale and of its phase compo- 
sition. In some cases, metallurgical examination 
was made together with grain structure studies. 


EXPERIMENTAL RESULTS 


External characteristics of scale The external 
appearance of the iron-tungsten alloys test-speci- 
mens (up to 16 per cent W), after oxidation at tem- 
peratures of 700 — 1000°C did not differ from pure 
iron test-specimens oxidised under the same con- 
ditions. This applies also to Fe-W-60 alloy test- 
specimens, if the oxidation temperature is below 
750°C. In the case of oxidation of the Fe-W-60 al- 
loy test-specimens, prepared in the shape of a 
rectangular parallelepiped, the “oxidized material” 
produced at a temperature of 750 — 1000°C has a 
characteristic shape (Fig. 2). The same shape of 
oxidation product is obseved with pure tungsten 
[4,5]. 

Scale phase composition The presence of the 
following oxide phases was detected by X -ray 
analysis in the scale of iron-tungsten alloys: 


FeO, Fe,0,, Fe,0, and FeWO,. These phases form 


FIG. 3. Irregularity of the oxidation front and 
sub-scale formation in FeW- 16 alloy 


(900°C, 20 hr.); (X 140) 


a three-layer scale. The external scale layer con- 
sists of Fe,0,, the middle one of Fe,O, and the in- 
nermost one of a mixture of ferberite (FeWO,) and 
a large amount of wustite (FeO), the amount of 
wustite being lower the higher the tungsten con- 
tent in the alloy and the lower the oxidation tem- 
perature. For alloys containing from 9 to 16 per 
cent W, there was observed a characteristic pre- 
sence of an irregular, wave-like oxidation front, 
and of a “sub-scale” formation (Fig. 3). 

The scale of the FeW-60 alloy formed at the 
oxidation temperature of 700°C, consists of Fe,0, 
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(external scale layer), Fe,0, (middle layer) and oxidation time is plotted on the axis of abscissae, 
FeWO, (innermost layer). and on the ordinate axis the log of the specimen 
Starting with an oxidation temperature of 75u — gain in weight (mg/cm?). It follows from the graph 
800°C , the basic scale mass (innermost layer) that the oxidation of the FeW-5 alloy obeys an oxi- 
consists of a mixture of ferberite and tungsten dation law of the type W" =xt where n = 1.6 — 1.4. 
trioxide. The external layer consists of Fe,WO,. The temperature dependence of the oxidation velo- 
For oxidation temperatures between 900 — 1000°C, city constant is in the usual exponential form 
the scale formed on FeW-60 alloy shows a notice- (Fig. 5). 
able degree of porosity. In this case, the scale In Fig. 6 are shown kinetic curves for the alloy 
consists of a mixture of Fe,WO, and WO,,. FeW-9. The curves obtained for FeW -16 alloy 
Oxidation kinetics of iron-tungsten alloys In- have a similar form. However, the oxidation law 
vestigations of the kinetics of iron-tungsten al- obeyed by these alloys is somewhat more complex. 
loys oxidation were done in the temperature inter- In the case of alloys containing 9 and 16 per cent 
val of 700 — 1000°C and with oxidation duration up W, the value ofnvaries within a characteristic, wide 
to 63 hr. Kinetic curves were obtained for three to range (from 1 to 3), which points to a change in the 
five specimens at each temperature point. Varia- oxidation law with a change in temperature, and in 


TABLE 2. Oxidation data for iron-tungsten alloys 





Gain in weight (mg/cm*) for oxidation duration of 
Alloy Temperature 


(C) 1 hr 18 hr 
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tions were found in the absolute rate of oxidation some cases, also, with a change in the duration of 

(sometimes up to 20-40 per cent) from one test- the oxidation period. In table 3 are shown values 

specimen to another, but the general character of of n and «x for the alloys investigated. 

the oxidation law was reproducible. Results ob- It follows from the kinetic curves in Fig. 7, that 

tained in studying the kinetics of oxidation are the FeW-60 alloy oxidation at a temperature of 

shown in Tables 2 and 3 and in Figs. 4-6. 700°C conforms to a parabolic law, and in the tem- 
The results of FeW-5 alloy oxidation kinetics perature range of 750 — 1000°C, obeys a linear law 

at the oxidation temperatures of 700, 800 and with respect to the time of oxidation. 

1000°C are given in Fig. 4. Ilere, the logarithm of In Table 2, a comparison is made of the oxidiz- 
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FIG. 4. Dependence of the logarithm of specific 
gain in weight of FeW-5 alloy test specimens 
on the logarithm of oxidation time 


ability of ferro-tungsten alloys with that of Armco 
iron (data for the Armco iron were obtained under 

exactly the same conditions as those for the ferro- 
tungsten alloys). Since the duration of Armco iron 
oxidation tests did not exceed 8 hr, values for the 
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FIG. 6. Dependence of logarithm of specific gain 
in weight of FeW-9 alloy test-specimens on the 
logarithm of oxidation time 


\rmco iron oxidizability at longer time intervals 
were obtained by extrapolation. Such values are 
indicated in Table 2 by a (+) overscript. It is 
clear from Table 2, that the oxidizability of iron 
alloyed with W (up to 16 per cent W) is reduced, 
especially in the temperature interval of 700 — 
800°C. The most effective in this respect is a 5 
per cent addition of W. Alloys containing from 9 — 
16 per cent W differ but little in their heat resist- 
ance. The oxidizability of the FeW-16 alloy during 
a period of 1 hr at a temperature of 700°C, is 40 
times lower than the oxidizability of iron, and 19 
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FIG. 5. Temperature dependence of FeW-5 alloy 
‘oxidation velocity 


times less at the oxidation temperature of 800°C. 
With increasing oxidation temperature, the oxidiz- 
ability of alloys containing up to 16 per cent W ap- 
proaches the oxidizability of iron: at a temperature 


of 1000°C, the oxidizability of the FeW-16 alloy 
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FIG. 7. Dependence of logarithm of specific gain 


in weight of the FeW-60 alloy test-specimens on 
the logarithm of oxidation time 


is only 6 times less than that of iron. The results 
obtained in short duration oxidation tests (1 hr) at 
a temperature of 1100°C showed that the iron-tungs- 
ten alloys have, at this temperature, an oxidizabi- 
lity that is practically identical with that of Armco 
iron. 


Because the oxidation of iron-tungsten alloys, 
as distinct from iron, follows a different oxidation 
law with increasing oxidation duration, the abso- 
lute increase in weight occurring over a unit area 
of the oxidized test-specimen surface, aprroaches 
that of the Armco iron. For the same FeW - 16 alloy 
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TABLE 3. Values of the degree of oxidation index n and of the oxidation 
velocity constant k for the alloys of iron with tungsten 





Temper- 
ature 


(°C) 


Alloy 


Oxidation interval in which 
the oxidation law holds (hr) 





700 
800 
900 
1000 


Fe—W—5 


0<t<20 





700 


U<t<18 
I8<t<63 





800 


0<t<6 
6<t<20 





900 
1000 


0<t<20 
0<t<6 





700 


0<t< 6 
6<1t<20 





800 


O0<t< 4 
4<t<48 





900 


O0<t< 2 
2<t<18 














0<t<18 








oxidized for 20 hr at a temperature of 700°C, the 
oxidizability is 20 times lower than that of iron, 
and it becomes only 2.5 times lower at an oxidation 
temperature of 1000°C. 

In Scheil and “iwit’s(3] investigations, already 
mentioned, data are given for the FeW alloy oxidiz- 
ability (4 per cent W) at temperatures of 900° and 
1000°C and for oxidation intervals of 15 hr and lhr 
30 min, respectively. According to these data [3] 
the increase in weight under such conditions, 
amounted to 87 and 58.7 mg/cm’, respectively, 
whereas the corresponding figures as obtained in 
out tests for the 5 per cent W alloy, are 69 and 
33 mg/cm?. 

In the case of FeW -60 alloy, a protective scale 
layer forms only at a temperature of 700°C, and 
the oxidizability of this alloy is then lower than 
that of Armco iron and tungsten [6]. At higher oxi- 
dation temperatures, the alloy oxidises very rapid- 
ly and the oxidation follows a linear law, this is, 
the scale has no protective characteristics, so 
that the alloy loses its heat resistance extremely 
fast, the oxidation law becomes linear already for 
a temperature increase of 50°C. 


EVALUATION OF TEST RESULTS AND THE 
OXIDATION MECHANISM IN FERRO- TUNGSTEN 
ALLOYS 


The external appearance of the oxidized test- 
specimens of the alloys investigated, containing 
up to 16 per cent W, and the presence of grain in 
the outermost scale layer, point to the fact that, 
during oxidation of these alloy groups there sets in, 
just as in the case of iron, a two-directional dif- 
fusion : of the oxygen atoms through the scale and 
in the inward direction, and of the metal atoms — 
in the outward direction. This assumption receives 
a further confirmation in the distribution of oxide 
phases in the scale, whereby the alloying element 
concentrates in the innermost scale layer (in the 
form of FeWO,). Obviously, the diffusion velocity 
of tungsten atoms through the scale layers is ex- 
tremely small: no concentration of tungsten trio- 
xide was found in our test in the cold parts of the 
oxidation apparatus. This was only to be expected 
from analogy with molybdenum. It was found by 
Brenner [6] that the diffusion velocity of molyb- 
denum atoms through an iron oxide layer is almost 
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negligible. In order to arrive at a full description 
of the oxidation mechanism for this group of al- 
loys, it is necessary to answer two questions: 

(1) Why does the law governing the oxidation of 
these alloys as a function of time differ from the 
quadratic parabola law and change with prolonga- 
tion of test duration ? and (2) Why is it that the 
innermost scale layer of these alloys does not, in 
general, consist of a single phase but of a mixture 
of FeO and FeWO,? The heterogeneity of diffus- 
ion front during oxidation and the presence of a 
sub-scale, point to the presence in the alloys in- 
vestigated of what is called the “internal” oxida- 
tion. The presence of irregularity in the diffusion 
front during oxidation of the alloy containing 4 per 
cent W was pointed out in investigation [3]. In 

this case, the occurrence of internal oxidation is. 
possible, since, as indicated in investigation [3], 
tungsten is a less noble metal than iron. If this is 
the case, then we are dealing here with a group of 
alloys similar to those investigated in detail by 
Bernard and Moreau [7]. They found, in a study of 
Ni-Cr (O< Cr <10 per cent), Ni-Al (O< Al< 5 per 
cent) and Fe -Cr alloys that there is a two-phase 
structure of the internal scale layer and also, a wide 
variation was observed in the oxidation rates of 
these alloys (for the Fe -Ni alloy: n = 1.22 — 2.6). 
Consequently, the question as to the reason for the 
two-phase nature of the innermost scale layer and 
its variation with the time or temperature of the 
oxidation law, reduces really to the nature of 
“internal” oxidation. Thus, the phenomenon of 
two-phase structure of the scale internal layer is 
explained by a two-stage formation of this layer: 
WO, forms as a result of the first stage of internal 
oxidation, and in the second stage are formed FeO 
and ferberite according to the reaction FeO + WO, 
= Fe WO,. 

The reaction between wustite and tungsten trio- 
xide proceeds, as found in investigations [8] and 
[9], quite rapidly at a temperature as low as 500°C. 

Depending on the ratio of WO, and FeO concent- 
rations in the internal scale layer, its structure may 
be either a single-phase one (if no excess of FeO 
is present), or a two-phase one (if there is an ex- 
cess of FeQ). But no free WO, can be present in 
the scale zones containing iron oxides, since tun- 
gsten trioxide reacts with all oxides of iron [9]. 
The complex nature of the oxidation process in 
iron-tungsten alloys (containing up to 16 per cent 
tungsten) is connected, in our opinion, which 
agrees with that of Bernard and Moreau, with the 


phenomena occurring in such alloys as a result of 
internal oxidation. To such phenomena belong the 
presence of secondary reactions, as well the varia- 
tion in structure of the alloy surface layer etc. It 

is thus clear from the above, that a higher oxygen 
solubility is present in the FeW alloys than in pure 
iron, or in other words, we postulate that an import- 
ant role in the oxidation of the iron-tungsten alloys 
is played by oxygen diffusion. 

Let us now pass to describing the mechanism of 
oxidation in the alloy of iron with 60 per cent tun- 
gsten. At an oxidation temperature of 700°C, the 
character of the alloy “oxidation product” resembles 
that found in two-directional diffusion. The oxide- 
phase distribution is identical with that in iron al- 
loys containing 16 per cent tungsten (there is only 
no FeQ). At an oxidation temperature of 750° — 
1000°C, the nature of the oxidation products is 
characteristic of a linear mechanism . The scale. 
phase composition is also different. Let us con- 
sider now what are the causes of this change in the 
oxidation mechanism. 

First of all, it should be emphasized that the 
iron-tungsten alloy is not a single phase alloy. It 
consists of two basic phases: tungsten and a — 
solid solution of tungsten in iron. It is likely that 
the oxidation of each of these phases proceeds in- 
dependently of one another (this is observed, for 
instance, during oxidation of some carbide alloys 
[10]). Generally speaking, different oxide phases 
are formed on the surface of each phase. The struc- 
ture of scale, as a whole, will be determined by the 
relative amounts of the oxide phases formed, by the 
possibility of secondary reactions setting in between 
these phases and, also, by the relationship between 
the diffusion speeds of the relative ions. The fact 
that the structure of scale formed on the FeW alloy 
oxidized at 700°C, is identical with that forming on 
alloys containing up to 16 per cent of tungsten, can 
be explained by regarding it as a result of a relati- 
vely low speed of WO, formation, in comparison 
with the speeds of formation of iron oxides. All of 
the tungsten trioxide formed reacts with iron oxides 
giving ferberite. At temperatures higher than 750°C, 
the quantity of WO, formed is so high that, even 
after the secondary reaction between WO, and iron 
oxides, there still remains a certain amount of 
free WO,. As it was shown by investigations of 
tungsten oxidation, WO, is not efficient in its 
role as an obstacle to oxygen diffusion. Thus a 
certain reduction in heat resistance properties is 
brought about. It is probable that the mechanism of 
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heat resistance attenuation, as outlined above, de- 


velops as a result of a prolonged oxidation of the 
alloys, consisting of iron and tungsten, if, during 
the oxidation, local tungsten-enriched points can 


form in the alloy, for instance, such as those caused 


by adsorption of tungsten on structural irregulari- 


ties. In this way it is possible to explain local ac- 


celeration of oxidation processes found in some 
tungsten-containing alloys [1]. 

In our opinion, of a certain interest to the heat 
resistance theory, is the fact that, a protective 
oxide layer can be obtained on some heterogen- 
ous alloys of the non-carbide type. 


CONCLUSIONS 


1. It was found that iron-tungsten alloys (up to 
16 per cent W contents) have a higher heat resist- 
ance than found in pure iron, and that the most ef- 
fective in this respect are tungsten addition not 
exceeding 5 per cent. 

2. The alloying of iron with tungsten increases 
its initial heat resistance in the 700 — 800°C tem- 
perature range. At a temperature of 1100°C the 
oxidizability of iron-tungsten alloys (up to 16 per 
cent W contents) differs very little from that of 
pure iron. 

3. It was found that the oxidation process of 
iron-tungsten alloys (up to 60 per cent W contents) 
obeys the following law W" = kt, where 1< n< 3 
depending on the alloy composition, temperature 


and duration of oxidation. 
4. Apart from iron oxides, there were found, in 
the scale of the iron-tungsten alloys investigated, 


also the following phases : WO,, FeWO, and 
FeWO,. 


5. It is suggested that, in the high-temperature 


oxidation process of iron-tungsten alloys, an im- 
portant role is played by secondary reactions 
between the oxides of iron and tungsten. 


Gratitude is expressed to T.N. Ageeva for her 


help in carrying out investigations of oxidation 
kinetics. 


Translated by lH. Cygielski 
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A study was made of the internal friction peaks 
connected with the presence of hydrogen in high 
alloy chrome-nickel steels of eight compositions. 
The measurements were made by means of a tors- 
ion pendulum. The optimum temperature for the in- 
ternal friction maximum lies between 610 — 640°C 
with an oscillation frequency of about 1.5 c/s. 
Systematic investigations were made on test- 
specimens containing 18 per cent Cr and 12 per 
cent Ni. For this internal friction peak, there 
was found an elementary relaxation process with 
an activation energy of about 46.000 — 50.000 cal/ 
mol. The value of the activation energy and the 
behaviour of the internal friction peak when the 
temperature is raised, lowered or maintained con- 
stant, leads to the conclusion that this internal 
energy peak is associated with micro-diffusion of 
hydrogen molecules, brought about by stresses in 
high-alloyed steels. 

Measurements of the internal friction led also to 
the discovery of a temperature interval, correspond- 
ing to the dissociation of hydrogen molecules into 
atoms, and the association of the atoms to mole- 
cules, occurring in the steel test-specimens (18 per 
cent Cr and 12 per cent Ni steel) for a given rate 
of heating and cooling. 

The results obtained coincide with those publish- 
ed in technical literature. 


INTRODUCTION 


It is known that the presence of hydrogen in 
steel affects considerably its properties, and es- 
pecially, its mechanical properties (brittleness 
and the appearance of fine cracks). Apart from the 
above effects, the action of hydrogen is different 
for different diffusion conditions and forms of hy- 
drogen present in steel. Therefore, the study of 
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hydrogen diffusion and of its form in steel, is of a 
considerable importance. 

The method of internal friction can, under certain 
conditions, be used for studying the diffusion of 
individual atoms, or groups of atoms present in 
metallic crystals. In such experiments, the diffus- 
ion occurs over a distance of the order of a single 
interatomic distance. Consequently, the time avail- 
able for making observations is rather short and 
the observations can be done only at low tempera- 
tures. Thus, the application of the internal fric- 
tion for studying hydrogen diffusion in steel, and 
for determining the conditions under which it is 
present there, can provide valuable information. 

The internal friction peak associated with the 
presence of hydrogen was first detected [1} in our 
laboratory in some low alloy steels. However, the 
hydrogen concentration, in low-alloy steel test- 
specimens investigated, could quite easily drop 
during the process of measurement, since it is very 
difficult to control the conditions of the internal 
friction peak appearance. This makes it difficult 
to undertake a systematic study of the problem. 
The test-specimens used for the present investi- 
gations, were of high alloy, chrome-nickel steels, 
for which the hydrogen diffusion coefficient is 
much smaller than in low-alloy steels at the same 
temperatures [2]. Thus the rate of hydrogen disap- 
pearance from these test-specimens during the 
process of measurement could be affectively re- 
duced. After the test-specimen hydrogenation at 
high temperatures was completed, each of the 
specimens of the high-alloy chrome-nickel steels 
showed an internal friction peak in the tempera- 
ture interval of 610 — 640°C, at an oscillation 
frequency of about 1.5 c/s. The peak was well 
reproducible. In what follows, some preliminary 
results will be given of a systematic investiga- 
tion of this internal friction peak. 


EXPERIMENTAL PROCEDURE AND TEST- 
SPECIMEN PREPARATION 


The apparatus used for internal friction measure- 
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ment is in the form of a torsion pendulum [3]. In- 
ternal friction was defined as Q"' = 5/7, where, 
5 — logarithmic decrement of oscillation damping. 
The diameter of a test-specimen was about 1.6 mm 
and its length 200-250 mm. The oscillation fre- 
quency, as used in the measurements, was 1.5 c/s, 
with the exception of some cases as indicated 
later on. Deviation from the average temperature 
along the test-specimen length did not exceed 
+ 2.5°C. 

Test-specimens were of high-alloy chrome- 
nickel steels, the basic chemical composition of 
which, with the exception of iron is given in 


Table 1 below. 


in this curve (at about 330°C) appears as a result 
of carbon diffusion brought about by stresses pre- 
sent in steels with face —centred cubic crystal lat- 
tice [4]. The second internal-friction peak (at 
about 630°C) and the third one (at about 720°C) 
were observed in previous investigations. It is 
likely that the third peak can be associated with 
diffusion of the alloying element atoms in mixed 
solid solutions, brought about by the presence of 
stresses; more information with regard to this fric- 
tion péak will be given in a future article. The 
present investigation is concerned primarily with, 
the second internal-friction peak, which lies at 


about 630°C. 


TABLE 1. Chemical composition of chrome-nickel steels 





Percentage contents of elements 





Nominal 


composition Cr 


Si Mn 





18.17 
17.78 
18.56 
15.44 
17.14 
21.08 
25.54 
19,66 


18%Cr 12%Ni 
18%Cr 12%Ni 
18%Cr 24%Ni 
15%Cr 9%Ni 
17%Cr 9%Ni 
21%Cr 9%,Ni 
25% Cr 21% Ni 
20%Cr 26% Ni 








0.81 
1.13 
0.12 
1.21 
0.72 
2.015 
0.13 
0.10 
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After homogenizing heat treatment, the ingots 
were hot forged and cold-drawn, until finally a 
wire was obtained with a diameter of about 1.6 mm. 
In the process of cold drawing, several interme- 
diate annealing stages were used. 

In hydrogenation tests which were done at high 
temperatures, the specimens were always water 
quenched. 

During the determination of internal friction at 
high temperatures, the furnace was swept with a 
purified gaseous nitrogen in order to prevent the 
oxidation of test-specimens. 


HYDROGENATION AND DE - HYDROGEN ATION 
EXPERIMENTS 


Three internal-friction peaks were observed, as 
a rule, after a high temperature treatment of the 
test-specimens in an atmosphere of hydrogen. In 
Fig. 1 are shown internal-friction curves for the 
test-specimen of steel containing 18 per cent Cr 
and 12 per cent Ni, after a treatment in moist hy- 
drogen for 4 hr at a temperature of 1200°C and a 
subsequent water quench. According to the results 
obtained in previous investigations, the first peak 


The curve 1 in Fig. 2a, which shows no internal- 
friction peak at 630°C, was obtained for a test- 
specimen in the steel containing 15 per cent Cr 
and 9 per cent Ni and treated with dry hydrogen 
for 45 min at a temperature of 1150°C. The same 
specimen was treated again with moist hydrogen 
at 1200°C for 4 hr, whereby the peak in the 630°C 
temperature region became clearly visible, as it 
is shown in curve II. 

In Fig. 2b are shown internal friction curves for 
specimens in steel containing 25 per cent Cr and 
21 per cent Ni, after various treatments with hydro- 
gen. Curve I refers to treatment with dry hydrogen 
at 1200°C for 1 hr, curve II refers to the case when 
the specimen was treated again in moist hydrogen 
at a temperature of 1100°C for 11 hr, and curve III 
refers to the same specimen after it was treated 
again at 1200°C for 8 hr. The series of curves in 
Fig.2 shows, therefore, that for the specimen treat- 
ed with dry hydrogen, the internal friction peak 
lies either in the region of 630°C, is invisible, or 
is very low, whereas for the case when the treat- 
ment was with moist hydrogen, the peak height in- 
creases noticeably with increasing time and tem- 
perature of the treatment. 
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FIG. 1. Internal friction in a steel specimen 

with composition of 18 per cent Cr and 12 per 

cent Ni, treated in moist hydrogen for 4 hr at 
1200°C. 


In Fig. 3 are given the results obtained by con- 
secutive hydrogenation and de-hydrogenation of 
test-specimens. Curve I refers to a specimen with 
composition of 18 per cent Cr and 12 per cent Ni, 
after its treatment in moist hydrogen at a tempera- 
ture of 1100°C for 8 hr; curve II refers to the case 
when the specimen was further treated with moist 
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FIG. 2. a — internal friction in test-specimen in 
steel containing 15 per cent Cr and 9 per cent 
Ni, after treatment in hydrogen: I — in dry hy- 
drogen at 1150°C for 45 min; II — after repeated 
treatment with moist hydrogen at 1200°C for 4 hr; 

b — internal friction in test-specimen of 
steel containing 25 per cent Cr and 2] per cent 
Ni, after treatment in hydrogen. I — in dry hydro- 
gen at 1200°C for 1 hr; II — on repeated treat- 
ment but with moist hydrogen at 1100°C for 11 hr; 
lil — after another treatment in moist hydrogen 

at 1200°C for 8 hr. 
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FIG. 3. Internal friction in test-specimens of 
steel containing 18 per cent Cr and 12 per cent 
Ni, after various treatments: I — with moist hy- 
drogen at 1100°C for 8 hr; II — after a further 
treatment with moist hydrogen at 1100°C for 9 hr; 
III — after an additional vacuum treatment at a 
temperature of 1050°C during 140 min; IV — after 


still another treatment in moist hydrogen at 
1100°C for 10 hr. 


hydrogen for 9 hr. It is clear that if the treatment 
is continued, the peak in the 630°C temperature 
region increases, but, at the same time, the peak 
corresponding to 330°C region, which is associat- 
ed with the carbon diffusion in steels with a face- 
centred cubic crystal lattice, diminishes. Results 
similar to those in Fig. 3 (curves I and IT) were 
obtained for other types of chrome-nickel steels, 
whose composition is given in the table. For an 
oscillation frequency of about 1.5 c/s, the optimum 
temperature of internal friction peaks lies, for 
these steels, between 610 — 640°C. 

It is well known that test-specimens are progres- 
sively decarburized during the treatment with moist 
hydrogen. This serves as an explanation for a re- 
duction and finally disappearance of the peak in 
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the 330°C temperature region (curve II). But, at the 
same time, a reaction can set in between steam and 
the test-specimen: Fe + H,O » FeO + 2 H, and 
nascent hydrogen can easily penetrate into the 
specimen. Thus, the growth of the internal-friction 
peak in the 630°C temperature region can, during 
the treatment with moist hydrogen, quite easily 
lead to the assumption that this peak is associat- 
ed with the presence of hydrogen in the test- 
specimen. 

In order to confirm this assumption, the test- 
specimen corresponding to curve II in Fig. 3 a 
was treated in vacuum (107° — 10“ mm Hg) in a 
quartz tube, and maintained there for 140 min at a 
temperature of 1050°C. After the treatment, the 
quartz tube containg the specimen was cooled in 
air at such a rate that the specimen temperature 
dropped from 1050°C to 420°C in 2 min. Curve III 
in Fig. 3b represents the internal-friction curve 
for a specimen treated in this way. It is clear 
from Fig. 3b, that the peak at 630°C has almost 
disappeared after the above treatment in vacuum. 
The hydrogen contents before and after the treat- 
ment, were determined by the temperature /con- 
ductivity methods and they were found to be 
10 cm*/100 g and 4 cm’/100 g, respectively. 

The vacuum — treated specimen was further 
treated in moist hydrogen at 1100°C for 10 hr, and 
the peak in the 630°C temperature region reappeared 
as it is shown by curve IV in Fig. 3b. 

Additional experiments showed that the internal- 
friction peak observed is independent of the an- 
nealing treatment after hydrogenation, since a simi- 
lar peak was observed also during tests on speci- 
mens cooled in the furnace. 

No noticeable change was noted in the grain 
size of test-specimens subjected to treatments 
corresponding to the curves II, III and IV, in Fig.3; 
in all cases the mean grain diameter was about 
120p. The hydrogen content in specimens corres- 
ponding to curves II and III was determined by the 
combustion method (0.03 — 0.04 per cent) and the 
hydrogen content corresponding to a similar curve 
IV was even below the above values. The above 
values of hydrogen content were within the hy- 
drogen solubility limits in steels of this type and 
at room temperatures. Fiach test-specimen corres- 
ponding to curves II, III and IV had a pure aus- 
tenitic structure before and after the measure- 
ments, and no traces of carbides or martensite 
could be detected by microscopic examination. 

It can be concluded on the basis of the above 


results that the internal-friction peak studied is 
connected with the presence of hydrogen in the 
test specimen. 


EXPERIMENTS REGARDING THE EFFECT OF 
ANNEALING AT VARIOUS TEMPERATURES 


In the experiments described above, the internal- 
friction peak in the 630°C temperature region was 
observed during an increase in the temperature 
(the rate of heating was about 3°/min). Subsequent- 
ly, when the specimen reached temperatures between 
640 — 800°C, the peak disappeared, if its determi- 
nation was made at lower temperatures (the cooling 
rate was about 3°/min). 

Curve I in Fig. 4 was obtained for an increase in 
temperature during the hydrogenation of test-speci- 
mens in the steel containing 18 per cent Cr and 
12 per cent Ni. As soon as the temperature reached 
the value of 665°C, and when the determination of 
internal friction was made at reducing tempera- 
tures, the peak disappeared, as it is shown by the 
broken-line curve. After that, the specimen was 
cooled together with the furnace until room tem- 
perature was reached and then maintained there 
for a further period of 6 hr; the peak appeared 
again, as it is shown in curve II, on subsequent 
heating of the specimen. The re-appearance of the 
peak shows that its disappearance when the tem- 
perature was being reduced could not have been 
due to a loss of hydrogen from the test-specimen. 

In some cases, when the test-specimen had only 
a small quantity of hydrogen, the peak correspond- 
ing to 630°C was absent even when the specimen 
was heated. However, this peak can be detected 
by subtracting the internal-friction value, obtained 
during the cooling, from the corresponding value 
obtained during the heating of the specimen. 

Curve I in Fig. 5 (as well as curve III in Fig. 3) 
are characteristic of internal friction in a test- 
specimen, of 18 per cent Cr and 12 per cent Ni 
steel, containing about 4 cm*/100 g of hydrogen, 
and which gave an internal friction peak in the 
630°C temperature region during rising tempera- 
tures. The curve Il in Fig. 5 was obtained for a 
reduction of temperature after the specimen was 
heated to 730°C. By subtracting curve II from 
curve I, a peak is observed in the 630°C tempera- 


ture region, as it is shown by the broken-line 


curve III. 

It was also found that the internal-friction peak 
in the 630°C temperature region could be obtained 
after a repeated temperature rise but only if the 
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FIG. 4. Internal friction in test-specimens with 
composition of 18 per cent Cr and 12 per cent 
Ni, as measured for increasing and decreasing 
temperatures: I — determined during increasing 
temperature values after the hydrogenation of 
the test-specimen; broken line curve — measure- 
ments during temperature reduction from 650°C. 
II — further measurements during increase in 
temperature after the specimen was cooled in the 
furnace and then maintained at room temperature 
for 6 hr. 


test-specimen was cooled below a certain, defined 
temperature value. The curve I in Fig. 6 was ob- 
tained during rising temperature, for a hydrogenat- 
ed test-specimen containing 18 per cent Cr and 

12 per cent Ni. After carrying out the measurements 
at temperatures up to 680°C, the temperature was 
reduced to 570°C and then the internal friction was 
measured in the temperature interval from 570 — 
680°C during rising temperature; no internal fric- 
tion peak was observed under such conditions in 
the 630° temperature region (this is not shown 

Fig. 6). Subsequent measurements were made during 
falling temperatures and the broken-line curve 
shown in Fig. 6 was thus obtained. After cooling 
328°C and keeping the specimen for 2 hr at this 
temperature, repeated measurements were again 
made as the temperature was increased up to 
700°C; still no appearance was noticed of the 

peak corresponding to the 630°C temperature region 
(curve II in Fig. 6). The specimen was then cooled 
to room temperature and maintained for 6 hr; again, 
measurements were made of internal friction with 
rising temperature. On the internal-friction curve 


obtained in this way (curve III), the peak is clear- 
ly visible in the 630°C temperature region, but its 
height is somewhat less than that in curve I. 

However, after keeping the specimen, used for 
the determination of curve III, at room temperature 
for 45 days and a subsequent measurement of in- 
ternal friction at increasing temperatures, it was 
found that the height of the peak returned to its 
original value as given in curve I. 

Furthermore, when the temperature that was 
being measured rose above a certain value (namely: 
550°C or more, to a temperature in the region of 
600 — 650°C), the value of internal friction dimi- 
nished as a function of the duration of the treat- 
ment. The variation in internal-friction values with 
the duration of treatment was, at first, very rapid 
and then much slower, but the phenomenon was 
not shown clearly when the specimen was kept at 
temperatures lower than 550°C. 

If it is assumed that the internal-friction peak 
in question is associated with the presence of 
hydrogen molecules in the specimen tested, the 
above phenomenon, as demonstrated in Fig. 4, 5 
and 6 can be easily explained in the following way. 
When the measurements are done during increasing 
temperature values, starting from room tempera- 
ture, the hydrogen in the test-specimen is present 
mainly in molecular state. As the temperature is 
increased to the values within the temperature 
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FIG. 5. Internal friction, as measured during the 

heating and cooling, of a test-specimen with a 

small amount of hydrogen, of the steel with 18 

per cent Cr and 12 per cent Ni contents. I — mea- 

surements during heating; II — measurements 

during cooling from 750°C; III — curve obtained 
by subtracting curve II from curve I. 





Internal friction maximum in chromium-nickel steels 








S 
S 
3 


| 


4 
tT 





a 
y 


f 


0003 1 f 
h 








Q092 


Internal friction /Q”) 


7 





Q00! f 2 
eet 
on 300 400 SOO 600 
Temperature (°C) 





























700 750 


FIG. 6. Internal friction of test-specimen con- 
taining 18 per cent Cr and 12 per cent Ni, as 
measured during increasing and decreasing tem- 
peratures. I — measurements during rising tem- 
perature after the specimen was hydrogenated; 
broken-line curve represents test data obtained 
during temperature reduction from 680°C; II — 
measurements carried out again during rising 
temperature, after the specimen was previously 
cooled to 380°C and maintained at this tempera- 
ture for 2 hr; II] — measurements carried out once 
again during increasing temperatures, after a 
preliminary cooling of the test-specimen, together 
with the furnace, from 700°C to room temperature 
and subsequent maintenance at this temperature 
for 6 hr. 


region corresponding to the 630°C internal-friction 
peak, the hydrogen molecules are not given enough 
time for full dissociation, and a result the internal- 
friction peak appears during heating. After reach- 
ing a sufficiently high temperature, a greater part 
of the hydrogen molecules dissociate into hydro- 
gen atoms. The internal friction peak disappears 

in subsequent measurements in the cooling stage 
since, during the cooling to the peak temperature 
region, the hydrogen atoms do not posses enough 
time for re-combining to hydrogen molecules. 
Furthermore, the dissociated hydrogen molecules 
can associate again only if the specimen is cooled 
below a certain, definite temperature zone, and if 
it is maintained in this zone for some time so as 

to give the hydrogen atoms a chance to form hy- 
drogen molecules; in this case, the internal-friction 
peak appears again. 

The fact that the peak height increases with in- 
creasing time during which the specimen is main- 
tained at room temperatures, can only mean that 
the process of hydrogen atoms re-combination to 
molecular state depends not only on the tempera- 


ture but also on the time available for such re- 
combination. 

The reduction in the internal friction as a func- 
tion of the duration of treatment at a temperature 
above 550°C can be regarded as being due to dis- 
sociation of hydrogen molecules. 

From a consideration of the suggestions put 
forward above, it appears clear that the experi- 
mental results obtained in the present test-series, 
point to the fact that the temperature, at which 
the hydrogen molecules are present in the steel 
containing 18 per cent Cr and 12 per cent Ni, lies 
in the region of 550 — 600°C, provided that the 
heating rate is about 3°C /min, the hydrogen atoms 
re-combination temperature into hydrogen mole- 
cules, in the same type of steel, lies below 
328°C, and if the cooling rate is about 3°/min. 

It is generally accepted that the hydrogen mole- 
cule dissociation temperature lies in the region 
of 400 — 800°C [5]. Consequently, the assumption 
that the internal-friction peak is connected with 
hydrogen molecules is fully justified. 


DETERMINATION OF ACTIVATION ENERGY 


In order to prove that the internal-friction peak 
observed in the 630°C temperature region is real- 
ly a peak in internal friction, three different test- 
specimens, in the steel containing 18 per cent Cr 
and 12 per cent Ni, were heated to 597, 595 and 
578°C, using a high heating rate (about 14°C /min) 
so that the hydrogen molecules present, could not 
have had enough time for the dissociation to take 
place in the process of heating. The determina- 
tion of internal friction was done immediately 
afterwards, when the temperature was reduced and 
at lower oscillation frequencies (0.37, 0.35 and 
0.33 c/s, respectively), so that the peak could 
be obtained at lower temperatures. In actual fact, 
the internal-friction peaks were found to lie in the 
temperature interval of 550 — 560°C (curve I, Il 
and Ill in Fig. 7). This shows that the internal- 
friction peak is really present, and the elementary 
process connected with it is a relaxation process. 

If this internal-friction is connected with a dif- 
fusion process, there should be present an activa- 
tion energy corresponding to it. In order to deter- 
mine it, measurements were made at various oscil- 
lation frequencies in the 18 per cent Cr and 12 per 
cent Ni steel test-specimens. The curves I and II 
in Fig. 8 were obtained for one test-specimen, at 
oscillation frequencies of 0.43 and 1.6 c/s, res- 
pectively. Curves III and IV were obtained for the 
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FIG. 7. Internal-friction peaks obtained for three 
different test-specimens of steel with 18 per cent 
Cr and 12 per cent Ni contents, during decreas- 
ing temperature. I — tests carried out during tem- 
perature reduction from 597°C, oscillation fre- 
quency of 0.37 c/s; Il — tests during temperature 
reduction from 595°C, oscillation frequency of 
0.35 c/s; III — tests during temperature reduc- 
tion from 578°C, oscillation frequency of 
0.33 c/s. 


other test-specimen, at oscillation frequencies of diffusion in the steel containing 18 per cent Cr 
0.35 and 1.78 c/s, respectively. The activation and 9 per cent Ni, was found to be equal to 13.450 
energy, deduced from these two curve positions, cal/mol, as determined by Geller and W. Sun Tak- 
was found to be of the order of 46.000 — 50.000 ho [2]. Their measurements were carried out at high 


cal/mol. temperatures (up to 1200°C) so that the activation 
The activation energy associated with hydrogen energy measured is connected with the diffusion of 


Temperature (°C) 
700650 600 550 500 450 YOO 350 _ 300 250 
t T t q T ' 1 T 


. 
\\ 
// \ 
\\ 
SIN eel 


Cun wetv’ sf @ 
1000 
7 

















Internal frictio 


















































FIG. 8. Internal friction curves, obtained at 
various oscillation frequencies, for two test- 
specimens of steel with 18 per cent Cr and 12 
per cent Ni contents: I, II — for one of the test- 
specimens with oscillation frequencies of 0.43 
c/s and 1.6 c/s, respectively; III and IV — for 
the other test-specimen with 0.35 and 1.78 c/s 
oscillation frequencies, respectively. 
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hydrogen in the atomic state in the steel with 18 
per cent Cr and 9 per cent Ni contents. The form 
and composition of the test-specimens used in the 
present investigations (18 per cent Cr and 12 per 
cent Ni contents) are similar to those used by 
Geller and Sun Tak-ho, so that also the activation 
energy associated with hydrogen atoms diffusion 
should be similar in both cases. However, the acti- 
vation energy obtained in this series of tests was 
much higher; thus, it can be concluded that the in- 
ternal friction peak observed by us is connected 
with micro-diffusion of hydrogen molecules (ins- 
tead of hydrogen atoms) owing to the stresses 
present in the high-alloy, chrome-nickel steel. 


EVALUATION OF TEST RESULTS 


It was observed by Rozin and Finkelstein 
that the internal friction peak in 25 — 20 
type, austenitic steel test-specimens, quenched 
from high temperatures, lies in the temperature 
region of 650°C [6], (for an oscillation frequency 
of about 1 c/s). They also assumed that the peak, 
observed by them, is caused by extensive slip- 
ping in the grain boundaries, just as it was ori- 
ginally found in the case of aluminium [3]. How- 
ever, no such an internal-friction peak, which 
could be ascribed to an extensive slipping along 
the grain boundaries could be found to be present 
in the steel test-specimens with 25 per cent Cr 
and 21 per cent Ni contents, or in other high-alloyed 
chrome-nickel steels, under the conditions descri- 
bed by the authors mentioned above. Although the 
temperature region of the internal-friction peak, 
observed in the present investigations, also lies 
close to 650°C, the experimental results obtained 


cannot be explained on the basis of elastic slip- 
ping along the grain boundaries. In order to confirm 
this conclusion, a determination was made of the 
internal friction in coarse-grained, hydrogenated 
test-specimens. The grain size of the specimens 
was about 250 yp, i.e. about twice the grain size 

in test-specimens used by the above authors in 
their experiments. If the internal-friction peak 
observed by us would appear as a result of elas- 
tic slipping along the grain boundaries, it should 
be shifted towards higher temperatures [7]. How- 
ever, no noticeable shift of the peak was observed 
in our tests. Therefore, the internal-friction peak 
described in the present report cannot be connect- 
ed with elastic slipping along grain boundaries. 


Translated by H. Cygielski 
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Preliminary calculations, based on recent vapour 
pressure data, give grounds for supposing that it is 
possible to remove small admixtures of iron from 
chromium by vacuum distillation. However, experi- 
ments carried out in the Physico-Technical Institute 
of the Academy of Sciences of the Ukr. SSR did not 
confirm this. Over a wide temperature range, chrom- 
ium and iron, when evaporated together, volatilize 
at the same rate. 

To explain this phenomenon, experiments were 
set up to determine the relative volatility of chro- 
mium and iron under identical evaporation condi- 
tions. In addition, in view of the highly contradic- 
tory nature of published data on the vapour pres- 
sure of chromium and iron [1] -9], measurements 
were made of the absolute values of the vapour 
pressures of these elements in the temperature 
range 1280-1550K. In the experiments, account 


was taken of the possible errors in previous work: 
the accuracy of temperature measurement was im- 
proved, uniform heating of the specimens was en- 
sured, progressive changes in evaporation rate 

with time, due to structural changes, were studied 


etc. 

Evaporation was carried out from the open metal 
surface in vacuo. The amount of material evaporat- 
ing was determined either by the thickness of the 
evaporated layer or by weighing the specimen and 
condensate. 


DETERMINATION OF THE RELATIVE VOLATILITY 
OF CHROMIUM AND IRON BY THE THICKNESS OF 
THE EVAPORATED LAYER 


Technique 

It is known that the volatilization rate of metal 
from an open surface, even when temperature dis- 
tribution is uniform, is not uniform from place to 
place. The reason for this may be oxide films, im- 
purities or the surface-layer structure, in the case 
of volatilization from a solid phase. Thus, in de- 
termining the weight change with time of the speci- 





* Fiz. metal. metalloved. 5, No.1, 91-101, 1957 
[Reprint Order No.5 POM 13]. 


men or condensate, we obtain an average value of 
volatilization rate. To find the specific volatili- 
zation rate, it is necessary to measure the thick- 
ness of the volatilized layer at the point where the 
temperature is measured. This method makes it 
possible to compare the volatilization process of 
a metal with its surface structure, and to deter- 
mine the effect of impurities on volatilization rate. 

In our experiments to determine the relative 
volatility of chromium and iron, the volatilization 
rate Q gcm™ sec” was calculated from the relation- 
ship Q =p (h, —h,) /t where h, and h, are the 
specimen thicknesses before and after evapora- 
tion, ¢ the duration of the experiment, p the den- 
sity of the material, assumed equal to the tabu- 
lated value, since the measured density differed 
little from this. 

The specimens consisted of films of pure iron 
and chromium, condensed on tantalum plates of 
sizes 60 x 10x 1 mm. The average thickness of 
the evaporated films was 250p. 

The plate thickness was determined at 20-30 
fixed points, arranged in straight lines at a spac- 
ing of 2-3 mm. The measurements were made on a 
horizontal optical comparator to an accuracy of 1p. 

Two plates with chromium and iron layers, pre- 
pared for the experiment, were placed back to 
back with the sides free from condensed film 
facing each other. Between them and symmetrical- 
ly at distances of 3-5 mm from the centre were 
mounted platinum/platinum-+hodium thermocouples, 
which gave the mean plate temperature. Addition- 
ally, the surface temperature was measured by an 
optical pyrometer. 

The plates were set in a vacuum chamber, and 
heated at a low pressure to the required tempera- 
ture, by the passage of electrical current. 


Results of measurements 

In these experiments the specimen temperature 
could only be held to an accuracy of + 1.0 per cent 
so that the only interest lies in the relative vola- 
tilities of chromium and iron, measured in the tem- 
perature range 1350-1450°K. The results given in 
Table 1 show, that the ratio between the volatili- 
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zation rates of chromium and iron are 3.87 at a tem- 


perature of 1355°K, falling gradually to 3.52 at 
1450°! . 


The iron used to prepare the specimens was sub- 
jected to repeated vacuum distillation and had a 
purity of 99.99 per cent according to spectrogra- 


TABLE 1. Volatilization rates of chromium and iron, measured in simultaneous 
evaporation, by the thickness of the evaporated layer 





t- 1078 
(sec) 


T, K Metal 


. 104,f cm) 





Cr 


15 





10.8 
Fe 


3,5 D5 5 era) eas 





Cr 


24 .58 - 107-6 





Fe 


6 ,2.1io"" 





Cr 


- 1076 





Fe 


2.1077 





Cr 


- 1076 





Fe 


- 1077 





Cr 


ign? 





Fe 











2.07 - 10-6 











As regards the absolute values of volatiliza- 
tion rate for chromium and iron, in these experi- 
ments, somewhat high values were obtained, since 
no account was taken of heat losses along the 
thermocouples and the temperature readings were 
lower than actual. 


MEASUREMENT OF ABSOLUTE VOLATILIZATION 
RATES FOR CHROMIUM AND IRON 


Measuring technique and experimental apparatus 
The absolute volatilization rates for iron and 
chromium were determined for the solid phase by 

the weight loss of the specimen. The Langmuir 
method was improved by using a more suitable 
specimen shape and heating means and by in- 
creasing the accuracy of measurement. The cast 
specimens of iron were 35 mm in diameter and 
3.5 mm thick, the chromium specimens 18 mm in 
diameter and 3 mm thick. The specimens were set 
in tantalum mounts so that only the top flat face 
could volatilize. 

Condensed specimens were prepared by con- 
densing iron and chromium vapours on tantalum 
disks of surface area 1 cm?. The condensed layer 


thickness in these and other specimens was 0.5mm. 


phic analysis. The condensed chromium layers 
were prepared from re-distilled electrolytic chro- 
mium of 99.90 per cent purity. The impurity con- 
tent in the melted iron was 0.11 per cent and in 
the melted chromium 0.003 per cent (including 
0.0014 per cent oxygen, 0.0003 per cent hydrogen 
and 0.0015 per cent nitrogen). 








FIG. 1. 
To carry out an experiment, the specimens were 
mounted on a tantalum plate, which was then plac- 
ed over a radiant heater. On or near this plate 











74 Vapour pressures of chromium and iron 


were placed tantalum control disks with brazed- 
on thermocouples. 

Fig. 1 shows a tantalum mount with chromium 
specimens and control disks. At the centres of two 
specimens tantalum platforms (“spots”) are visi- 
ble; these are pressed in position and constitute 
controls for temperature measurement. The cast 
specimens had drilled holes acting as absolute 
black-body radiators for the same purpose of tem- 
perature measurement. 

The specimens were heated by a crucible type 
vacuum furnace with a tungsten heating element, 
surrounded by a tungsten radiation shield system*. 
The furnace was supplied from a stabilized current 
source and its temperature controlled directly by 
a recording electronic potentiometer EF PP-09. 

Using a lever, the tantalum plate, with the speci- 
mens, was introduced into the furnace and arranged 
over its opening, in close contact with the latter. 
The radiant heat source gave uniform temperature 
distribution (within the limits of + 3°) on the eva- 
poration surface and it was therefore unneces- 
sary to introduce corrections for temperature gra- 
dients across the specimen surface. A plate could 
be positioned or removed within one minute, with- 
out switching off the furnace. Consequently the 
time for heating or cooling a specimen to the re- 
quired temperature was very small and could be 
ignored in calculating volatilization rate. The 
duration of evaporation was reckoned from the 
moment of fixing the specimen plate on the heater 
to its removal. 

A lever system and the provision of an ante- 
chamber facilitated the transfer of specimens 
from chamber to atmosphere and, after weighing, 
replacement on the heater without destroying the 
vacuum. All volatilization tests were carried out 
at a residual pressure of 10 mm Hg. The chamber 
was evacuated by an oil diffusion pump MM-1000A. 


Temperature measurement 

In measuring the absolute volatilization rates 
of chromium and iron, fundamental importance was 
attached to increased accuracy of measuring the 
local temperature at the evaporation surface, since 
inaccuracies in temperature measurement are the 
main source of error in experiments of this kind. 
To measure the evaporation surface temperature 





* The furnace was designed by laboratory mechanic A.D. 
Tyutyunik. 


use was made of the OPPIR - 09 monochromatic 
optical pyrometer, and a specially prepared “stand- 
ard lamp” in the form of an absolute black-body 
radiation cavity. The cavity temperature of this 
“lamp” was measured by a platinum /platinum- 
rhodium thermocouple. In isolated cases the“stand- 
ard lamp” was replaced by tantalum control plates, 
the temperature of which was measured by a ther- 
mocouple brazed to the surface (see Fig. 1). 

In addition to this, as previously mentioned, 
some chromium and iron specimens had pressed or 
brazed “spots” of tantalum, or holes, serving as 
absolute black-body radiation cavities. The tem- 
perature reading process comprised using the 
optical pyrometer to compare the brightness tem- 
peratures of the tantalum spot or hole on the speci- 
men and the standard lamp or control plate. When 
the two pyrometer readings agreed, the evapora- 
tion surface temperature was taken as that indi- 
cated by the thermocouple on the standard lamp 
or tantalum control plate. If the comparative bright- 
ness temperatures differed somewhat, a correspond- 
ing correction was made from the pyrometer read- 
ings. 

This method of measurement did not necessitate 
determination of the radiation coefficients of the 
radiating surfaces or correction for the absorption 
of radiation by the inspection window of the vacuum 
chamber. 

In these measurements the optical pyrometer 
was mere!, a control device, registering the coin- 
cidence of corresponding brightness temperatures. 
By replacing its two photo-electric cells by a 
potentiometric set-up, automatic specimen tem- 
perature control was easily obtained, by stabili- 
zing the temperature of the absolute black-body 
cavity or the uniformly radiating surface. In all 
cases of temperature measurement by this method, 
account must be taken of the possibility of radia- 
tion falling on the control surface from stray 
sources. Reflected radiation could introduce large 
errors into the readings. 

By this method the evaporation surface tempera- 
ture was measured to an accuracy of + 5°C. The 
specimen temperature was kept constant within 
the same limits throughout the experiment, in the 
case of iron. The chromium specimen tempera- 
tures, due to structural changes in the surface, 
fell slowly during volatilisation, so that for chrom- 
ium the arithmetic mean of all readings taken 
during an experiment was adopted as an average 


temperature. 
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Experimental results The data on vapour pressure P (in mm Hg), 
Tables 2,3,4 and 5 give the measured values for evaluated by the method of least squares, are re- 
the absolute volatilization rates Q (gem sec“) presented by the following equation :- 
of cast and condensed specimens of iron and chro- (a) for iron, cast specimens, 
mium. The same tables give values, calculated log P = 11.670 — 22.820/T 
from the formula condensed specimens, 
log P = 11.640 — 22.730/T 
P=17.14Q Vi (b) for chromium, cast specimens 
log P = 10.810 — 20.620/T 
condensed specimens, 


log P = 10.750 — 20.120/T 


for the vapour pressure of these elements in mmHg. 


TABLE 2. Volatilization rate and vapour pressure of condensed iron layers 





t- 107% | Am- 104, Q, P, 
(gm) (gm cm™. sec™) (mm Hg) 





1.70 - 1076 1.51 . 1074 
1,91 . 1076 1.69 - 1074 
5.12 - 1077 4.43-1075 
3.90 - 1077 3.36 - 1075 
1.93. 1077 1.65 - 1075 
4.90 - 1078 4.10 -107~§ 
2.43 - 1078 2.02 - 1076 
1.42 - 1076 
1.24-1077 


24.1074 
.05 - 1075 


! 
I 

3.34 - 1078 2.79 - 1076 
1 


1.82 - 1078 51 - 1076 
3.68 - 1076 3.27. 1074 
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TABLE 3. Volatilization rate and vapour pressure of vacuum-melted iron 





t- 1074, Am - 104, Q, 
(sec) (gm) (gm cm™. sec) 





11.10 1196 1.06 - 1076 
14.4 940 6.4.-1077 
70.1 90 1.26 - 1073 
14.4 360 2.46- 1077 

6 3079 5.05 - 1076 
1618 4,42 - 10-6 
1010 1.73 - 1076 
455 7,25-1077 
404 6.57 - 1077 
2013 - 10-6 
1348 - 1076 
1175 - 1076 
2359 - 1076 
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TABLE 4. Volatilization rate and vapour pressure of condensed chromium layers 





t- 1073. 


saa (sec) 


Am - 104, 


Q. 


(gm.cm™ sec™) 


P 


(mm Hg) 





1454 
1371 
1440 
1364 
1310 
1502 
1509 
1501 
1292 
149 


r 
Oo wo— 


- 


SONN NWA wom 


> 
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- 1076 
- 1077 
- 1076 
- 1077 
- 1077 
- 1075 
107% 
. 1075 
-107% 
- 1076 





4.22. 
5.41 
2.82 - 
4.97 


1,09 - 


1074 


- 1975 


10~4 
1075 
19-5 


- 1073 
- 1073 
- 1073 
- 107-6 
- 1074 





TABLE 5. Volatilization rate and vapour pressure of cast chromium 





t- 107%. 
(sec) 


e 

“ 
ab 
~ 


Am - 108, 
(gm) 


Q. 


(gm.cm™ sec) 


P. 
(mm. Hg) 





5.4 
27.9 
7.2 
7 32 
4.95 
7.32 
1 ,62 
143.3 
36 
7.2 


- 


NNNNNHNNHNNNN 
ananaaaaaw# aa 


° 











587 
84 
61 

110 

660 

203 

1851 
16.5 
62 
42 





- 10-6 
- 1077 
-1077 
- 1077 
- 10-6 
- 1076 
- 1075 
- 107° 
- 1077 
- 1077 





3,92 


1,03 - 
2.95 - 


10—4 
109—5 
10-5 


- 107-5 
- 1074 
- 10-5 
. 1973 
- 1075 
. 10-5 
- 1075 





From these equations the following values are 
obtained for heat of vaporization A H° (in calories 
per gram atom):- 

iron, cast — 104.380 
— 108.970 
98.610 
94.290 


The maximum relative error in the determination 


iron, condensed 
chromium, cast _ 
chromium, condensed — 


of absolute vapour pressure values for iron and 
chromium from our measurements does not exceed 
+ 15 per cent. It is the sum of the relative errors 
of volatilization rate readings and of temperature 
readings. The relative error in the measurement 
of volatilization rate did not exceed + 3 percent. 
Since the error 57 in temperature readings in 
our experiments did not exceed + 5°, then, taking 
a temperature value of 1500°K and the mean of the 


heats of vaporization of iron and chromium AH = 
100,000 cal g atom approximately, we obtain from 
the Clausius-Clapeyron equation the following 
value, for the error caused by inaccuracy of tem- 
perature measurement :- 


CF %- 


The error in the heat of vaporization determina- 
tions can be estimated for the same values of 
5T and T, using the approximate formula: 


AHO 8T 
RT? 


100% = + 11%. 


MH AT 9,33 
4H9 T ’ ’ 


which gives 5 A H° = 330 cal/g atom. 
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FIG. 2. Temperature vs. vapour-pressure rela- 
tionships for iron and chromium 


— @®— fused iron 
——O—— condensed iron 
—e—M&—*— condensed chromium 
—ee— MB —ee— fused chromium 


The temperature relationships for the vapour pres- 
sures of iron and chromium are shown in Fig. 2. 
In Fig. 3 the same results are compared with pub- 


lished data [2,3,5-8]. The relative vapour pressures 


of chromium and iron are given in Table 6. 
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FIG. 3. Comparison of published values for the 
vapour pressure of iron and chromium with the 
results of the present inyestigation 


mium [7]. The results obtained in our experiments 
on the vapour pressure of iron differ only slightly 
from published values [1,2,5]. 


DISCUSSION OF RESULTS 


In all our experiments, a slight difference was 
found between the results on cast and on conden- 
sed specimens. This difference could not be re- 
lated to different experimental conditions, since 
control temperature measurements were carried 
out for cast and condensed specimens. 

A possible cause is the difference in their 


TABLE 6. Relative vapour pressures of chromium and iron according to present and 
published results, calculated for temperatures of 1316, 1428 and 1515°K. 





Comparison of present results 


Comparison of published results 





0 
T (°K) PoP Re 


Tables 3 &5 | Tables 2 & 4 


Table 1 (sl, [3] [7], [2] 





1316 8.2 
1428 6.0 
1515 4.8 











5.3 131 
5.1 87 
5.0 54 











Our measured values for the volatilization rate 


or chromium in the temperature range 1000 — 1300°C 


and the derived chromium vapour pressures at 
these temperatures are rather higher than previ- 
ously published values [3,8]. This may be due to 
the fact that all our readings were taken on chro- 
mium of very low impurity content. The experi- 
ments confirmed the inaccuracy of previously 
published data on the vapour pressure of chro- 


structures. All the condensed specimens had, as 
usual, the oriented structure produced in the con- 
densation process, whereas the cast specimens 
were free from texture. It is suggested, that the 
condensation coefficient of texturized specimens 
is different from that of cast specimens. 

In the experiments on condensed chromium 
specimens an interesting phenomenon was ob- 
served, namely the formation of large numbers of 
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extremely fine crystals on the surface of the speci- 
men during evaporation. These crystals, gradually 
covering the entire surface, altered its reflectivi- 
ty, resulting in the previously noted gradual re- 
duction of the specimen surface temperature, for 
constant heater power output. Moreover, the ap- 
pearance of crystallites led to a relative drop in 
the volatilization rate of the chromium. Thus the 
volatilization rate fell to a value very little dif- 
ferent from that of iron (Fig. 4) at the same tem- 
perature. 
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FIG. 4. Reduction of volatilization rate from 
chromium surfaces covered with fine crystals 


fused chromium 
condensed chromium 


—_— & — 
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Fine crystal formation and the fall of volatili- 
zation rate occurred rapidly in the range 1060 — 
1160°C. When the crystal layer was mechanically 
cleaned from the surface, the volatilization rate 
was restored to normal. 

The growth of fine crystals occurred irregularly 
over the surface as a whole. Areas were found 
where they were absent, and they even grew at 
different rates on the surface of a single grain. 
Fig. 5 shows a grain, on which only part of the 
surface is occupied by crystallites. 

In experiments carried out at temperatures ex- 
ceeding 1200°C, marked crystal formation and 
lowering of the volatilization rate were not ob- 
served. 

In addition to the crystallization process, the 
condensed chromium specimen surfaces also ex- 
hibited rapid evaporation at isolated, very small 
surface areas, as a result of which there formed on 


FIG. 5. Micrograph of Cr grain, with fine crystals 
formed on the surface during volatilization. Part 
of the surface is free from these crystals 


some grains open pores of depth up to 80, with 
characteristic square outlines and stepped side- 
walls (Fig. 6). 

All these phenomena confirm the suggestion that 
the mean condensation coefficient varies over dif- 


FIG. 6. Micrograph of chromium grain, with iso- 

lated areas which have undergone rapid vola- 

tilization, forming pores of square outline with 
stepped sidewalls 
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ferent areas of a specimen with orientated struc- 
ture. 

The drop in rate of volatilization from surfaces 
covered with a layer of fine crystals may also ap- 
parently be explained by a reduced coefficient of 
condensation for the said crystals. A similar vari- 
ation in volatilization rate with respect to crystal 
size has also been noted in the literature [10,11]. 
However the possibility is not excluded, that the 
crystallites formed have a lower temperature than 
the specimen surface and, as it were, reduced the 
effective evaporation area, which is also equiva- 
lent.to a reduction of the mean condensation coef- 
ficient. 


FIG. 7. Micrograph of iron surface with crys- 
tals formed on it at high temperature under a 
weak beam of chromium atoms 


The small difference between the volatilization 
rates of iron and chromium, found in these experi- 
ments, and the peculiarities of the volatilization 
process of chromium, the volatilization rate of 
which sometimes falls considerably due to sur- 
face structural changes, can explain the observed 
poor separation of chromium from iron in vacuum 
distillation. 

It is interesting to note the formation of fine 
crystals on the surface of an evaporating iron 
specimen, observed when a weak beam of chromium 
atoms is directed on to it. In the experiments iron 
and chromium specimens, held on the same mount- 
ing plate, were evaporated simultaneously. The iron 
specimen was at the centre and had a temperature 
80 — 100°C above the chromium surface tempera- 
ture. Notwithstanding the fact that the weak beam 
of chromium atoms falling on the iron surface must 


have completely re-evaporated, numerous fine cry- 
stals appeared on the iron (Fig. 7). 

As regards the nature and mechanism of forma- 
tion of these crystallites, it is only possible to 
make one or two suggestions. Possibly in this 
case there occurred direct adsorption of chromium 
atoms at the iron surface, forming crystals of iron- 
chromium solid solution. Possibly again the chro- 
mium atoms reaching the iron surface alter its sur- 
face energy, either directly or by the formation of 
chromium oxide [12], a phenomenon which cannot 
be ruled out even under high vacuum conditions. 


CONCLUSIONS 


1. The relative vapour pressures of chromium 
and iron in the temperature range 1350 — 1450°K 
were determined, by measuring the volatilization 
rate, in the simultaneous volatilization of con- 
densed films of these metals, from the thickness 
of the films. 

The absolute volatilization rates of iron and 
chromium in the temperature range 1280-1550°K 
were measured by volatilization from an open sur- 
face under vacuum. Slight differences in volatili- 
zation rate were observed between cast and con- 
densed specimens, which are explained by the pos- 
sible difference in their condensation coefficients. 
It was established that the vapour pressures of 
chromium and iron are only slightly different. 

2. The volatilization rates and vapour pressure 
of iron and chromium, calculated on the basis of 
the experimental results, are represented by equa- 
tions of the form log P = A — B/I. The heats of 
volatilization of the metals are calculated from 
the values of the coefficient B. 

The values of vapour pressure and heat of vola- 
tilization for iron and chromium, obtained in this 
work, are thought to be reliable. Those published 
data [7,9] which are very different are considered 
to be erroneous, whilst others [3,8] are somewhat 
low. 

3. The observed drop in the volatilization rate 
of chromium, in connexion with the formation of 
fine crystals on its surface, is explained by the 
possible reduction in the condensation coefficient 
of finely crystalline chromium surfaces. 

4. On the basis of the experimental results ob- 
tained, the small difference found between the vo- 
latilization rates of chromium and iron, and also 
the reduction in the chromium volatilization rate 
due to changes of surface structure, explain the 
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STUDY OF THE TEMPERING OF QUENCHED STEEL BY THE INTERNAL 
FRICTION METHOD * 
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CHERNIKOVA 
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Using small amplitude torsional vibration, the relationship was studied between the 
internal friction of carbon steel and heat treatment, at various carbon contents and a 
natural vibration frequency of about 1 c/s. 

It is shown that the height of the internal friction peak at 200° is characteristic of 
the relaxation process accompanying the release of carbon from the alpha-iron solid 
solution on tempering. This peak increases with increasing carbon content and de- 
creases with increasing tempering temperature. 


In this work a study was made of the internal 
friction of carbon steels containing 0.015, 0.28, 
0.35, 0.46 and 0.58 weight per cent carbon. The 


results of chemical analysis are given in Table 


The results of heat treatment of the specimens 
are shown in Table 2. The internal friction study 
was carried out in the RKF MIS-1 vacuum torsion 

1. pendulum. Internal friction measurements were 


TABLE 1. 





Chemical composition (%) 
































TABLE 2. 





Carbon quenched Relative value of internal friction 


content from 


at the 200° peak annealed 





(per cent) optimum temp. 


quenched and tempered at 








1 
9.4 
12.8 
13.7 
18.1 











0.5 
0.02 
0.04 
0.045 


0.24 A ! 0.03 




















The specimens taken for examination were 
wires of diameter 0.7 mm and length 320 mm. 
From a 7 kg ingot, bars were forged of diameter 
9 mm. These were drawn down to 0.7 mm dia- 
meter wire, with intermediate anneals at 800 — 


850°C. 


made on specimens after annealing, quenching, 
and quenching followed by tempering at various 
temperatures (from 100° to 600° in 100° steps.) 
The family of curves in Figs. 1-5 shows the 
variations of internal friction in the range from 
room temperature to 600°C. 
Analysis of these curves shows that in 0.015 
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per cent carbon steel there is a so-called low- 
temperature peak about 40°, which is caused by 
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FIG. 1. Temperature-internal friction curves for 
specimens of 0.015 weight per cent carbon steel. 


the presence of the a- iron lattice of carbon atoms 
forming an interstitial solid solution [1,2]. 

The curves are similar for 0.015 per cent car- 
bon steel in the annealed, quenched and tempered 
conditions. In 0.28-0.58 per cent carbon steels, 
the peak at about 40° is in slight evidence, but 
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FIG. 2. Temperature-internal friction curves for 
specimens of 0.28 weight per cent carbon steel. 
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FIG. 3. Temperature-internal friction curves for 
specimens of 0.35 weight per cent carbon steel. 


the internal friction rises above 60°, and at 200° 
gives a sharply defined peak. 

The height of this peak depends on the carbon 
content and on the tempering conditions. With in- 
creasing carbon content the height of the 200° 
peak increases in quenched steels (Fig. 6.). 

As the tempering temperature is increased, the 
height of this peak decreases, and at 600° it prac- 
tically decreases, and at 600° it practically dis- 
appears. Thus, the peak in quenched specimens 
may be related to the presence of martensite and 
is possibly produced by the stresses set up during 
martensitic transformation. 

Table 2 gives the relative values of internal 
friction at the 200° peak, for steels of various 
carbon contents, (expressed as fractions of the 
200° peak value for 0.015 per cent carbon steel in 
the quenched condition). 

The internal-friction characterisitcs of tempered 
steels are given in comparison with the same steel 
in the as-quenched condition. The internal fric- 
tion of annealed steels (last column of Table 2) 
is given in comparison with the corresponding va- 
lue for the quenched steel. 
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FIG. 4. Temperature-internal friction curves for 
specimens of 0.46 weight per cent carbon steel. 
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FIG. 5. Temperature-internal friction curves for 
specimens of 0.58 weight per cent carbon steel. 
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FIG. 6. Temperature-internal friction curves for 
quenched specimens of steels of different carbon 
contents. 


Reduction of the 200° peak as a result of tem- 
pering, observed in all the steels, is clearly re- 
lated to the reduction in the amount of carbon in 
solid solution as carbides are formed. The temper- 
ing of martensite, which is accompanied by cemen- 
titic-phase precipitation, reduces the stresses and 
brings down the height of the peak. The 200° peak 
does not appear in the curves for annealed steel. 

Besides the enumerated diffusion-type processes 
(characterized by the migration of atoms around the 
interstitial carbon sites in the a-iron lattice and 
the precipitation of carbon from the martensite lat- 
tice as the latter transforms), the internal friction 
curves exhibit a rise in the neighbourhood of 240°. 
This monotonic rise in the curves, which occurs 
in Figs. 2-5, must denote a preparatory stage in a 
new relaxation process. The process must be atom 
migration in the grain boundaries [2,4]. 

If the shape of the curves for 0.58 per cent carbon 
steel, tempered at 500° and 600°%,are compared 
(Fig.5), the value Q™ = 40 is. found to occur at 
385° for the first of these curves and at 415° for 
the second. This indicates, that thermal softening 
of the metal commences at a higher temperature 
for steel tempered at a higher temperature. 
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Similar results are observed in studies of the 
variation of rigidity modulus with temperature. 
This fact, that with increased tempering tempera- 
tures softening commences, agrees with the 


results [5]. 


Translated by E. Bishop. 
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THE STRAINED VOLUME IN BENDING* 


Yu.E. BONDAREV 
Chemico-Metallurgical Institute West-Siberian Filial, Academy of Sciences U.S.S.R. 
(Received 15 September 1956) 


In any form of stressed condition, the size and 
shape of the volume of metal undergoing plastic 
deformation is determined by the relative work- 
hardenability of the metal, the characteristic for 
which is the uniform elongation in tension, 5p, 
and by the geometrical parameters of the test- 
piece. G.P. Zaitsev showed that, with identical 
ball impressions, the strained volume is greater 
in metals of high 5) than in metals of low 5p [1]. 
Directly related to the strained volume are the 
type and distribution of the plastic strains within 
that volume. The last factor plays the decisive 


role in determining the moment of test-piece failure. 


In the present investigation, a study was made of 
the laws governing the growth of the strained 
volume in the bending of un-notched rectangular 
section test-pieces. Published papers exist de- 
voted to the study of strained volume |2- 4); how- 
ever, no account was taken in them of the dimen- 
sionless parameter of ductility, viz. uniform elon- 
gation. 

Let us analyse the parameters which determine 
strained volumes in bending. As mentioned above, 
the strained volume is a function of uniform elon- 
gation, 5p which characterizes the relative work- 
hardenability of the metal. The geometrical dimen- 
sions of the test-piece are characterized by the 
thickness fA and width b of the section. Test- 
piece length has no effect, since plastic strain 
does not normally extend to the entire test-piece. 
Finally, the magnitude of the strained volume de- 
pends on the angle of bend a of the test-piece. In 
all, the following function can be written:- 


v= f(5p; h; b; a) (1) 


Dimensional analysis enables us to establish 


the nature of the relationship between the factors 
included in equation (1). We construct a table of 


dimensions:- 


{v] = L’; [5,) = |; [A] = L; (6) = L; [a] = | 


Amongst these values there is only one with an 
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independent dimension L. Consequently a new 
relative system of units will consist of the one 
basic unit. According to the basic concept of di- 
mensional analysis [5], if there is a function in- 
volving a number of dimensional and dimensionless 
physical factors, then another function exists, 
which connects the dimensionless complexes formed 
from these factors. The number of dimensionless 
complexes is equal to the difference between the 
total number of factors in the function and the 
number of basic units of the relative unit system. 
In our case five factors make four dimensionless 
complexes. 


v/ bh? = f(Sp; b/h; a) (2) 


From the dimensionless function (2) an idea can 
be obtained of the factors determining the strained 
volume in bending. It shows that the ratio of the 
strained volume to the initial moment of resistance 
of the test-piece section is a function of the uni- 
form elongation, the width to thickness ratio and 


the angle of bend. 


EXPERIMENTAL METHOD 


The first group of experiments was carried out 
with the aim of finding the relationship between 
v/bh? and the uniform elongation 5p and angle of 
bend a. To establish the effect of the dimension- 
less ductility parameter 5p metals were taken which 
had widely different values of this parameter. The 
mechanical properties of the metals used in the in- 
vestigation are given in Table 1. The strained 
volume was measured by means of a divided grid 
of rectangular cells; this was engraved on an in- 
strument microscope equipped with a special 
fitting, consisting of a head to support the needle 
and a stage for the test-piece. 

The accuracy of engraving the 1mm base grid 
was + 5per cent. To obtain better contrast in the 
grid lines, the test-piece surface, previously 
cleaned carefully with acetone, was covered with 
a thin film of black ink. Test-pieces in groups of 
three were bent on a testing machine, by 4 single 
blow of the pendulum, to various angles of bend. 
After bending, they were photographed at 5x map- 
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TABLE 1. Mechanical properties of the metals 





Metal 





Steel 40 Kh, oil 
quenched 850° 
tempered 500°. 

Steel 3, hot-rolled 
Steel 20, hot-rolled 
Aluminium, cold-rolled 
annealed 500° 

Brass, cold-rolled 
annealed 400° 


Brass, cold-rolled 


annealed 700° 

















nification. The number of distorted grid cells ob- 
served on the photograph, and the assumption 
based on the law of constant volume in plastic de- 
formation, that the initial volume of the prisms, 
the bases of which they form, does not change 
during bending, determines the total volume of 
these prisms in the original test-piece from the 
formula 


nbF, (3) 


v= 


where n is the number of distorted cells, 6 the 
width of the specimen and Fy, the area of a cell in 
the original condition. 

In the second group of experiments the effect 
of the parameter b/A was studied. 

Test-pieces were prepared from the same metals 
with section sizes 6 and h = 7.3 and 10 mn, and the 
ratio b/h 0.73 and 0.5 respectively. The method of 
testing and measuring the strained volume was as 
before. 


EXPERIMENTAL RESULTS 


Fig. 1 shows the relationship between v/bh? and 
the angle of bend for test-pieces of bxh = 10x 10mm, 
made from the various metals. As the angle of bend 
increases, the strained volume increases in all 
test-pieces, but the rate of increase varies. The 
curves are arranged in strict correspondence with 
the value 5p for the metals taken. The highest 
curve is that for brass annealed at 700° and the 
lowest that for steel 40 kH, quenched and temper- 
ed. The curves for metals with intermediate 5p 
values lie in between. 

The physical significance of the effect of op is 
as follows. The first plastic strain occurs in the 


section taking the maximum bending moment. For 
impact specimens in the form of a doubly-supported 
beam with a concentrated load at mid-span, this 
section occurs at the mid-length of the test-piece. 
Plastic deformation work-hardens the metal and in- 
creases its resistance. The bending force increases. 
The adjacent, still unstrained sections have less 
resistance and thus also get involved in plastic de- 
formation. If the relative work-hardenability of the 
metal is high, the middle sections are strengthened 
very considerably; areas of metal at large distances 
from the mid-length are involved in plastic strain, 
so that the strained volume is large. If the work- 
hardenability of the metal is low, the increase in 
the resistance of the middle sections is not con- 
siderable. strain is localized in the central area of 
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FIG. 1. Relationship between v/bh? and dp and 
a, for test-pieces with b/A = 1. 
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FIG. 2. Brass (lower) and steel (upper) test- 
pieces, bent to the same angle. 


the test-piece length and the strained volume is 
small. 

Fig. 2 shows a photograph of a steel and a brass 
test-piece bent to the same angle. From the dis- 
tortion of the grid it can be clearly seen that the 
strained volume is greater in the brass test-piece 
than in the steel. There is a connexion between the 
strained volume and the degree of deformation in 
individual sections of the test-piece. In the steel 
test-piece, the deformation of the grid is very non- 
uniform and concentrated in a small area at the mid- 
line; in the brass test-piece, strain is spread over 
a considerable length, and thus the individual cells 
are strained less. Fig. 3 shows curves of strain 
distribution in separate cells on the outer edge ten- 
sion fibres of these test-pieces. Deformation in the 
middle cells of the steel test-piece reached 50 per 
cent, whereas in the brass it was less than 40 per 
cent. In the steel test-piece 20 cells have been 
strained, against 28 in the brass. 

The relationship between degree of strain and 





FIG. 3. Distribution of strain in the outer ten- 
sion fibres, in brass and steel test-pieces. 

1 - brass 

2 - steel 


magnitude of strained volume is shown schematic- 
ally in Fig. 4. Before bending, the length of the 
outer fibres was identical in the two test-pieces. 
After bending it still remained identical, i.e. the 
absolute elongations were equal. However, in metal 
1, the absolute elongation is built up of strain in 

8 cells, against 16 cells in metal 2. It is obvious 
that in the second case the strain in individual 
cells will be smaller than in the first. 


Reduction of the ratio b/h in all the metals leads 
to reduction of the strained volume, but to different 
degrees. The most marked effect occurs in metals 
with small uniform elongation. In this case, the de- 
formation of the steel test-piece was so high that 
test-pieces of ratio b/h = 0.5 broke, whereas test- 
pieces of the same metal but of ratio b/h = 1 pass- 
ed between the machine supports without cracking. 


CONCLUSIONS 


The uniform elongation in tension of a metal, 
which is a characteristic for its work-hardenabil- 
ity, determines (other things being equal) the mag- 
nitude of the strained volume in un-notched test- 
pieces and also the magnitude and distribution of 
the strains in that volume. Metals with high uniform 
elongation are able to undergo, without fracture, 
bending to considerably larger angles than metals 
with low uniform elongation because, in the former, 
strain is spread over a larger part of the test-piece 
length. This leads to reduced strain in individual 
sections. 

Reduction of the ratio b/h reduces the magnitude 
of the strained volume and increases the non-uni- 
formity of strain distribution, most markedly in 
metals with low uniform elongation. 
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FIG. 4. Schematic bending of two test-pieces 
with different uniform elongations, 
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THE DELAYED FRACTURE OF HARDENED STEEL* 


A.L. NEMCHINSKII 
(Received 18 June 1956) 


Recently, the energy condition proposed by 
Griffith [1] and subsequently developed by Orowan 
[2,3] and other workers, has been more and more 
adopted as the criterion for brittle failure. Accord- 
ing to this criterion, the catastrophic propagation 
of brittle cracks commences when the elastic 
energy, released when a crack propagates, exceeds 
the energy expended in order to propagate it. 

On the energy consideration, the fracture stress 
o must be equal to: 


o = Ky (AE/L) 


Where K is a coefficient of the order of 1; 
A is the work expended in increasing the 
crack area by 1 cm? 
E is the modulus of elasticity; 
and L is the crack length. 

Fulfilment of this condition depends on the 
overall length of the cracks and is almost indepen- 
dent of the crack-front geometry [4]. The energy 
criterion of fracture follows from the second law 
of thermodynamics and is obviously a necessary 
condition. 

A second and also necessary condition for the 
onset of rapid crack propagation is the activation 
process. The physical significance of this con- 
dition is that the stress must have exceeded the 
threshold value determined in any given case by 
the maximum interatomic binding forces. Fulfil- 
ment of this condition, which is doubly localized 
(at the front of the developing crack), depends on 
the ratio between the interatomic binding forces 
on the one hand, and, on the other hand the nomi- 
nal stress level oo and the stress concentration 
factor K at the crack front. 

Fulfilment of this condition depends on the 
length of the tight (unseparated) part of the crack, 
and not on its overall length. 

On the assumption that the length of the un- 
separated part of the crack, in unhardened steel, 
is related to the length of shear faults, which in 
turn is a function of the linear size of the ferrite 
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grains, it follows that the effective stress concen- 
tration coefficient cannot exceed [5] the value, 


K = (/a), 


where / is the length of shear fault. 
and a is the lattice constant. 


In practice the strength of steel is most frequent- 
ly limited by the energy condition, since the sec- 
ond condition is obviously satisfied. In this case 
the nominal strength depends on the crack length 
[6]. 

However, the literature includes results indicat- 
ing that use of the energy condition is not always 
justified in practice [7]. 

Thus, for example, tests have shown that in- 
cipient brittle failure in low-carbon structural 
steel does not propagate if the stress is less than 
about 10 kg/mm?, the critical stress value being 
independent of crack length. This result contra- 
dicts the energy criterion of failure, but agrees 
with the second (force or activation) criterion. At 
a ferrite grain size of 50—100 yp the stress-concen- 
tration coefficient K = \/(//a) works out at about 
500. The resulting value of Koo = 5000 kg/mm? is 
of the right order of magnitude for the theoretical 
strength of iron. 

In the delayed fracture of hardened steel the 
first effect is slow growth of cracks by a different 
mechanism [8] in which plastic flow plays the 
major part; following this, when one of the cracks 
reaches critical length, the other (Griffith) crack 
mechanism assumes the major role. Brittle failure 
must have some points of difference in hardened 
steel, as compared with un-hardened low-carbon 
steel, because of the lower value of the work 
function A, and also because of the possible 
presence of available defects (before plastic de- 
formation), namely microcracks in the martensite. 


DELAYED FRACTURE OF HARDENED STEEL 


In hardened steel the austenitic grains and mar- 
tensite lamellae are normally much smaller than 
the ferrite grains in unhardened low-carbon steel, 
and one would therefore expect it to have a higher 
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FIG.1. Effect of duration of loading on the strength 
of 5KhNM steel test-pieces. 


level of minimum strength op as the basis of the 
second (force or activation) cause of failure. 

To test the points mentioned above, two series 
of experiments were carried out on test-pieces of 
steel 5KhNM of dimensions 1.5 x 7 x 80 mm. The 
results of the first series have already been pub- 
lished [9]. The experiments comprised the deter- 
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FIG.2. Effect of number of water-quenches on test- 
piece strength. Fina] quench in oil 
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FIG.3. Effect of number of water-quenches on test- 
piece strength. Final quench in water 


mination of delayed (long-time) fracture curves for 
test-pieces quenched in water or oil from 850°. 
These curves are reproduced in Fig. 1. 

The drop in strength with increased duration of 
loading brings the value down to 30 kg/mm? for 
water-quenched, and 60 kg/mm? for oil-quenched 
test-pieces. At lower stresses the test-piece did 
not fracture even after very long loading periods. 
In the second series, test-pieces of the same type 
were water-quenched from 850° from one to five 
times. After this, half the test-pieces were hard- 
ened again from 850° by oil-quenching. After the 
second water-quenching, microscopic but shallow 
(about 0.1 mm deep) cracks were formed on the 
test-piece surfaces. Clearly, some kind of irrevers- 
ible change (micro-cracking) had occurred in the 
steel, leading to macro-crack formation on repeated 
water-quenching. Figs. 2 and 3 show the relation- 
ship between the short-time strength of the test- 
pieces and the number of water quenches. 

The relatively small drop in strength on the 


appearance of macro-cracking (after the second 
quench) is evidence that the critical crack length 
was exceeded in the very beginning of the macro- 
cracking process. It follows from this that after 
2 or more quenches the strength of the test-pieces 
was determined not by the energy criterion, i.e. 
not by the overall crack length, but by the second 
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condition, which does not depend on overall crack 
length. 

A comparison of Fig.] with Figs.2 and 3 shows 
that the minimum strengths in short-time tests on 
test-pieces quenched several times and in long- 
time tests on test-pieces quenched ones, are in 
agreement. This was a necessary result, bearing 
in mind that the failure conditions are the same in 
both cases. 

The different minimum strengths of water- 
quenched and oil-quenched test-pieces (30 and 60 
kg/mm?) are possibly the result of a difference in 
interatomic bonds in the more highly distorted 
areas, since the sizes of the microstructural con- 
stituents, the austenite grains and the martensite 
lamellae, are identical. 


CONCLUSION 


1. The occurrence of two parts (inclined and 
horizontal) on the delayed fracture curve for hard- 
ened steel may be explained on the grounds that 
fracture is determined by different criteria in the 
two parts. In the inclined part, the determining 


factor is the thermodynamic (energy) criterion of 
failure, and in the horizontal part, the activation 
criterion. 

2. Agreement between the minimum strength 
level as crack-length increases due to different 
causes (prolonged loading and repeated quenching) 
is experimental confirmation for this point of view. 
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INFLUENCE OF THE FORCED SLIP OF FACES IN 
PLASTIC COMPRESSION OF METALS* 
K.V. SAVITSKII and M.P. ZAGREBENNIKOVA 


Siberian Physico-Technical Research Institute 
(Received 23 April 1956) 


The influence is studied of the forced rotation of one of the bearing plates of the press on the 
plastic deformation of metals under compression. The curves obtained are compared with the 
curves of the actual compressive stresses determined with one side lubrication and with cleaned 
bearing surfaces. The effect of the rate of slip during rotation in one direction and in alternate 


directions is examined. 


Friction occurring between the metal being de- 
formed and the deforming tool is one of the princi- 
pal causes of deformations and stresses not being 
uniformly distributed in the work-piece during 
plastic compression or in other methods of metal 
working. The decrease of the relative compression 
and the increase of average actual stresses in the 
deformed specimen under the influence of friction 
is not limited to the change of the stressed state 
of metal in the vicinity of the contact surfaces, 
but has an appreciable effect on the specimen as 
a whole. 

It was found [1] that intensified friction during 
compression leads not only to the increased de- 
forming stresses and deformation work, but also 
creates additional distortions in the lattice of the 
deformed metal which manifest themselves as in- 
creased latent deformation energy. It was found 
too, that if the effect of friction is large the thermal 
stability of the distortions is lower. 

It is possible to decrease appreciably the effect 
of friction on end surfaces and obtain more uniform 
deformation on compression by changing the ratio 
of height to the cross-sectional area of the de- 
formed specimens and using various lubrication 
methods on end surfaces. 

In static compression the rate of metal slip 
along the press is comparatively small and (other 
conditions being equal) the friction coefficient on 
the plate surfaces has a value close to that of the 
friction coefficient on starting from rest. The 
latter depends however to a large extent on the 
duration of contact at rest [2]. One could expect 
therefore, that at higher deformation rates the 
friction between the specimen and the press plates 
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would decrease causing less hindrance to the de- 
formation of metal on contact surfaces. Gubkin and 
Orlov [3] have shown that indeed the friction co- 
efficient during pressing of duraluminium between 
conical blocks decreases with the increase of the 
deformation rate. This relationship was observed 
not only at room temperature but also at high tem- 
peratures and at various conditions of lubrication. 
It follows that the influence of the duration of con- 
tact on friction on end surfaces manifests itself 
also in the presence of a lubricant. However, this 
influence should be much stronger at higher tem- 
peratures and for dry surfaces. The results given 
in the work of Gubkin and Orlov [3] fully confirm 
this opinion. Adhesion of the deformed metal to the 
block which was observed during pressing of dur- 
aluminium, was more pronounced at lower deforma- 
tion rates. 

If the duration of contact during the process of 
plastic compression has a decisive effect on end 
surfaces, it is reasonable to expect, that for a 
given deformation the decrease of the contact time 
would lead in all cases to a greater displacement 
of metal along the bearing surfaces of the deform- 
ing apparatus. 

In the present work, plastic compression of 
metals was studied under the conditions of moving 
contact between the end surface of the cylindrical 
specimen and the press plate. In this way static 
friction between the deforming block and the speci- 
men was replaced by kinetic friction. The displace- 
ment of metal of the specimen caused by the fric- 
tion forces was added to the radial displacement 
under the action of normal forces and the duration 
of the single contact became immeasurably small. 
One could expect that in this case friction on end 
surfaces would have less effect than in the case 
of a stationary contact. There is a reference in the 
literature [4] in which the possibility of producing 
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more uniform deformation by additional slip at end 
surfaces is considered. The effect of friction 
should be smaller and should not increase greatly 
the deformation forces at high sliding velocities 
of the press plate on the end surface of the speci- 
men. It can be assumed that the forced sliding on 
end surfaces in spite of weakened forces of static 
friction is accompanied by re-distribution of stress- 
es in thin surface layers, because the process of 
sliding itself usually leads to appreciable residual 
deformations of the outside layers of metals and to 
the deformation of a new distortion region. 

In this connexion it was interesting to study the 
kinetic friction on end surfaces and the behaviour 
of metals under the conditions of plastic compres- 
sion. A special apparatus was built on a bench 
drilling machine which enabled us to compress 
specimens with the force up to 270kg with simul- 
taneous revolution of the upper press plate. A 
hardened steel plate 2 with a carefully polished 
bearing surface was set on the axis of a drilling 
machine 1 (Fig.1). The lower bearing plate 3 made 
from the same material was fastened to the machine 
table 5. The specimen 4 placed between the plates 
was loaded stepwise by means of an unequal-arm 
lever. The upper bearing plate was being revolved 
from the moment the compression was started. The 
specimen was maintained under each successive 
load for 15 sec. After each compression the load 
was quickly removed (by lifting the lever) and the 
specimen measured. The reduction Ah and the in- 
crease in diameter of the end planes were deter- 
mined. The values of the contact stresses of (on 
end surfaces of specimens) and of the average 
actual stresses o (from the principle of constant 
volume) were calculated from the measured dimen- 
sional changes. 

The experiments were carried out at two veloci- 
ties 0.5 and 8 rev/min with one side lubrication 
with pure Vaseline grease. Cylindrical specimens 
10mm high and 6mm in diameter made from commer - 
cial purity tin and lead were used in experiments. 
The results of experiments obtained with one side 
lubrication with and without forced sliding were 
compared with the results of compression of speci- 
mens with the bearing surfaces carefully cleaned. 
The surfaces of specimens and of bearing plates 
were washed with benzene and alcohol and rubbed 
with activated charcoal. 

The curves in Fig.2 represent dimensional 
changes of the end surfaces of lead specimens as 
a function of the deforming force at various con- 


ditions of compression. Curve 1 represents com- 
pression of specimens with cleaned surfaces. In 
this case the specimens assumed after deformation 
a well defined barrel-like form. Curve 2 represents 
compression of specimens lubricated at one end at 
which the increase in diameter was measured. 
Curves 3 and 4 refer to the compression of speci- 
mens lubricated at one end with forced sliding 
(rotation) of the bearing plate at the rate 0.5 and 
8 rev/min respectively. 
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FIG. 2. 


The results obtained show that forced sliding 
leads to a substantial increase in deformation 
along the bearing plates, the deformation being 
higher at the higher speed of rotation. The deform- 
ed specimens assume the shape of a truncated 
cone as shown by the interrupfed line in Fig. 1. 
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Fig.3 represents similar results obtained with 
tin. Curve ] refers to compression without lubrica- 
tion, curve 2 to compression with lubrication at one 
end and curve 3 compression with forced sliding 
at the rate 8 rev/min. 

Figs. 2 and 3 show that forced sliding and tran- 
sition from static to kinetic friction lead to a much 
weaker blocking influence of friction than lubrica- 
tion of end planes. As expected, the effect of the 
forced sliding becomes more pronounced with the 
increase of the compressive force, i.e. with the in- 
crease in diameter and decrease in height of the 
specimen. The higher the ratio of the diameter to 
the height of the specimen, the more pronounced is 
the friction on end surfaces. Hence, even small 
weakening of friction will have a marked effect on 
specimens with a high d to h ratio. 

Experimental results referring to the effect of 
various lubricants on the contact and average 
actual stresses during static compression of copper 
were reported earlier [5]. These results show that 
at low loads the influence of lubricants on the 
actual stresses is hardly noticeable, whereas at 
higher compressions their effect is quite percep- 
tible. It was shown that the increase in the effec- 
tiveness of lubrication with the corresponding de- 
crease in friction on end surfaces has a much 
greater effect on the value of contact stresses than 
on the value of average actual stresses. The great- 
er the difference between the contact and the aver- 
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age actual stresses, the greater is the friction on 
end surfaces. 

In order to study the change of deforming stress- 
es during compression with forced sliding the 
values of the contact and the average actual stress- 
es were determined for various compressions. 
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Fig. 4 shows curves which illustrate the rela- 
tion between the contact stresses and the relative 
compression of tin and lead specimens. Curves 1 
refer to the compression of specimens with clean- 
ed surfaces, Curves 2 refer to lower cleaned end 
surfaces of specimens deformed with lubrication 
at one end and with forced sliding of the upper 
bearing plate. Curves 3 represent results obtained 
with specimens lubricated at one end at the con- 
ditions of usual compression and curves 4 refer to 
specimens lubricated at one end, compressed with 
forced sliding. 

Curves 1,2 and 3 in Fig. 5 illustrate the change 
of average actual stresses during compression 
without lubrication (curve 1), with lubrication and 
without forced sliding (curve 2) and with lubrica- 
tion and forced sliding (curve 3). 

These figures show that the forced sliding leads 
to a marked decrease of the deforming stresses and 
that this effect on the stress-strain curves corres- 
ponds to more effective lubrication. The compari- 
son of curves | and 2 in Fig. 4 shows that the 
effect of the forced sliding on a lubricated surface 
is not limited to the surface layers next to the bear- 
ing plate but is distributed throughout the volume 
of the specimen. The appearance of an additional 
distortion of metal along the opposite (cleaned) 
bearing plate means that forced sliding leads not 
only to the change of contact conditions and to 
the weakening of the effect of static friction, but 
results also in the re-distribution of deformations 
and stresses in the deformed specimen. The in- 
crease of the sliding speed, with the time of load 
application remaining constant, (15 sec) results in 
an increased distortion of metal along the bearing 
plates and helps in the re-distribution of deforma- 
tions along the axis of the specimen. 
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In order to make sure that the redistribution of 
deformations and stresses in the external layers of 
metal next to the bearing plate actually takes 
place and has a definite effect on the deformation 
of specimens as a whole, we have carried out com- 
pression tests with lead specimens using lubrica- 
tion and sliding in alternate directions. Under such 
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circumstances one could expect that the change of 
the direction of sliding will assist in the discharg- 
ing of inner stresses as a result of alternate shear 
strains along the bearing plates and will lead to a 
further decrease of both the contact and the aver- 
age actual stresses. 

The experiments were carried out with the bear- 
ing plate rotated at 0.5 rev/min. Sliding in altern- 
ate directions was applied in two ways. In the 
first case the direction of rotation was changed 
after half time (7,5 sec) of compression under a 


given load. In the second case the direction of 
rotation was reversed after each compression 
stage. In both cases the total time under a given 
compression load remained constant, and the same 
results were obtained. 

The calculated values of contact and actual com- 
pression stresses obtained from results of experi- 
ments carried out with forced sliding in one and in 
alternate directions are given below. 

The results obtained show that the compression 
with forced sliding of the bearing plate in altern- 
ate directions leads to a further reduction of com- 
pression stresses in comparison with sliding in 
one direction. 

It is interesting to see that the sliding in altern- 
ate directions at one end is accompanied during 
compression by the decrease of contact stresses 
not only on the lubricated end but also on the op- 
posite dry end. This means that the reversing of 
the sliding direction introduces additional changes 
both in the surface and in the bulk properties of 
metal. The reason for lower deformation stresses 
during experiments with sliding in alternate direc- 
tions lies in the decrease of deformation distortions , 
because of reversal of shearing forces, as the tem- 
perature and rate of rotation were maintained con- 
stant during the experiments. 

We did not carry out experiments with sliding in 
alternate directions at higher rotation speeds but 
one could expect a further decrease of the deforma- 
tion stresses at higher speeds due to the tempera- 
ture effect. 

In order to estimate the temperature effect with- 


TABLE 1. Values of contact o% , and actual g, stresses during compression of lead specimens 
with one end lubrication and with forced sliding at v = 0.5 rev/min 





Sliding in one direction 
v = 0.5 rev/min 


Sliding in alternate directions 
v = 0.5 rev/min. 





Contact stress (kg/mm?) 


Contact stress (kg/mm?) oe ea 


Compression 
force 
(kg) dry end 


Actual stress 


(kg/mm?) 








(kg/mm?) 


lubricated end dry end | lubricated end 





18 0.63 0.63 0.63 0.63 0.63 0.63 
0.96 0.94 0.94 0.95 0.94 0.94 
45 1.54 1.48 1.48 ES2 1.47 1.46 
66 2017 2.04 2.02 2.14 2.00 1.98 
87 202 2.51 2.46 2.62 2.38 2.33 
106 3.04 Bets 2.59 2.84 2.45 2.39 
3.15 2.73 2.56 2.88 2.40 2.38 
148 3.24 2502 2.58 3.00 2.42 2.39 
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in the limits of rotation speeds chosen (0.5-8rev/ 
min) we have measured bulk temperatures of speci- 
mens during experiments at highest loads and 
speeds used in experiments. A hole 0.8 mm in dia- 
meter was drilled in specimens into which the hot 
junction of a copper-constantan thermocouple with 
well insulated electrodes was inserted. The thermo 
couple wire was 0.1 mm thick. The hot junction of 
the thermocouple was pressed into the metal on 
application of the compression force ensuring good 
contact with the metal of the specimen. The tem- 
perature measurements were carried out with the 
bearing plate rotating at 8 rev/min and during a 
period of time much longer than the normal period 
(15 sec) under load at each stage. It was found 
that within the experimental accuracy (1°C) the 
temperature of the specimen did not change. It is 
possible that in the zone of direct contact with the 
bearing plate the temperature was somewhat higher, 
but this increase could hardly affect the bulk pro- 
perties of the metal to any appreciable extent. 

The results obtained show that plastic compres- 
sion with forced sliding of the end planes leads to 
more uniform deformation and is accompanied by a 
decrease of the deforming stresses. The reason for 
this we see in the weakening of the blocking effect 
of friction and in the re-distribution of stresses as 
a result of displacement of metal due to forced 
sliding. The effectiveness of forced sliding in- 
creases at high sliding speeds. [t was shown also, 
that the comparison with sliding in alternate direc- 
tions causes a further increase in the deformation 
stresses. This fact can be explained chiefly by 
partial discharge of distortions during reverse dis- 
placements (shearing strains) of metal. 


The above results agree well with the results 
obtained earlier by Polosatkin (Siberian Phys. 
Techn. Inst.) who compressed copper crushers be- 
tween conical plungers with forced rotation of one 
plunger. Polosatkin also noticed lowering of de- 
formation strains for a given compression and has 
shown that the deformation of specimen was more 
uniform. However, the explanation of the experi- 
mental results given by Polosatkin differs from 
that put forward in the present work. 


Translated by S.K. Lachowicz 
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1. The works of the Siberian physico-technical 
institute [1] have shown that for pure metals of 
the same crystalline structure there exists a rela- 
tionship between the melting temperature and the 
latent energy of deformation. The latter increases 
with the increase in melting temperature. This rela- 
tionship is explained by the fact that the intensity 
of relaxation occurring during deformation decreases 
with the increase in the melting temperature caus- 
ing additional accumulation of deformation dis- 
tortions in the material. The increase in the latent 
deformation energy with the increase in melting 
temperature (other conditions being the same) is 
thus easily understood as the former is the sum of 
energies of all deformation distortions. 

The picture becomes much more complex when 
one passes from pure metals to alloys **. The 
presence of atoms of the second component in the 
lattice of the solvent metal means that the alloy 
lattice is already distorted in the annealed state, 
and that the conditions of slip in it are much more 
complicated. Therefore, the latent deformation 
energy and the resistance to deformation of the 
alloy should be higher than of pure solvent-metal 
even if the latter has a higher melting temperature. 
This suggestion was put forward first by Bol’ - 
shanina [2] and partly confirmed by Tyzhnova[3]. 


Tyzhnova studied Cu-Ni alloys representing 
solid solutions of unlimited solubility and in par- 
ticular pure copper and four copper alloys con- 
taining 10, 30, 50 and 70 per cent Ni. Deformation 
was produced by compression. The correlation 
obtained by Tyzhnova for the ratio of the latent 
energy to the work of deformation for a definite 
relative deformation, and the concentration of nick- 
el is shown in Fig. 1. As expected, the energy 
absorbed by alloys is appreciably higher than 
that absorbed by pure copper. The value of the 
latent energy increases monotonically with the in- 
crease in nickel concentration. 





* Fiz. metal. metalloved. 5, No. 1, 120-126, 1957 
[Reprint Order No. 5 POM 18] 


** In this work only solid solution alloys are considered. 


Regarding the results obtained by N.V. Tyzhnova, 
it seems that the magnitude of the latent energy 
and its ratio to the work of deformation cannot 
increase monotonically with the nickel concentra- 
tion in the alloy. Such increase should occur only 
up to 50 per cent concentration of nickel when 
the lattice distortion is at maximum. Further in- 
crease in nickel concentration decreases the num- 
ber of copper atoms in nickel lattice and should 
result therefore in smaller amount of lattice dis- 
tortion and in correspondingly smaller latent energy 
of deformation. Hence, the latent energy of de- 
formation as a function of Ni concentration should 
be represented by a curve with a maximum in the 
region of equal concentrations. Tyzhnova did not 
obtain such a curve because the second half of 
the system Cu-Ni was represented in her work 
by one alloy (70 per cent Ni) only. 
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FIG. 1 — Variation of the absorbed energy (ex- 

pressed as percentage of the deformation work) 

as a function of Ni concentration in Cu-Ni al- 
loys for various compressions [3]. 


The second unfortunate omission in her work 
was the lack of the experimental point for pure 
nickel. The comparison between copper and its 
alloys is not very informative because copper al- 
loys have a higher melting temperature than pure 
copper and hence the increase of the latent de- 
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formation energy on passing from copper to its 
alloys can be explained solely by the increase in 
melting temperature. [lowever, the melting tem- 
perature decreases on passing from nickel to its 
alloys with copper and therefore the expected in- 
crease in the latent deformation energy can be at- 
tributed only to the specific properties of alloys. 

The present work was undertaken to clarify the 
problems considered above. 


which leads to values of the absorbed energy 
higher by 10-12 per cent. This error occurs in 
all measurements and is not relevant in the study 
of comparative relations. 

3. The principal results obtained in this work 
are represented in Figs. 2-6. 

Fig. 2 shows deformation curves of the alloys 
and metals studied. Let us consider first the re- 
sults obtained with the system Cu-Ni. The de- 


TABLE 1. 
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2. Studied were Cu-Ni alloys and both pure 
metals. Cylindrical specimens (Ay = 11.00 + 0.01 
mm and dy = 7.00 + 0.01 mm) for compression tests 
were prepared by Makogon from wrought rods and 
were annealed at especially chosen temperatures. 
The chemical composition of the materials studied 
is given in Table 1. 

Apart from the system Cu-Ni also another copper 
alloy (brass L62) of the composition 61.2 per cent 
Cu, 38.61 per cent Zn (Sn, Pb and Mn absent) was 
studied. Its melting temperature was lower than 
that of copper and hence it satisfied the condition 
of the problem studied in this work. 

The latent energy of deformation was determined 
as a difference between the deformation work and 
the heat evolved during deformation. This method 
was developed for compression by Bol’shanina 
and is described in a number of papers [1-3]. The 
description of this method is not necessary here. 
We are going to show only that the recent works 
at the Siberian Physico-technical Institute have 
thoroughly proved its reliability. In the present 
work this method was further developed experimen- 
tally. 

The accuracy of the above method is such that 
the scatter of individual values of the absorbed 
energy caused by accidental errors is 1-2 per 
cent. Ilowever, because of the non-uniform tem- 
perature distribution between the specimen and 
the steel plates between which the specimen is 
compressed a systematic error is introduced 
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FIG. 2 — Relation between the actudl stress and 
the relative deformation under compression for 
brass and alloys of the system Cu-Ni. 
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formation curve for Ni is higher and steeper than 
the corresponding curve for Cu. All alloys exhi- 
bit higher deformation resistance than pure sol- 


vent metals. The curves of both alloys based on 
Ni are higher than the nickel deformation curve. 
The deformation curve of alloy No. 3 based on 
copper lies higher than the copper curve. The de- 
formation resistance of the metals and alloys 
studied is shown much more clearly in Fig. 3 
where the actual compression stresses for various 
percentage deformations are plotted against Ni 
content. 
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FIG. 3 — Relation between the actual stress and 
the Ni content of Cu-Ni alloys for various 
compression. 
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FIG. 4 — Relation between the absorbed energy 
and the relative deformation for brass and Cu-Ni 
alloys. 


The curves showing the change in the absorbed 
energy with the increase in deformation are shown 
in Fig. 4. Attention is drawn to the fact that the 
latent deformation energy of all alloys is greater 
than the corresponding energy of pure metals. The 
higher the concentration of the second element 
the higher the latent deformation energy of the al- 
loy. [lowever, this increase continues only until 
the concentration of the second component reaches 
50 per cent. Further increase in the concentration 
of the second component leads to the decrease in 
the latent deformation energy. 

Fig. 5 plotted from data obtained from Fig. 4 
illustrates graphically the phenomena discussed 
above. The latent deformation energy as a func- 
tion of Ni content is represented by a curve with 
a maximum in the middle concentration range. The 
same can be said about the absorbed energy ex- 
pressed as percentage of the deformation work * 
(Fig. 6). The curves of Fig. 5 and 6 are analogous 
to the curves representing hardness, critical shear- 
ing stress, thermal electromotive force and electric- 
al resistance as a function of the composition of 
the Cu-Ni alloys, and show that the latent deform- 
ation energy satisfactorily expresses the state of 
the deformed material. 

The study of nickel and copper-nickel alloys con- 
firmed the assumption of Bol’shanina that in the 
case of alloys one cannot be guided in the estima- 
tion of the absorbed energy solely by the melting 
temperature. For instance the melting temperature 
nickel is higher than the melting temperature of 
its alloys with copper, but the latent deformation 





* Regarding this last relationship we ought to point out: 
that in spite of its visual appeal and wide range we 
consider it very fortuitous. The experiments show that 
this property is much less sensitive to changes in the 
conditions of deformation that the absolute value of the 
absorbed energy. Further, the work of deformation in- 
cludes also friction work which is very difficult to de- 
termine separately. Finally, the work of deformation is 
consumed not only in creating static lattice distortions 
but is used also in displacing these distortions along 
the shear planes. Apart from this the displacement of 
distortions is connected with the dissipation of their 
energy of motion which also is included in the work of 
deformation. Therefore, the absorbed energy expressed 
as percentage of the deformation work does not express 
the proportion of distortions remaining after deformation 
but depends also on other factors mentioned here. The 
absolute value of the absorbed energy characterizes 
only the final state of the deformed lattice and is 
therefore from our point of view a truer characteristic 
of that state. 
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energy of alloys is greater than that of nickel. 
Makogon [4]|has arrived at the same conclusion 
after considering the increase of the chemical in- 
teraction forces on dissolving a second component 
in a pure metal. 


System Cu-Ni. 
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FIG. 5. — Variation of the latent deformation 
energy as a function of Ni concentration for 
various compressions. 


In order to ascertain the generality of the results 
obtained for nickel and its alloys with copper simi- 
lar experiments were carried out with brass L62. 
This alloy is a solid solution of zinc and copper 
and has a lower melting temperature than copper. 
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FIG. 6. — Variation of the absorbed energy 

(expressed as a percentage of the deformation 

work) as a function of Ni concentration in Cu-Ni 
alloys for various compressions. 


However, it was expected that its latent deforma- 
tion energy will be higher than that of copper. Fig. 
4 shows that this expectation was fully confirmed. 
In spite of the fact that the deformation curve 
for brass (Fig. 2) lies below the corresponding 
curves for pure nickel and its alloys with copper 


(considering the alloys studied in the present work), 
the energy absorbed by brass is higher than that 
absorbed by nickel and approximately of the same 
order as the energy absorbed by the alloys. This 
means that in the case of alloys the correlation 
between the deformation curves and the curves 
representing the absorbed energy does not exist 
always. It seems that this apparent discrepancy 

is caused by the fact that the curves of the absorb- 
ed energy express only the strain hardening abili- 
ty of the material and are a quantitative expres- 
sion of only these distortions which occurred 
during plastic deformation. Deformation (stress- 
strain) curves on the other hand express also the 
properties of the lattice as such. The lattice of 
pure nickel shows much higher shear strength than 
brass and therefore the deformation (stress-strain) 
curves for nickel are above the curves for brass. 
However, the strain hardening ability of brass is 
greater than that of nickel * and consequently brass 
absorbs appreciably more energy during deforma- 
tion. 

The strain hardening ability of brass is especial- 
ly well shown in Fig. 4. At deformation ¢ = 15 per 
cent the amount of energy absorbed by brass is 
lower and at ¢ = 35 per cent already higher than 
that absobed by Cu-Ni alloys. This shows that the 
processes of relaxation in the brass lattice are 
hindered to a greater extent than in the Cu-Ni al- 
loys. In connexion with the small degree of relax- 
ation of brass during deformation one ought to men- 
tion the work of Gubkin and Mendeleev [5] who 
studied softening of copper and brass shavings 
under various conditions of cutting. They have 
shown that whereas in copper a marked softening 
and even recrystallization occurs under certain 
conditions, it was not possible to detect any signs 
of softening in brass irrespective of conditions 
employed. Generally, the relaxation and softening 
processes at room temperature are much more 
stongly hindered in solid solutions than in pure 
metals [4]. 

4. The higher latent deformation energy of al- 
loys in comparison with pure metals can be ex- 
plained solely on the basis of static distortions 
in the lattice caused by the introduction of atoms 
of the second component. Makogon [4] draws at- 
tention to another effect of the presence of second 





* The increase of deformation from 15 to 30 per cent 
increases the deformation stress of brass by 16 kg/mm? 
(see Fig. 2) and that of nickel only by 13 kg/mm’. 
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type of atoms, namely to the intensification of the 
chemical interactions on passing from pure metals 
to their solid solution alloys. In particular, the 
increase of chemical interactions in an alloy 
leads, according to him, to the decrease in the 
relaxation ability of the deformed lattice and to 
the increase in the latent deformation energy. 

If during the formation of a solid solution the 
chemical interactions between the ions in the lat- 
tice are intensified the latent deformation energy 
should increase substantially, as in the case of 
static distortions. Let us consider for instance 
Cu-Ni alloys. The evolution of heat during their 
formation, the change of colour and the increase 
of corrosion resistance all show that the chemical 
interactions become stronger on passing from pure 
components to their alloys [4,6]. The work of 
Iveronova et al. [7,8] has shown that in extreme 
cases there is no weakening of chemical forces 
in the lattice of alloys in comparison with pure 
components.* Therefore, there were grounds to 
expect an increase in the latent deformation energy 
on passing from copper or nickel to their alloys. 
The results of our work have confirmed this. 

However, it seems to us that the magnitude of 
the lattice bond force is not the only determining 
factor in the estimation of the latent deformation 
energy of metals and their alloys. The structural 


factor plays here also a substantial part. It is pos- 
sible to visualize a system in which the bond 


forces in alloy are weaker than in the pure metals 
constituting it, and yet the latent deformation 
energy of the alloy is greater than that of pure 
metals. Some basis for such an assumption is 
provided by the work of Kurdyumov et al. [8] 

who have shown that the bond forces can be weak- 
ened on passing from a pure metal to its solid 
solution whilst the strength of the alloy increases 
appreciably. It is obvious that the decisive part 
is played here by the structural factor. Unfortuna- 
tely, the latent energy of deformation of such sys- 
tems has not yet been investigated. 





CONCLUSIONS 


1. The latent deformation energy of solid solu- 
tions of the Cu-Ni system is represented as a fun- 
ction of the composition by a curve with a maxi- 
mum in the middle of the composition range. This 
relationship is similar to the variation of hard- 


ness, electrical resistivity, dynamic coefficient, 
thermal e.m.f. and other properties with the com- 
position. 

2. On passing from copper to brass L62, which 
is an a — type solid solution of limited solubility, 
the latent deformation energy increases. 

3. The increase of the absorbed energy with the 
increase in the percentage deformation is greater 
for brass than for alloys of copper with nickel. 

4. The parallelism between the strain-stress 
curves for plastic deformation and the curves re- 
presenting the absorbed energy as a function of 
the percentage deformation is not observed in all 
the cases (other conditions being equal). 

5. In the estimation of the latent deformation 
energy one cannot be guided solely by the melting 
temperature. The latter might decrease while the 
former increases and vice-versa. 

The authors express deep gratitute to Prof. Dr. 
M.A. Bol’shanina and to M.B. Makogon for setting 
the problem and for constant interest in the work. 


Translated by S.K. Lachowicz. 
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The problem of the distribution of alloying 
elements, in particular carbon, in the microscopic 
areas of a - and y - solid solution in iron alloys 
has not yet been solved in a convincing fashion 
experimentally. At the present time it is difficult 
to indicate a reliable method of recording the 
stages of microscopic heterogeneity in the distri- 
bution of the elements in solid solution, when the 
localization of these elements does not lead to 
the formation of phases which are visible by mic- 
roscope. All studies in these fields are, in 
essence, carried out by using local methods of 
chemical and spectroscopic analysis, by micro - 
hardness, by evaporation of the elements at a 
surface of fracture in vacuo, and in part, by radio- 
graphy. 

The methods enumerated, however, are not 
always found to be sufficiently reliable, especially 
in those cases where account is taken of surface 
heterogeneity, of state within the boundaries of a 
single crystallite of the solid solution. 

However, more and more attention is being paid 
in metallographic studies to problems of the dis- 
tribution of elements in solid solution. Although 
until quite recently concepts of the microscopic 
and sub-microscopic heterogeneity of composition 
did not pass beyond the limits of the usual hypo- 
thesis concerning the presence in solid solutions 
of concentration fluctuations in the initial stages 
of heating and cooling, the leading role in the 
determination of important details in the behaviour 
of metallic alloys is currently being more and more 
frequently ascribed to the factor of the hetero- 
geneity of the distribution of elements in the micro- 
structure. 

The hypothesis of V.I. Arkharov has been 
acclaimed by a considerable number of metallo- 
graphers; this admits that the Gibbs surface effect 
is distributed over a layer of polyatomic thickness 
in polycrystalline aggregates. According to this 
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hypothesis, the surface layer of a crystallite is 
enriched by an admixture which is capable of re- 
ducing its free energy (a “surface” admixture), 
and only a very small concentration of admixture 


in the alloy is sufficient to form such a layer. 
(1,2. 

Nevertheless, despite the convincing interpre- 
tation of a number of phenomena which take place 
in alloys during hot-working, experimental con- 
firmation of this hypothesis has not been achieved. 

The supposition of the microscopic heterogenei- 
ty of the composition of austenite is brought out 
by many authors in the course of their studies of 
the problems of plasticity [3], temper-brittleness 
[4-7], splitting [8], cracking [9], chimney fracture 
[10] and other phenomena but this supposed heter- 
ogeneity of the distribution of elements in austen- 
ite grain has not actually been confirmed by direct 
experiment. 

In the present work we put forward the results 
of experiments as to the nature of the distribution 
of small quantities of carbon in alloy-iron, using 
the autoradiograph method, with the assistance of 
the radioactive isotope *C. The efficacy of 
employing this method for the study of the distri- 
bution of many elements in iron and non-ferrous 
alloys has been established in a series of works 
[12-18]. 

Preference for the autoradiographic method is 
due to the fact that it is capable of revealing the 
nature of the distribution of an element in the 
structure of the alloy under study, irrespective of 
whether this element is found in the composition 
of the individuated phase or whether it comes out 
in the solid solution. By the autoradiographic 
method the localization of an element may, in 
practice, be traced when its content in the alloy 
is very small, which enables a picture to be ob- 
tained, in particular, of the nature of the distribu- 
tion of carbon in a - solid solution, in relation to 
the degree of alloying of steel by various elements. 

Alloys of low-carbon iron were subjected to 
tests, variously alloyed with nickel, chromium, 


gv 
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molybdenum, manganese, and silicon. The com- 
position of the alloys is shown in the table. 


TABLE 1. 





Test Chemical composition (%) 





— Cr | Ni| Mn | Si | Mo 





Armco - iron 

Iron —chromium 
Iron —nickel 
Iron — manganese 
Iron — silicon 


Iron — molybdenum 























Radio-active carbon, found in the compound 
BaCO,, is introduced into the alloy under study by 
means of “cementation” at a temperature of 970°. 
Since only barium carbonate without additive car- 
bon serves as a source of radio-carbon, the in- 
crease of the average carbon content of “cemented” 
test-pieces was not taken beyond 0.03—0.05 per 
cent. The permeation of the radio-active carbon 
(as shown, it is dependent on C) from barium car- 
bonate to steel was accomplished by means of 
isotopic interchange, probably in the following 
manner: 


2 BaCO, » 2 Bad + 2 CO, 
2C0, +2C »2C0+2C0 


from steel 
2CO + 2CO + CO, + CO, +C+C: 


to steel 


Simultaneously with their saturating with radio- 
active carbon, the test-pieces were worked to a 
coarse-grain state (holding-time; 50 hr at 970°). 
This was done so that the nature of the distribu- 
tion of carbon would show up more clearly within 
the confines of a single crystal. 

After passing through the prescribed hot-work- 
ing, the radioactive test-pieces were subjected to 
radiography. Sections were cut from them, and 
these were kept for several days in contact with 
the emulsion of a photographic film. A picture 
was obtained on the film of the distribution of the 
radioactive carbon in a surface layer of the alloy 
of about 0.03 mm in thickness (maximum projec- 
tion in iron of B-particles, expelled from the nuclei 


of the **C atoms during disintegration is 0.038 mm). 
For the exposure, nuclear photofilm NIKFI type 
MR was used, which allows the autoradiographs to 
be magnified as is necessary by 100 or more. To 
prevent chemical interaction between the metal and 
the photo-emulsion, the test-pieces were coated 
before exposure with a solution of polystyrol in 
xylene, which gave, on urying, a very fine protec- 
tive film (about 1 y) on the surfaces to be radio- 
graphed. 

In all the autoradiographs described above, the 
very dark areas correspond to high concentrations 
of radio-active carbon (in part to its position in 
the masses of metal nearest to the radiographed 
surface) and the very light areas to lower concen- 
trations (or to its position in the metal masses 
remote from the surface). 





FIG.1 (c) 
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Sas, i +o 
FIG.1 (d) 


FIG.1 (f) 


FIG.1. Autoradiograph (x52) of an alloy in the 
annealed state (970°, 5 hr): 

a, Fe - Cr; b, Fe - Mn; c, Fe - Ni 

d, Fe - Si; e, Fe - Mo; f, armco-iron 


Examining the autoradiographs given in Fig.1, 
(taken from test-pieces which were in the annealed 
state, 970°) one is struck by the fact of the sharp- 
ness with which the microscopic irregularity of 
the carbon distribution stands out, and it is very 
apparent that in alloys of iron-silicon (Fig. 1d) 
and iron-molybdenum (Fig.le) carbon is concen- 
trated mainly along the grain boundaries. Less 
clear pictures are obtained for other alloys; never- 
theless, even in their case areas of darkness in 
the autoradiographs, manifestly, correspond to the 
positioning of carbon mainly along the grain 
boundaries. 


If an alloy containing radio-carbon is hardened 
at a temperature above Ac, then, by radiography 
of this alloy we can establish the degree of 
irregularity of carbon distribution in the austenite 
in its pre-hardening state. If irregularity actually 
arises, it can be expected that it will be revealed 
further with the localization of carbon in very fine 
boundary layers in which, according to 
V.I. Arkharov, the surface active admixtures 
(some hundreds or thousands of interatomic spaces) 
are capable of being concentrated, since the photo- 
emulsion is exposed to the action of the radiation 
emitted by the nuclei not only of the surface, but 
also of the deep atoms. 


FIG.2(b 


FIG.2(c) 
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FIG.2(f) 
FIG.2. Autoradiograph (x65) of an alloy in the 
hardened state (1200°, quenched in water) 
a, Fe - Cr; b, Fe - Mn; c, Fe - Ni 
d, Fe - Si; e, Fe - Mo; f, armco - iron 


Examining the autoradiographs taken from radio- 
active alloys hardened in water at a temperature 
of 1200° (Fig.2), we cannot discern any outstand- 
ing concentration of carbon along the grain boun- 
daries: the degree of darkening of the autoradio- 
graphs within the limits of the magnification used 
(x 65) is found to be perfectly regular for any of 
the alloys under study, which testifies to the 
uniformity of distribution of carbon within the 
confines of the austenite grain in Armco-iron, 
and in alloys of iron with nickel, manganese and 


chromium. As regards alloys of iron with silicon 
and molybdenum, since they, according to their 
structural diagram, do not undergo austenitic 
conversion, it can be concluded that at a tempera- 
ture of 1200° carbon in these alloys is distributed 
uniformly relative to the ferrite grain*. 


Be aes 


Se, Fete * 
Beran doe PAE OF 


FIG.3. Autoradiograph (x65) of an alloy in the 
hardened state (950°, quenched in water) 
a, Fe - Mn; b, Fe - Ni; c, Fe - Si 





* {n a particular case of an alloy having uniform 
carbon distribution, its generally equal concentra- 
tion diminishes in the central] and peripheral zones 
of the grain, although in each zone there can be 
masses which diverge from the generally static 
state according to the concentration of carbon on 
either side. 
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A similar picture emerged as a result of the 
rapid quenching of test pieces at a temperature of 
950°; some of the autoradiographs obtained are 
shown in Fig.3. The distribution of carbon within 
the confines of the grain is perfectly uniform in 
this case also. 

Results, testifying to the absence of visible 
enrichment of the grain boundaries of austenite 
and ferrite at temperatures above 900°, naturally 
cannot claim to be an exhaustive solution of the 
problem of the distribution of carbon in these 
phases. The comparatively limited capacity of 
the autoradiograph method to solve these problems 
does not permit judgement to be formed as to the 
degree of heterogeneity of austenite and ferrite in 
areas considerably finer than those comprising the 
structures which were visible with the magnifica- 
tion employed. It is possible that the heterogene- 
ous state of these phases, in regard to carbon, at 
high temperatures is commensurate not with the 
polyhedrons of the solid solution, but with a dif- 
ferent type of structural non-uniformity of crystal- 
lites, or with blocks of mosaic structure[2]. 

In every case, consequently, the fact of the 
absence from the alloys examined at temperatures 


above 900°, of outstanding conglomerations of 
carbon along the grain boundaries can be deemed 
to be established since (in those cases where 
irregularity of carbon within the confines of the 
grain actually occurs) it shows up perfectly 
clearly in autoradiographs (see the autoradio- 
graphs taken of annealed and tempered conditions). 


FIG.4. Autoradiograph (x52) of an alloy in the 
annealed state (590°, 10 hr); 

a, Fe - Cr; b, Fe - Mn; c, Fe - Ni 

d, Fe - Si; e, Fe - Mo; f, armco-iron 


If a certain general tendency is observed in the 
character of carbon distribution for all the alloys 
studied, in the hardened and annealed states (i.e. 
complete uniformity as to carbon after hardening 
and its fairly sharp dispersal as a result of anneal- 
ing), then tempering of hardened alloys (590°, 10 
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hr) enables two groups of alloys to be indicated, 
sharply differing in degree of heterogeneity of 
carbon distribution: alloys of iron with chromium 
and with manganese (Fig.4a and 4b), which do not 
exhibit tendencies to redistribution of carbon, and 
alloys of iron with nickel, silicon, molybdenum 
and, to some extent, Armco - iron (Fig.4c - 4f), in 
which, under tempering, a sharp re-distribution of 
carbon takes place in the direction of enrichment 
of the grain boundaries by it. 

Even if the re-distribution of the carbon is not 
dependent on phase-conversion, it is connected 
with its solubility in the a - and y - phase. In 
particular if the content of carbon in steel exceeds 
the limits of its solubility in a - iron, then carbon 
re-distribution in the direction of grain boundary 
enrichment must be the inevitable accompaniment 
of the precipitation of carbides from the solid solu- 
tion. 

The re-distribution of carbon in the austenite of 
hypo-eutectoid steel may serve as an illustration 
of this: with the holding of steel at the temperature 
range A, - As, all the excess carbides, occurring 
within the grain, disappear; the carbide lattice 
forms along the grain boundaries. 

Since chromium and manganese, as carbide form- 
ing elements, assist the conservation of the super- 
saturation by carbon of the a - phase up to very 
high temperatures, the precipitation of carbides 
and the re-distribution of carbon at the grain boun- 
daries which accompanies it in alloys of iron- 
chromium and iron-manganese must, evidently, 
take place at much higher tempering temperatures 
than in unalloyed steel. 

This is visually confirmed in the auto- 
radiographs shown in Figs. 4a and 4b, from which 
it follows that, in alloys or iron-chromium and iron- 
manganese, tempering at 590° does not lead to the 
concentration of carbon at the grain boundaries, 
although with annealing, as shown above, re- 
distribution of carbon took place in these alloys. 

A different picture is observed in Armco-iron 
(Fig.4f). Here the carbon is less strongly checked 
in the solid solution, in comparison with alloys 
which contain carbide forming elements; conse- 
quently, tempering at 590° even with such a low 
carbon content in the alloy as 0,035 per cent 
induced the re-distribution of this element along 
the grain boundaries. Lowering the tempering 
temperature leads to more complete precipitation 
of carbon from the solid solution, as a result of 


which the concentration of carbon at the grain 
boundaries becomes stronger (F'ig.5). 


FIG.5. Autoradiograph (x52) of test-pieces of 
armco-iron in the tempered state 
a, tempering 700°, 2 hr 
b, tempering 750°, 2 hr 


When an iron-carbon alloy is treated with non- 
carbide-forming elements (nickel and silicon) its 
cohesive forces which keep the atoms of carbon 
in solid solution, are diminished, which leads to 
more intensive precipitation of carbon, and con- 
sequently also to the concentrating of this element 
at the grain boundaries. 

Precisely in this lies the explanation of the 
acute heterogeneity, through carbon, brought out 
clearly in the autoradiographs of tempered alloys 
of iron-nickel (Fig.4c) and iron-silicon (Fig.4a). 

One of the authors of the present paper had 
previously published a number of general concep- 
tions concerning the mechanism of the effect of 
alloying elements on the susceptibility of struc- 
tural steel to temper brittleness [7]. These con- 
ceptions were based on the idea of the ability of 
carbide-forming elements to retain considerable 
quantities of carbon in ferrite up to high tempering 
temperatures and on the intensification of the pro- 
cess of carbon-precipitation by such elements as 


Ni, Al, Si. 
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In view of the difficulty of direct experimental 
confirmation of these contentions, doubt has been 
expressed in one of the works listed below [11] 
as to their credibility, in respect of that part 
which concerns the effects of Ni, Al and Si. 

The results of the radiographic studies, put out 
in the published work, gives visible confirmation 
of the veracity of the contentions as to the relative 
effects on the redistribution of carbon of both those 
elements which form carbides, and those which do 
not. 

Also visibly illustrated is the contention that 
silicon is a much more energetic intensifier of the 
process of carbon precipitation than nickel [7]: 

a comparison of the autoradiographs obtained from 
radioactive alloys of iron-silicon (Fig.4d) and 
iron-nickel (Fig.4c) allows it to be established 
that in the first case carbon, as a result of temper- 
ing, appears to be “squeezed” out to the grain 
boundaries, to a markedly greater degree than in 
the second case. 

Even if in iron-nickel alloy, variation in the 
behaviour of carbon after hardening and annealing 
is conditioned by the dissimilar solubility of 
carbon in the y- and a- phases, as similar varia- 
tion in Fe - Si alloy (irregular carbon distribution 
in the grain after rapid quenching at temperatures 
over 900°, and its concentration along the grain 
boundaries during tempering) is not altogether 
clearly apparent, since an alloy containing 4.4 per 
cent Si must be monophase quite close to the soli- 
dus line. In all probability the presence of small 
admixtures of such elements as C, Ni, Mn, and 
also micro-heterogeneity of the distribution of 
silicon alone in an alloy leads to the formation in 
the structure of irregularly-distributed areas of 
austenite, in which carbon still dissolves at tem- 
peratures above 900°. 

It has been established above on the basis of 
the radiographs examined, taken from hardened 
radio-active alloys, that at temperatures above 
Ac,, entichment or impoverishment of the austen- 
ite grain boundaries with carbon does not take 
place. Study of the autoradiographs taken from 
tempered test pieces allows a similar conclusion 
to be drawn not only in relation to the distribution 
of carbon, but also in relation to the distribution 
of two carbide-forming elements-chromium and 
manganese. Indeed if irregular distribution of 
chrome or manganese were to take place in austen- 


ite at a temperature of 1200°, then, as a result of 
tempering after hardening, carbon would inevitably 
have to be transposed to places enriched by these 
elements because of the unequal rate of diffusion 
in ferrite of carbon on the one hand, and chromium 
and manganese on the other. This is confirmed 
(Fig.6) by the autoradiograph taken from a bimetal- 
lic test-piece annealed at a temperature of 600° 
containing radio-active carbon; one half of the 





FIG.6. Autoradiograph (x4) of the contact boun- 
daries of steels (a) unalloyed, and (b) alloyed 
with 3 per cent chrome; annealing 600°, 4 hr 


test-piece (a) consists of an alloy of iron with 3 
per cent chromium, the other (b) of low-carbon 
unalloyed steel [17]. As is shown by this auto- 
radiograph, due to tempering, carbon energetically 
diffuses out of the deep layers of the unalloyed 
steel to the junction where it fuses with the 
alloyed steel, on account of the latter’s high 
chromium content. 

This fact that in iron-chromium and iron- 
manganese alloys re-distribution of carbon due to 
tempering does not arise, testifies to the regularity 
(relative to the grain boundaries) of chromium and 
manganese distribution in austenite are 1200°. 

One ought to pause in particular, at the distribu- 
tion of darbon in alloys of tempered steel Fe-Mo. 
It can be expected that in them the character of 
carbon distribution as a result of tempering does 
not undergo obvious changes, as compared with 
the state which is fixed by hardening. Actually, 
even in tempered iron-molybdenum alloys very 
clear indications are found of concentrations of 
carbon along the grain boundaries. (see Fig.4e). 

The explanation of the fact may be sought in 
the phase state of the alloys under study; the 
autoradiographs at Fig.4e are taken from alloys of 
iron with 12.5 per cent molybdenum. With such a 
concentration of this element, a certain amount of 





110 Radiographic study of the distribution of carbon in iron alloys 


¢ - phase [Fig.7] is inevitably present in the 
structure along with a- phase and positioned, mani- 
festly, along the boundaries of the ferrite grain. 
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FIG.7. Diagram of the state of iron- molybdenum 
alloy (up to 60 per cent Mo) 


Since the minimum concentration of molybdenum in 
the ¢ - phase is 50 per cent, the boundaries of the 
ferrite grain are found to be enriched with molyb- 
denum, and diffusion of carbon into them in the 
tempering process must, consequently, occur. From 
the autoradiographs at Fig.8, it follows that in an 
alloy containing 0.3 per cent Mo, no such concen- 
tration of carbon occurs along the ferrite grain 
boundaries in tempering, since the iron-molyb- 
denum alloy described in mono-phase. 


FIG.8. Autoradiograph of an alloy of iron with 0.3 
per cent Mo after tempering at 590° for 10 hr 


Thus, the process of carbon concentration at 
the grain boundaries which takes place in alloys 


of Fe-Si (Fig.4d) and Fe-Mo (Fig.4e), although 
identical in its radiographic effect, has, for the 
reasons shown a quite different nature in each 
case: in Fe-Si alloy carbon is displaced towards 
the grain boundaries in proportion to the distribu- 
tion of silicon in the iron; in Fe-Mo alloy, con- 
taining 12.5 per cent molybdenum, carbon diffuses 
towards the grain boundaries as a result of the 
precipitation of a phase of molybdenum-enrich- 
ment at these boundaries, consequent upon the 
well known affinity between molybdenum and car- 
bon. The re-distribution of ¢ - phase along the 
grain boundaries is dependent upon the molybdenum 
content of the alloy exceeding its maximum solu- 
bility in ferrite. 

In the light of this it is entirely warrantable to 
accept that, with rapid quenching at a temperature 
of 1200° the carbon distribution in the iron- 
molybdenum alloys under investigation appeared 
to be similar; manifestly, at temperatures above 
1200° « - phase disappears, and the alloys become 
mono-phase. 


CONCLUSIONS 


With the aid of the radioactive isotope of carbon, 
14C, studies were made of the distribution of car- 
bon in alloys of iron containing chromium, 
manganese, nickel, silicon, and molybdenum. The 
establishment (for the alloys under study in this 
work) of the nature of the interconnexion between 
the distribution of carbon under various regimes 
of thermal influences and the content of the 
elements mentioned above permits the assumption 
of the existence of the following general systems 
of distribution of carbon and alloying elements in 
iron alloys in process of being hot-worked. 

1. Where the concentration of alloying elements 
and carbon at a given temperature does not in- 
crease their critical solubility in iron, carbon and 
alloying elements are distributed with comparative 
regularity throughout the whole body of the grain. 

2. Where the concentration in the alloy of 
carbide-generating elements at a given tempera- 
ture: 

(a) does not exceed their critical solubility in 
iron, these elements are distributed with compara- 
tive regularity through the whole boly of the 
grain, so that it slows down the process of the 
re-distribution of carbon in the direction of enrich- 
ment of the grain boundaries. 
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(b) exceeds their critical solubility in iron, 
the boundaries of the grains will be enriched by 
these elements, and consequently also by carbon. 

3. Where the concentration of non-carbide- 
forming elements at a given temperature: 

(a) does not exceed their critical solubility in 
iron, these elements are distributed with compara- 
tive regularity through the whole body of the 
grain, so that the re-distribution of carbon is 
facilitated in the direction of enrichment of the 
grain boundaries. 

(b) exceeds their critical solubility in iron, 
the grain boundaries will be enriched by these 
elements, and, consequently will be depleted of 
carbon. 


Translated by M.W. McGrath 
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THE FORMATION OF SPRAYED 
METAL COATINGS 


In the electric metal-spraying process, as the 
metal is melted by the electric current, it is en- 
trained in the air, atomized and built up on to 
the surface being coated. The metal particles in 
the air stream are spherical in shape, of sizes 
varying within very wide limits, from scarcely 
visible at high magnifications to coarse, reach- 
ing 0.2- 0.3 mm. diameter. The outside of the 
particles is covered with an oxide coat. 

As the metal is melted and atomized by the 
air, the liquid metal picks up gases from the 
air, including oxygen. It is known that the solu- 
bility of oxygen in iron increases with increas- 
ing temperature, reaching 0.2] per cent at 1520°C 
[1]. With further rise in temperature the amount 
of oxygen absorbed continues to rise, and ac- 
cording to Academician A.A. Baikov’s data, 
reaches 0.552 per cent at 1734°. 

Under metal-spraying conditions the material 
is highly atomized, leading to the formation of a 
large reaction surface, and the high partial pres- 
sure of oxygen in the air leads to much more in- 
tense pickup in the metal. The moving stream of 
air-entrained metal particles, as it travels away 
from the spray-gun, goes from a zone of high 
oxygen partial pressure to zones of lower. At 
the same time as the atomized metal, is cooling. 
the solubility of oxygen falls and oxides are 
formed. 

In the electric metalspraying one must expect, 
in the first place, the formation of ferrous oxide 
which, dissolving in the metal particles, will 
react with other constituents [1]. The temper- 
ature determines the order and speed of reactions; 
thus, above 1470° the carbon is mainly oxidized 
and, as it burns out, protects the silicon, man- 
ganese and iron. However the metalsprayed part- 
icles have on their surfaces oxide layer of 
considerable thickness, sometimes exceeding 
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4 p. In these circumstances, the oxidation and 
dissociation processes will be determined not 
so much by external factors as by the rate at 
which oxygen out of the particles can hardly 
have any substantial effect on the amount of ox- 
ides, in view of the short duration of this stage. 

At the end of the trajectory the particles strike 
the sprayed surface and adhere to it. 

Work by the authors [2] has established, that 
the main mass of metal in the particles is in the 
molten state and that on impact the oxide coat is 
shattered, ejecting the metal which splashes out 
on to the surface and solidifies. The finest part- 
icles, however, succeed in solidifying whilst still 


‘in flight and to some extent retain their spherical 


shape. Contact of the particles with previously 
deposited or parent metal and also the flow of 
the air stream past them causes rapid cooling, as 
a result of which oxidation processes are slowed 
down and the physico-chemical state of the coat- 
ing metal is far from equilibrium. Although the 
splashing stage occupies a very short time, a 
new thin oxide film is nevertheless able to form 
on the metal surfaces thereby exposed. The 
solidification of the molten iron is accompanied 
by the formation of wustite, which is unstable 
below 570° and breaks down to form ferroso-fer- 
ric oxide. 


FIG. 1. Sprayed steel particle in section ( x 48). 


We established, however, that in electric metal- 
spraying, neither complete separation of oxygen 
from solid solution nor wustite decomposition oc- 
cur during the very rapid cooling. The cooled 
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metal exhibits supersaturated oxy-ferrite, meta- 
stable wiistite and particles of ferroso-ferric oxide. 

Fig. 1. shows in section a sprayed particle 
of low-carbon steel. It is surrounded by an oxide 
coat of thickness 2-3 p, within which is metal 
saturated with highly disperse oxides: structural- 
ly it is reminiscent of the oxygen eutectic. 

By increasing the air pressure and distance 
from the surface being sprayed, and also by 
altering the material used, sprayed steel coat- 
ings can be obtained with from 2 to 50 per cent 
oxides. 


THE EFFECT OF HEAT TREATMENT ON THE 
STRUCTURE OF SPRAYED COATINGS 


The partition of oxygen between the oxy-fer- 
rite and oxides in sprayed coatings and also the 
effect of the presence of oxygen on the physico- 
chemical properties of the coating are very clear- 
ly in evidence in heat treatment. Fig. 2a shows 
the original structure of a sprayed coating; the 
light areas are metal, saturated with highly dis- 
perse oxides, the dark, oxide films and massive 
formations. Fig 2b shows the same coating after 
annealing at 930°. From a comparison it is seen 
that the fine oxides dispersed in the metal are 
fewer, having coagulated into coarser particles. 
The oxide films have to a large extent broken up 
into separate inclusions, and have almost entirely 
lost their original distribution along the grain 
boundaries; the metal has become more monolithic. 

The oxygen in metalsprayed steel coatings oc- 
curs in supersaturated oxy-ferrite, metastable 
wustite and oxides of various particle sizes. On 
slow cooling the excess of oxygen must pass over 
into oxides, finally to ferroso-ferric oxide. 


TABLE 1 





Condition Oxide Content (per cent) 
of 


Coating FeO 





Fe,0, Oxides 





Before annealing 8.0 2.5 10.5 
After annealing 3.0 18.0 21.0 














X-ray structural analysis and metallography 
have shown that after annealing the sprayed layer 
contains a considerably greater total quantity of 
oxides (Table 1). Bearing in mind that the an- 


nealing was carried out under conditions prevent- 
ing the metal from absorbing oxygen from exter- 
nal sources, it is clear that the oxygen was 
present in the metal itself. 

According to the iron-oxygen phase diagram, at 
oxygen contents below 21 per cent and a temper- 
ature of 930°, the oxygen may be present in the 
oxy-ferrite and as-wiistite. Any ferroso-ferric oxide 
oxide present at this temperature must on prolonged 
holding, be reduced to ferrous oxide. In fact, the 
experiments showed that both the disperse oxides 


and the films underwent solution in the coating 
(Fig. 2). Prolonged holding at high temperatures 


4 os 
* _- 


FIG. 2. Structure of sprayed coating (steel): 
a, before annealing; b, after annealing; (x 480) 


leads the more uniform distribution of oxygen in 
the metal, excess oxygen in the oxy-ferrite and 
wustite precipitating around existing oxides 
which act as crystallization centres. This is 
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aided by the more rapid diffusion of iron atoms 
into the wiistite. 

On slow cooling after annealing, the reverse 
process occurs: first the partial breakdown of 
oxy-ferrite and increase of the oxygen content 
present as wustite,then on reaching 570° the main 
mass of wustite decomposes and ferroso-ferric 
oxide is precipitated. 

Both tempering and normalizing give inter- 
mediate results in comparison with the conditions 
of the coating before and after annealing, as 
regards both its oxide content and the compo- 
sition of the oxides. When an annealed sprayed 
steel coating is quenched, it again assumes the 
non-equilibrium condition it possessed before 
heat treatment. On carburizing, reaction between 
carbon monoxide and the oxides leads to reduc- 
tion to iron. The carburized layer consists of two 
zones: an outer pearlitic zone, up to 2 mm thick, 
and an inner ferritic zone up to 3 mm. 


THE PHYSICO-MECHANICAL PROPERTIES 
OF SPRAYED STEEL METALS 


The oxides have a big influence on the physico - 
mechanical properties of sprayed steel metals. 
Table 2 gives, for a single sprayed steel, the 
values of microhardness, ultimate tensile strength 


and coefficient of friction, as influenced by various 


types of heat treatment. 


TABLE 2 





causes wustite breakdown and oxygen evolution 
from the oxy-ferrite; this leads to a drop in hard- 
ness,and oxide precipitation reduces both the 
strength and the anti-friction properties of the 
coating. 

Annealing at 930° leads to oxide precipitation 
but at the same time allows the oxide particles 
to coagulate. 

The metal is cleansed of highly disperse oxide 
particles, thus increasing its strength and re- 
ducing its coefficient of friction. 

The results obtained confirm that after certain 
types of heat treatment, sprayed steel coatings 
have mechanical and antifriction properties suit- 
able for their use as engineering materials in their 
own right. To test this possibility, the bronze bush 
of a screw-cutting lathe spindle was replaced by 
a similar bush the bearing surface of which was 
prepared from a normalized sprayed steel coating, 
without backing (Fig. 3). The hardness of the 














Coeff. of 
friction 


U.T.S. 
(kg/mm?) 


Microhardness 
(arbitrary units) 


Type of Heat 


esctenet FIG. 3. Bush for screw-cutting lathe, faced with a 


normalized sprayed steel layer. 





before treatment 100 15-18 0.0488 


after: 
tempering 75-80 7.0-7.5 
normalizing 40-50 14.0-15.0 
annealing 20-25 10.5-12.0 
carburi zing 5-10 7.5-8.0 
quenching c.100 8.0-8.5 


material did not prevent machining of the bush. 
The machine spindle on which the bush was fit- 
ted operates at 8 to 525 rev./min. The machine 
was put into service and has been running normal- 
ly for about two years. 


0.0848 
0.0410 
0.0405 
0.0378 
0.0588 














The data in Table 2 indicate that annealing and REFERENCES 


carburizing have the most marked effect on micro- 
hardness, particularly carburizing, after which the 
microhardness was only 5-10 per cent of its 
original value. 

The physico-mechanical properties depend to 
a large extent on the composition, amount and 
disposition of the oxides. Thus, tempering at 600° 
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EFFECT OF HEATING RATE FOR HARDENING OF NON-UNIFORMITY 
OF AUSTENITE CARBON CONTENT* 


A.G. SPEKTOR 
State Scientific Research and Experimental Institute of the Bearing Industry 
(Received 11 June 1956) 


Short heating times for steel prior to hardening 
are coming more and more into use in connexion 
with the introduction of high-productivity induc- 
tion methods. Shortening the heating time, provi- 
ded it is accompanied by a corresponding tempera- 
ture increase, is known not to prevent the required 
degree of carbide solution from being attained, 
since the reduced duration of heating is balanced 


by accelerated diffusion and phase transformations. 


However, it is found in practice that as heating 
time is shortened, the distribution of the dissolved 
carbon and alloying element contents becomes 
more and more non-uniform, for a constant mean 
composition of the austenite. This non-uniformity 
of the austenite composition may lead to reduced 
stability at sub-critical temperatures, because of 
the presence of areas, in which the carbon and 
alloy contents are below normal. A study of the 
effects of heating time on the nature of austenite 
heterogeneity is thus of practical interest. There 
are two main possible causes of micro-hetero- 
geneity in austenite. The source of the first type 
of heterogeneity is the spatial distribution of car- 
bides, and their non-uniformity in size, in the 
original structure. [n the final analysis, this type 
of heterogeneity is segregational in nature, and 
its period, i.e. the distance across uniform areas, 
has a value of the order of 107 —10“cm. The 
other form of austenite heterogeneity is the natural 
consequence of the spatial discontinuities of the 
carbides. The carbon and other constituents of 
the carbides in hyper-eutectoid steel only enter 
the austenite through the carbide—austenite inter- 
faces and cannot spread deeply into the solid 
solution without a concentration gradient being 
present. The period of this type of heterogeneity 
is of the order of the mean distance between car- 
bide particles, i.e. 10° —10-Scm. The present 
research refers to this “natural” carbon hetero- 
geneity in austenite. 

The experiments were carried out on steel con- 
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taining 1 per cent carbon and 1.4 per cent chrom- 
ium, with an original structure of granular pearlite. 
Specimens in the form of rings 60 mm in diameter 
and 5 mm thick were induction heated, using 650 
c/s current, under various conditions determined 
by the current strength i in the supply generator, 
and were quenched from various temperatures, 
without a soaking period. For each current 
strength a series of specimens was obtainable, 
relating to various degrees of uninterrupted heat- 
ing under the given thermal regime (Fig.1). Each 
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FIG.1. Heating curves for specimens, at various 
settings of generator current i. 


thermal regime gives a characteristic mean heating 
rate over the temperature range investigated. 


METHOD OF DETERMINING HETEROGENEITY 


The difficulties of directly observing hetero- 
geneity of the second type under the microscope 
made it necessary to use an indirect method to 
study the concentration field in the solid solution. 
Let the carbides, dissolving in the austenite, be 
represented as a multiplicity of identical spheres 
of radius rp. Then, as Fig.2 shows, a sphere of 
radius rm can be drawn around each carbide par- 
ticle, within which the composition has spherical 
symmetry and which will be called the diffusion 
sphere. On this scheme, the structure is divided 
into a multiplicity of identical regions, within 
which the concentration field is spherically sym- 
metrical. Since the sum of the volumes of these 
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carbide 
particles 


diffusion 
sphere 





FIG.2. Model of concentration field in austenite 
with spherical carbide particles. 


regions equals the volume of the structure, whilst 
the sum of the volumes of the central particles 
equals the volume of carbides, we have 
m oe 
“9 -y, ‘ (1) 
where Vj, is the volume fraction of carbide phase 
in the structure. 

As the carbides go into solution and the austen- 
ite is enriched with carbon, the carbon concentra- 
tion c must fall monotonically with distance r, 


Oc 

— <0. 

ri (2) 
At any point in the solid solution the concentra- 


tion must increase with time r, 


(2b) 


The differential equation for radial diffusion has 
the form 


0 (er) - 0? (cr) (3) 


Or ore’ 


where D is the diffusion coefficient. 


It follows from (2b) and (3) that 


0? (cr) 
0. 
or? wi (4) 


The equality sign in (4) refers to the case of 
stationary diffusion, for which we obtain, integrat- 
ing (3): 

dc 


c= tot rel =), 


r—le 


(5) 


r 


where c, and (dc/dr), are the carbon content and 
concentration gradient respectively at the carbide- 
austenite interface. It follows from (2a) that the 


value co is the maximum value of concentration in 
the diffusion sphere. Its minimum value, relating 
to the perimeter of the diffusion sphere (r = rm), 
will be denoted by cm. Then, under stationary dif- 
fusion conditions, the maximum drop in concentra- 
tion, which provides a measure of the composition 
heterogeneity of the austenite, will be 


The magnitude of c, obtained from (6) is greater 
than any other magnitude of this value which can 
be obtained from the differential inequality (4). 
According to (4), the relationship between the pro- 
duct cr and r is a straight line, in stationary diffu- 
sion, and a curve with a concave lower portion in 
non-stationary diffusion (Fig.3). Hence it follows 
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FIG.3. Stationary (1) and non-stationary (2) com- 
position distribution. Relationship of C; to r. 


that for given values of ro, rm and (dc/dr)o, the 
difference (C, - C,,) has its maximum value under 
stationary diffusion conditions. Thus the com- 
position heterogeneity of the solid solution, as 
estimated from (6), is greater than the actual 
heterogeneity. 

Since it is necessary to determine the gradient 
(dc/dr)> experimentally, let us consider the schem- 
atic drawing in Fig.4. 


c 














FIG.4. Schematic view of calculated boundary 
concentration gradient. 
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If cy is the carbon concentration in the carbide 
phase and A the linear rate of solution, then when 
a layer of carbide of thickness Adr goes into solu- 
tion, the amount of carbon in this layer falls to 
the value 4IIro? (ci = co) Adr.. On the other hand, 
the amount of carbon leaving the layer by diffusion 
into the solid solution in the time dr will be 


4a To? (dc/dr)o dr 


Equating these values, we have 


dc. A 
eo << oa op (7) 
The limiting value of co of concentration can 

vary from ¢ to Ce, where ce is the equilibrium 
carbon content and c the mean carbon content in 
the solid solution. The value of ce is found from 
the equilibrium diagram and cannot exceed 1.7 
weight per cent. As will be shown below, the 
minimum value of c, in our experiments, can be 
taken as 0.3 weight per cent. Therefore, for car- 
bides of the cementite type, such as occur in steel 
of the composition studied, the difference (ci -co) 
can vary slightly i.e. from 6.4 to 5.0 weight per 
cent, and for the purpose of calculations using 
(7), it can be taken as constant. 


DETERMINATION OF CARBON CONCENTRATION 
GRADIENT 


The value of the linear solution rate, required for 
computations based on equation (7), was defined 


as 
(8) 


were r is the time; sj is the total surface of car- 
bide particles in unit volume of the structure; Vj, 
is the volume fraction of carbide phase. The 
latter values were determined by quantitative 
metallographic analysis of photomicrographs taken 
at a magnification of x 2000 and then enlarged by 
x4. In this work the formulaw used were 


Ve=q Xdj? 


where d; is the diameter of carbide particles on 
the surface of the metallographic section [2]. 
Fig.5 shows the relationships between linear solu- 
tion rate A, heating rate and temperature reached. 
The marked effect on A of the heating rate and the 
comparatively slight increase of with temperature 
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FIG.5. Relationship between linear solution rate A 
of carbides, temperature and heating rate. 


can be seen. At a mean heating rate of 1.3 degrees 
per second, A even falls with increasing tempera- 
ture. Possible reasons for such a relationship 
between temperature and solution rate will be dis- 
cussed later. 

It should be noted that equation (8) gives only 
an average value for solution rate over the entire 
set of particles in a given specimen. At the same 
time, it is to be expected from thermodynamic con- 
siderations that the fine particles will have a 
higher solution rate than the coarser. In order to 
confirm this, check determinations were made on 
the solution rate of particles of various sizes, 
according to the equation:- 

Ar) = ON r/dr 
ON; /dr 
where A (r) is the linear solution rate for a particle 
of radius r, and Nr the number of particles of 
radius greater than r(3). 

It was found that in the particle size range 
studied, i.e. from r = 10° cm. to r = 10°* cm, 
which includes the vast majority of particles, the 
solution rate, within the limits of experimental 
error, is independent of r; its value for various 
values of r agrees with that computed from formula 
(8). 

Apparently, the relationship between the particle 
size range and the value of specific surface energy 
of the inter-phase boundaries is such as to nullify 
the effect of particle size on solubility and thus 
also on solution rate. From (7) it follows that the 
gradient (dc/dr)o is also independent of particle 
size. 

In selecting the value of the diffusion coefficient 
of carbon in austenite, required for the calculation, 
it was assumed that, because of the low diffusion 
rate of chromium, the concentration of the latter at 
the carbide particle surface was approximately the 
same as in the carbide. Since chromium lowers 
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the diffusion coefficient in austenite this assump- 
tion is equivalent to taking an excessively small 
value for D and consequently an excessively high 
value for the concentration gradient. Carbide 
analysis showed that, irrespective of the heating 
conditions, the carbide phase in the steel investi- 
gated contains about 8 weight per cent chromium. 
The data by Blanter [4] on the diffusion coefficient 
of carbon in austenite containing 7 per cent Cr and 
0.7 per cent C, were taken as the nearest available 
to the present conditions. These data, obtained at 
temperatures from 1000 to 1200°, were extrapolated 
to lower temperatures using the empirical equation 


38,900 
RT 


D=0.25 exp — cm?/sec. 

In selecting a value for (cj, - co), between 6.5 
and 5 per cent,the first was taken, since in this 
case the composition heterogeneity is 3 times as 
great. 

The results of calculations using (7), for the 
carbon content of the austenite at the carbide inter- 
faces, are shown in Fig.6. These results show 
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FIG.6. Boundary carbon concentration gradient as 
a function of temperature and heating rate. 


that at a given temperature the gradient at the 
interface increases with increasing heating rate. 
For a given mean heating rate, the interface grad- 
ient falls as the temperature is increased. This 
shows that homogenization of the austenite occurs 
side by side with carbide solution. 


ESTIMATION OF AVERAGE HETEROGENEITY 


Composition heterogeneity, as defined by equa- 
tion (6), is related to a single diffusion sphere 
with radii ro and r,,. Let us determine the mean 
heterogeneity Ac of austenite containing a multi- 
plicity of different diffusion spheres; to do this, 


the heterogeneity within each sphere is statisti- 
cally weighted, by a factor proportional to its sur- 


face area Sp. 





Substituting in (9) the value of Ac; from (6), we 


have : ——, 
> (roi (6¢/0r) 45 = —= | 


mi 
2 
>» i 
It was shown earlier that the concentration grad- 
ient is independent of ro;. Also independent of 
roi is the expression 


limi — Toi | yils 
_“— =-!-V,°*. 
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Taking the constants outside the summation 


sign, we write 
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The range of values observed in the present 
investigation for the volume fraction of undissol- 


ved carbide was 
0.02 < Vz. <0.1 
whence 
0.54 < (1 — V;,%) < 0.73 


To calculate Ac we take the largest of these 


values, i.e. (1 — Vz.%) = 0.73. 
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FIG.7. Relationship between surface area S and 
volume V of the carbide. 


Fig.7. shows the relationship between the sur- 
face area Sj of the undissolved carbides and their 
volume VX, for a large number of specimens harden- 
ed under various conditions [5]. 

It can be seen that the ratio Vi./S; is constant 
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and equals 1.33 x 10° cm. 
Substituting these numerical values in (10), we 
obtain 


Ac = ~3 x 10° (dc/dr)o weight per cent. (11) 
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FIG.8. Mean composition heterogeneity AC of aus- 
tenite with respect to carbon, as a function of tem- 
perature and heating rate. 


Fig.8. shows the values calculated from (11) for 
the mean composition heterogeneity of austenite 
with respect to carbon, for various heating con- 
ditions. 


ON THE KINETICS OF CARBIDE SOLUTION 


The results obtained on the volume fraction of 
undissolved carbide can be used to calculate the 
arithmetic mean carbon content of the austenite, 
c. From the carbon balance we have the equation. 
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FIG.9. Mean carbon content C of austenite as a 
function of temperature and heating rate. 


Fig.9 shows the values of C calculated from 
this equation, for heating rates up to 11 °C/sec. 
The curve for equilibrium concentration ce, corres- 
ponding to the phase diagram, is also included. 

Comparison of the data on composition limits 


with the corresponding average concentration 
(Fig.7 and 9) leads to certain general conclusions 
on the kinetics of carbide solution at the heating 
rates studied. 

In view of the fact that the difference Ac bet- 
ween the maximum (boundary) and minimum con- 
centrations is very slight (of the order of 10° to 
10-? per cent) the mean concentration c must 
practically coincide with the boundary concentra- 
tion Co. 

On the other hand, as Fig.9 shows, the mean 
concentration is very considerably below the 
equilibrium value ce. The difference between ce 
and c is 0.3 - 0.5 per cent. As a result there is a 
comparatively large difference (0.3—0.5 per cent) 
between the boundary and the equilibrium concen- 
trations, i.e. a considerable under-saturation in 
the austenite boundary zones (Fig.10). This state 
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FIG.10. Schematic carbon distribution in austenite 
between two carbide particles. 


of affairs indicates that boundary reactions play 

a decisive role in the kinetics of solution. Evi- 
dently the carbide solution process consists of a 
re-ordering of the crystal lattice at the inter- 
phase boundary, the excess carbon atoms simul- 
taneously passing into the austenite. If the boun- 
dary processes progressed at a rate greatly in ex- 
cess of the diffusion rate of carbon in austenite, 
the boundary concentration would be near to 
equilibrium. 

This case would be characteristic of “diffusion- 
type” reactions. The case observed here is an 
example of the opposite relationship between the 
rates of processes, i.e., diffusion rate considerably 
exceeding boundary transformation rate, and is a 
characteristic “kinetic-type” reaction. It was 
shown earlier that the linear solution rate does 
not always increase with increasing temperature 
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and that at any given temperature it is highly 
dependent on the heating conditions. 

The relationship between linear solution rate 
and temperature can be considered from two points 
of view, namely diffusion and kinetics. 

From the diffusion equation (7) it follows that 

h = - D(dc/Or)o (Ck — &o)- 

In view of the comparative constancy of the 
difference (ci — co) it can be taken that the solu- 
tion rate is proportional to the diffusion coefficient 
and the boundary concentration gradient. The first 
factor can be taken to be a single-valued function 
of temperature; as for the concentration gradient, 
it was shown earlier that this increases with 
increasing heating rate and decreases with increas- 
ing temperature for a given heating rate. Thus, at 
a given heating rate, the values of D and (dc/dr)o 
vary in opposite directions with increasing temper- 
ature. Consequently the solution rate may either 
increase or decrease. 

From the point of view of kinetics, the solution 
rate should increase with increasing temperature 
(from the atomic mobility factor) and with increas- 
ing relative under-saturation of the austenite boun- 
dary layer, (ce - co)/co (from the thermodynamic 
factor). 

As the temperature is increased (Fig.8), ce 
increases, whilst the difference (ce - co) remains 
approximately constant. As a result, under a 
given heating condition, the relative under-satura- 
tion of the austenite decreases with increasing 
temperature, i.e. thermodynamic equilibrium is 
approached. This also seems to be the reason for 


the observed tendency for A to decrease as the 
temperature rises. 
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FIG.11. Temperature curves of linear solution rate 
A of carbide for various degrees of undersaturation 
x of austenite. 


Fig.11 shows the relationship between tempera- 
ture and rate of growth for constant values of 
relative under-saturation 
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X= 
Ce Ce 


It can be seen that in this case, i.e. when the 
thermodynamic factor is taken into account, A 
increases steadily with temperature. 
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INFLUENCE OF RECRYSTALLIZATION ON THE TEXTURE OF 
LOW CARBON AND TRANSFORMER STEEL * 
K.V. GRIGOROV, G.P. BLOKHIN and M.Ya. ZAKUTNER 
Physics of Metals Institute, Urals Branch of the Academy of Sciences of the USSR 
(Received 20 August 1956) 


The change in texture of cold rolled low-carbon and transformer steel during the a § y trans- 
formation has been studied by a magneto-metric method. 

It is shown that considerable weakening of texture occurs, The original texture, however, 
does not disappear entirely. The recrystallized structure of the types { (001) [110] ~ 15°} and 
{ (112) [110] ~ 15°} has proved to be stable throughout the entire investigated deformation 


range. 


It is common knowledge that C-steel and Fe-Si 
alloys (up to 3 per cent Si) undergo, at a definite 
temperature, which depends on the C and Si con- 
tent, respectively, a phase change, which con- 
sists of a regrouping of atoms from one stable 
arrangement to another . 

For C-steels, containing 0.1 per cent C, this re- 
grouping of atoms commences at approx. 850°, 
whereas for transformer steel, containing about 
1 per cent Si, at approx. 950° [1, 2]. 

At temperatures lower than those indicated, the 
atomic arrangement is a body-centred cubic struc- 
ture, above these temperatures a face-centred 
cubic structure. Therefore, during transition through 
the above temperatures (when heating or cooling) 
a rearrangement of the crystal lattice , i.e. re- 
crystallization of the material, takes place. 

From the contemporary metallurgical point of 
view, the recrystallization of steel during heating 
represents a process consisting of 3 stages [3]:- 

1. A phase transformation as, y, accompanied by 
a volume change, and therefore causing cold-work- 
ing of the new austenite grains. 

2. Recrystallization of the cold-worked austen- 
ite grains (y- phase). 

3. Grain growth or secondary recrystallization. 

In order to refine the structure of Fe-C and 
Fe-Si alloys, the latter are annealed at a tempera- 
ture above the allotropic transformation tempera- 
ture. Owing to recrystallization the original crys- 
tal orientation gradually disappears. 

The work of Aksenov and Grigorov [4], Gensamer 
and Mehl [5] showed that for specimens which are 
annealed at 1000°, the normal component of mag- 
netization, after cold rolling, was not zero, and 





* Fiz, metal. metalloved. 5,No. 1, 150 — 154, 1957 
[ Reprint Order No. 5 POM 22]. 


the specimens were anisotropic as regards their 
magnetic properties. This proves that even after 
recrystallization the (original) structure does not 
disappear entirely. 

Experiments have shown that after annealing at 
1000° the structure of low-C steel, containing 0.1 
per cent C, and of transformer steel, containing 
about 1.0 per cent Si, is not very definite. Such a 
structure could not exert any substantial influence 
on the one arising from cold rolling or from sub- 
sequent recrystallization. 

The aim of the present work has been to investi- 
gate the dependence of structural changes after 
recrystallization on the degree of prior deformation 
(cold rolling). 

To this end, experiments with low-C (0.1 per 
cent C) and transformer (about 1.0 per cent Si) 
steel were carried out. 

Specimens which had been given different amounts 
of deformation by cold rolling were annealed at 840°, 
860° and 1000° for various periods of time. After 
each annealing the normal component of magnetiza- 
tion for each specimen was measured by means of 
a ballistic method, and with the aid of harmonic 
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analysis the values of A, and A,, the amplitudes 
of the second and fourth harmonics of the normal 
component of magnetization, were calculated [6,7]. 

The values of A, and A, represent the character- 
istics of the type and degree of homogeneity of 
structure. The calculated values of A, and A, for 
low-C steel (0.1 per cent C) are given in Figs. 1 
and 2 as a function of the entire relative deforma- 
tion: 

do ‘dl 


l 
oir anes es 


Where / and d are the length and thickness res- 
pectively, of the rolled strip, and J, and d, are its 
original length and thickness, respectively. 

In Figs. 1 and 2 the dark circles represent the 
values of A, and A, after annealing at 840° for 2 hr 
10 min. The light circles represent the values of 
4, and A, after annealing at 860° for 1 hr 10 min. 
The squares refer to the values of A, and A, after 
annealing at 1000° for 30 min. For comparison, 
curves of A, and A, against recrystallization [7] 
are plotted in the figures. 

From Fig. 1 it can be seen that even after an- 
nealing at 840° for 2 hr the value of A, decreases. 
From Fig. 1] it can also be seen that in the course 
of annealing at 860° for 1 hr the value of A, 
strongly diminishes. 

The values of A,, in regions of slight deforma- 
tion ( (d,/d) <10) change from negative to positive, 
if only slightly. In regions of heavy deformation 
( (do/d) >10) the value of A, decreases, but re- 
mains positive. The value of A, depends little on 
the degree of deformation (in the region of very 
heavy deformation). From Fig.2 it can be seen 
that the value of A, remains unaltered after anneal- 
ing at 840° for 2 hr. 'n the course of annealing at 
860° the value of A, decreases, remaining negative. 

Analogous curves for values of A, and A, of trans- 
former steel containing 1 per cent Si are given in 
Figs. 3 and 4. Thus, when comparing the above 
curves with recrystallization curves, it follows 
[8] that in regions of heavy deformation the de- 
gree of homogeneity of structure after secondary 
recrystallization { (100) [011] ~ 15°, (112) [110] ~ 
15° { strongly decreases even after a single heat- 
ing above recrystallization temperature (a 2 y 
transformation). 

From Figs. 1 and 3 it can be seen that in lightly 
deformed material, in the course of recrystalliza- 
tion, the value of A, becomes positive, although 
in regions of slight deformation a lowering of the 
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FIG, 2. 


negative value of A, could have been expected. 

The change in sign of the value of A, in regions 
of slight deformation proves that not only primary 
recrystallization { (100) [001] and (110) [001] }. 
[8], but also secondary recrystallization { (100) 
[011] ~ 15° and (112) [110] ~ 15°} has taken place. 

This also proves that after recrystallization 
(phase change a‘ y) the structure due to second- 
ary recrystallization is more stable than that due 
to primary. 

A, 
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FIG. 4. 


Thus, a single heating of the material above re- 
crystallization temp. greatly decreases the homo- 
geneity of structure. Experiments have shown that 
repeated heating and cooling decreases the texture 
even more. 
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CONCLUSIONS 


1. In lightly deformed low-C and transformer 
steel, apart from considerable weakening of tex- 
ture, a change of the nature of the texture occurs 
in the course of recrystallization. 

In such material the structure after recrystalli- 
zation is analogous to the recrystallized structure 
of heavily deformed material { (001) [110] ~ 15° 
and (112) [110] ~ 15° }, i.e. it is a structure due 
to secondary recrystallization. The latter is more 
stable than the one due to primary recrystalliza- 
tion {(100) [001], (110) [001] }. 

This bears out the conclusion [7, 8] that the re- 
crystallized structure represents a superimposition 
of structures of primary and secondary recrystalli- 
zation. 

2. In a secondary recrystallized structure the de- 
gree of homogeneity drops strongly after recrystalli- 
zation, both in low-C and transformer steel. 


Translated by G. Isserlis. 
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ON THE PROBLEM OF SULPHIDE INCLUSIONS IN STEEL INGOTS * 


D.K. BUTAKOV 
Urals Kirev Politechnic Institute 
(Received 20 November 1956) 


It is an acknowledged fact that sulphides separ- 
ate from liquid steel during its crystallization. 
Shteinberg [1] has described the process of sul- 
phide separation thus:“... finally the metal 
between the dendritic arms freezes, and at that 
moment sulphur, which is insoluble in the solid 
metal, separates as sulphide compounds in the 
boundaries of the dendrites and between its arms. 
It is very likely that the sulphide separation occurs 
before the final freezing of the steel, in the form 
of liquid drops, which crystallize at a lower tem- 
perature ”. 

A similar point of view about the mechanism of 
sulphide formation is expressed in other sources 
[2,3]. 

There exist, in the literature, substantial diver- 
gencies as to the causes of change of shape of 
sulphides in steel under the influence of manga- 
nese, aluminium and some other deoxidizers. 

In foreign literature [4] the opinion is expressed 
that the shape and distribution of sulphides in 
stee! is due to change of solubility of sulphur 
in liquid steel under the influence of disolved 
oxygen. 

In Russian literature we find objections to this 
point of view. N.N. Dobrokhotov [5] and his co- 
workers [6,7] consider that the shape of sulphides 
depends on the formation in the solidifying steel 
of molten sulphide and oxide inclusions, which 
are characterized by a definite melting point and 
surface tension. 

Under the influence of aluminium and the products 
of its reaction with oxygen and sulphur a change 
in composition of the non-metallic phase and its 
properties occurs, which explains the formation of 
the various crystalline modifications of sulphides. 

One must admit that this point of view is more 
acceptable. 

Experimental material in connexion with the 
behaviour of sulphur in solid steel at high tem- 
peratures is extremely limited. 


Tsigler [8] has stated that diffusion of manga- 
nese sulphide in iron takes place at 1300°C, and 
that this sulphide separates during cooling partly 
in the crystallite boundaries, and partly in the 
crystallite bodies at temperatures above the A,. 

Niedenthal and Bennek [9] have shown that a 
redistribution of sulphide inclusions occurs in 
steel during diffusion annealing. Ko and Hanson 
[10] have shown experimentally that sulphide se- 
paration occurred in the boundaries of austenite 
grains as a result of overheating of steel. Nosy- 
reva and Poliakova [11] have proved, by an auto- 
radiographic method, after investigating the phe- 
nomenon of overheating of steel, that sulphide 
inclusions separate out on the surface of austen- 
ite grains. 

The latest investigations of the solubility of 
sulphur in solid iron [12] have changed the tradi- 
tional conception of the formation of sulphides in 


steel ingots. On the basis of these investigations, 
the accuracy of the iron-sulphur phase diagram ** 
has been considerably improved. 


From the diagram of Fig. 1 the important con- 
clusion follows that in all completely solidified 
solid solution alloys containing 0.012 to 0.18 per 
cent sulphur, during cooling below 1365°C a liquid 
phase forms again which is continuously enriched 
in sulphur. Sulphur is noticeably soluble in solid 
iron, and its solubility increases with rise in tem- 
perature. A sharp change in solubility of sulphur 
occurs during phase changes. The limiting solu- 
bility of sulphur in 5-iron is 0.18 per cent at 
1365°C. In y-iron at the same temperature only 
0.06 per cent is soluble. With drop in temperature 
to, say, 913°C the solubility decreases to 0.007 
per cent. After transformation of y — iron to a — 
iron the limiting solubility of sulphur rises to 
0.02 per cent at 913°C. Manganese lowers the 
sulphur content in iron alloys considerably. 

Undoubtedly, aluminium, carbon and other ele- 
ments also affect the solubility of sulphur in iron. 








* Fiz. metal. metalloved. 5, No.1 154-160, 1957. 
[Reprint Order No.5 POM 23]. 


**see the older diagram in M. Hansen’s “Structure of 
Binary Alloys”, 1941, vol. 2. 





Sulphide inclusions in steel ingots 


However, experimental! data on this are lacking. 

The present experimental work, which concludes 
our few previous observations, has the following 
limited aims :- 

(1) to determine the shape and distribution of 
sulphide inclusions in steel ingots in relation to 
dendritic and grain structures; 

(2) to appreciate the influence of sulphur on the 
formation of a stable grain structure. 
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FIG. 1. Portion of phase diagram of Fe-S alloys 
of low sulphur content. 








EXPERIMENTAL PROCEDURE 


In a high-frequency induction furnace 3 ex- 
periments were carried out, in which chrome-nickel 
steel was melted in magnesite crucibles of 650 g 
capacity. The same furnace charge was used for 
all experiments. The composition of the steel was 
within the limits :- 0.81 — 1.05 per cent chromium, 
2.20 — 2.23 per cent nickel, 0.16 — 0.45 per cent 
silicon, 0.42 — 0.50 per cent manganese, 0.025 — 
0.032 per cent phosphorus. The carbon content 
was varied by additions of cast iron PVK, and 
that of sulphur by additions of iron sulphide. 

The reason for varying the carbon content in 
steels was to obtain various types of grain struc- 
ture in the ingots. In the steel of melt “A”, 0.19 
per cent carbon was obtained which, due to a slow 
cooling rate of the ingot, caused a characteristic 
development of the structure of primary austenite 
grains, which was independent of the previous 
grain structure of its dendritic crystallites. The 
steels of melts “B” and “V” contained, respecti- 
vely, 0.33 and'0.31 per cent carbon, and the pri- 
mary austenite structure in these steels was the 
same as that of grains of primary crystallization. 

The: sulphur content of the steels was :- for 
melt “A” — 0.045 per cent, for melt “B” — 0.140 


per cent, and for melt “V” — 0.014 per cent. 

The heating of the steel, its crystallization and 
the cooling of the ingots in the inductor was con- 
trolled by means of a platinum-platinum rhodium 
thermocouple in a quartz sheath, which was immer- 
sed into the molten steel. 

During cooling the ingots were soaked isother- 
mally at temperatures between 1300 and 1250°C 
for 1 hr. To this end the current of the inductor 
was alternately switched on and off. Then the 
ingots were transferred to a muffle furnace kept 
at 1250°C. When the temperature was uniform the 
furnace was disconnected from its feeding source, ' 
and the ingots were allowed to cool slowly with 
the furnace. Such a cooling method ensured a fer- 
rite-pearlite structure in the steel. 

The ingots were cut in halves along the verti- 
cal axis. One half was prepared for macro-and 
micro-inspection, the other half was quenched in 
oil from 900°C and tempered at 600°C, after which 
it was cooled in water. The heat treated parts of 
the ingots were then broken in a hydraulic press. 


RESULTS OF THE INVESTIGATION 


The distribution of sulphide inclusions in steel 
micro-sections was recorded by means of sulphur 
prints according to Baumann. When studying the 
prints it was found that a large proportion of the 
sulphides was distributed along the interdendritic 
spaces of dendritic crystallites. Hence, their pre- 
sence must be connected with the crystallization 
of steel. A quantitatively negligible dispersed 
proportion of sulphides separates out along the 
grain boundaries of primary austenite (Fig. 2). 

These separations, however, cannot be seen 
everywhere, but only in a few places in the micro- 
section. 





- 2. Sulphur print of steel] section containing 
0.045 per cent sulphur (melt “A”); (x20). 
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The steel ingot sections are first etched with ed not only through the matrix of the grains, but 
Oberhoffer’s reagent, and subsequently with alco- also in the grain boundaries. 
holic 5% nitric acid. 

With such a combined etch both the dendritic 
structure and the structure of the primary austeni- 
tic grains are exposed. 

The steel of melt “A” possesses a granular 
structure, which is independent of the dendritic 
structure. 

Fig. 3 shows how the separation of ferrite, in a 
matrix of dendritic structure, has determined the 
boundaries of the primary austenite crystals. The 
outlines of the primary steel grains of melts “B” 
and “V” coincide with the outlines of the dendri- 
tic crystallites. 

The investigation of micro sections of melts 
“A” and “B” has brought to light that the sulphide 
inclusions distribute themselves in steel in a spe- 
cific way :- inclusions of one particular shape are 
distributed throughout the whole field of the sec- 
tion, inclusions of a different shape are distributed 
throughout the ferrite which has separated out from 
the boundaries of the primary grains of austenite 
(Fig. 4). 

The boundary sulphides in the steel of melt “A” 
(0.045 per cent S) are distributed through the fer- 
rite fields in the shape of torn chains of very fine 
spheroidal inclusions. Away from the boundary and 
inside grains are enclosed comparative large round 
sulphides. 


FIG. 4. Sulphide inclusions distributed along the 
separated ferrite in the steel grain boundaries; 


FIG. 3. Granular structure of steel from melt“A”, 
outlined by ferrite, which has separated out in 


the grain boundaries; (x 8). 
FIG. 5. Steel ingot fractures with various sulphur 


“Dp "Ls contents :- 
The steel of melt “B” (0.14 per cent S) exhibits o~ sairepaanlll tae duet, 


larger boundary sulphides in the shape of spheres b — melt“B” (0.14 per cent S) 
and lenses. In this steel comparatively large round c — melt “y* (0.014 per cent S); 
inclusions are also visible, but these are distribut- (x 1.6). 
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In the steel of melt “V” (0.014 per cent S) the 
sulphides are visible mainly within the grains in 
the shape of disconnected rounded and compara- 
tively fine inclusions. In the grain boundaries sul- 
phides are very rarely encountered. 

By using a deep etch consisting of a hot solu- 
tion of sulphuric and hydrochloric acids, parts of 
grain boundaries are exposed in a few places in 
the ingot sections of melts “A” and “B”. On the 
ingot section of melt “V” it was not possible to 
expose the grain boundaries by etching. 

Fractures of ingot halves, after heat treatment, 
are shown in Fig. 5. On the periphery of the ingot 
fracture of melt “A” (Fig. 5a) the surfaces of large 
steel grains are visible. The characterisitic, non- 
uniform, in places dendritic, texture of the fracture 
of melt “B” (Fig. 5b) proves that fracture of the 
ingot took place along the boundaries of the den- 
dritic crystallites. 

In the upper part of the specimen the fracture 
was trans-crystalline. 

The ingot fracture of melt “V”, fine grained 
along the entire surface, did not expose the boun- 
daries of the primary austenite grains. 


DISCUSSION OF THE RESULTS OF THE 
INVESTIGATION 


First of all, the early establishment of the fact 
that sulphide formation is tied up with the process 
of solidification of steel, should be noted. This 
follows from the fact that sulphur, in Baumann 
prints, usually records the dendritic crystalliza- 
tion of steel. However, this conclusion alone does 
not enable us to judge the moment, or more preci- 
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sely, the temperature, at which sulphides appear 
in the cooling steel after solidification. 

Let us consider the thermal equilibrium diagram 
of Fe-S alloys (see Fig.1). Let us assume that 
the behaviour of sulphur in austenite and in steels, 
in which the iron exists in the §- modification, 
is similar to its behaviour in pure Fe-S alloys, 
in the y- condition, shift to the left. 

When accepting the above assumption, it must 
be borne in mind that some limited volume of 
steel, undergoing peritectic transformation 5 Fe 
+y Fe, solidifies as a solid solution of sulphur in 
5-iron (Fig. 6a). Immediately after formation of 
austenite, and hence of a granular steel structure, 
an excess phase separates out, which is enriched 
in sulphur. This phase is precipitated in regions 
of increased sulphur concentration in the solid 
steel, namely in the interdendritic spacés and 
occasionally in places where the dendritic crystal- 
lites meet. 

As the austenite cools, the concentration of 
sulphur which is retained in y-iron in solid solu- 
tion, decreases. Additional quantities of the liquid 
phase, rich in sulphur, unite with the solid formed 
from the previous liquid phase after the transforma- 
tion 5 Fe +yFe. A certain proportion of this phase 
is precipitated in the boundaries of the re-formed 
primary austenite crystals (Fig. 6b,c). 

The crystallization of sulphides from the liquid 
phase occurs in manganese — free iron alloys at 
988°C. In steels containing manganese and ot! +r 
elements, sulphide inclusions form probably at 
higher temperatures, depending on the composition 
of the sulphides, and partly on the relationship 
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FIG. 6. Scheme representing sulphide formation in steel ingots: 


b — solid solution of sulphur in y- iron. Granu- 
lar structure; 


a — solid solution of sulphur in §- iron. Struc- 
ture of dendritic crystals; 

c — steel after cooling. Primary sulphides — in 

interdendritic spaces, secondary — in the 

grain boundaries of primary austenite grains. 
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between iron, manganese, aluminium and oxygen, 
which may be contained in them. 
Sulphide inclusions in steel ingots may be con- 


veniently subdivided into “primary” and “secondary” 


ones. By “primary” sulphides related to the process 
of dendritic crystallization of steel, comparatively 
large, round inclusions should be understood, which 
are located within the primary austenite grains, and 
also comparatively large, elongated and lens-shaped 
inclusions, found most frequently at junctions of 
three dendritic crystals. 

“Secondary” sulphides appear after the solidi- 
fication of steel and are seen in the boundaries of 
the primary austenite grains, in the shape of very 
fine, string-like inclusions, which are sometimes 
difficult to resolve under the microscope (see 
Fig. 4). 

In steels which crystallize directly as austenite, 
and where the process of grain formation does not 
develop in the form of large dendritic crystallites 
(as in “hot” teemed steel), or as the result of a 
fast cooling rate of the ingots, “secondary” sul- 
phides separate out in the grain boundaries of the 
dendritic crystallites. 

The formation of a stable grain structure, from 
that point of view from which this process has 
been explained previously [14], occurs as a result 
of the separation, in the grain boundaries of the 
primary austenite grains, of “secondary” sulphides. 
This defect in steel ingots is best seen in frac- 
tures (see Fig. 5a). 

From the observations made of the production of 
castings and on the basis of analysis of the mat- 
erials of investigation, it is possible to conclude 
that for the removal of stability of the granular 
structure, caused by sulphides, it is essential to 

(1) reduce to the minimum possible the sulphur 
content in the liquid steel, 

(2) reduce the solubility of sulphur in austenite 
and change the physical-chemical properties of 
the sulphide phase by adding to the steel ele- 
ments like manganese and aluminium, and 

(3) remove, by heat treatment of the steel, 
“secondary” sulphides from the grain boundaries, 
or make them to coalesce. 


Under the above explained conditions of inves- 
tigation, any stability of the granular structure of 
steel containing 0.014 per cent sulphur (melt “V”) 
could not be detected, whereas 0.045 per cent 
sulphur (melt“B”) proved to be sufficient for the 
appearance of regions of intergranular destruction 
in the fracture of a corresponding specimen. 


Tranlated by G. Isserlis. 
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LETTERS TO THE EDITOR 


ACCOUNTING FOR THE SECOND CONSTANT OF ANISOTROPY IN THE 
THEORY OF EVEN EFFECTS* 
G.P. D’YAKOV 
Faculty of Physics, Moscow State University 
(Received 5 March 1957) 


In reference [1] it was demonstrated that the 
principal of approximation to saturation of even 
effects for materials isotropic in relation to mag- 
netostriction is determined by the equation 


(1) 


where A, = magnetostriction of saturation, |, = in- 
tensity of magnetization at saturation, K, = first 
constant of anisotropy. 

Further development of work in this direction 
followed the line of accounting for the effect of 
elastic stress on the course of the magnetostric- 
tion curve in regions approaching saturation. In 
the first approximation this problem was solved 
[2] for the case of orientated tensile stresses, 
whose direction coincided with the direction of the 
magnetic field. 

In this work it was demonstrated that diffuse 
stresses do not find expression in magnetostriction; 
if they are limited by the first term of decay. Never- 
theless, with the progressive decay of magneto- 
striction as stated in paper [3], the law of the ap- 
proach to saturation, taking account of different 
elastic stresses, is to a very large extent express- 


ed by the formula 
1 
J] « 


From relationship (2) it is evident that in con- . 
ditions where the value of magnetostriction is very 
large, the magnetically elastic portion may be the 
largest component which is determined by crystal- 
lographic anisotropy. If elastic stresses are absent 
from the material ( F = 0), then the coefficient at 
H~* is entirely determined by the first constant of 


anisotropy K,. Further developments in this paper 
proceeded along the lines of accounting for mag- 
netic interaction [4]. Nevertheless in all the 
previous papers the second constant of anisotropy 
K, is not studied. In a series of alloys**, however 
(Fe—Co, Fe—Ni, Co—Ni, Fe —Co—Ni etc) the 
second constant of anisotropy K, may exceed by 
many times the value of the first. It is evident that 
the calculation of magnetostriction and other even 
effects by taking account of the second constant of 
anisotropy presents important interest. We shall 
not dwell upon the method of calculation of mag- 
netostriction in areas of strong magnetic fields, 
since it has been dealt with in detail in previous 
papers [1-3]. 

Considering the results of these papers, we find 
that magnetostriction in a spherical system of co- 
ordinates is expressed by the following equation 


rN = Do a Dye 4+ Df a D,aB + D,2* + D;$*, 


where 


3 3 
Do = hs, ype <= Ag Dy — <> A, aint. (3) 


In the case under study the remaining co-efficients 
are all zero. 

The general way of calculating a and B lead to 
the finding of a minimum value for the total energy 
of a crystal. As is well-known, the total energy of 
a cubic crystal, located in an external magnetic 
field, will consist of two parts. 

1. From the crystal energy in relation to the ex- 
ternal magnetic field 


Ug = — [5H (Si hi + Sq Ag + Sy As). (4) 


where Si, S,, S,; = direction cosines of the vector 
Is, and h,, ha, hs = direction cosines of the vector 


H. 
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** Similar data are found in the Russian translation of 


R. Bozorth’s book “Ferromagnetism” Table 77 p.458. 
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2. From the energy of crystal anisotropy * 


Ue = Uy + Ki ( 87.85 +5585 + 85 87) + 
+ Kast 52 53. (5) 


where K, = first constant of anisotropy, K, = 
second constant of anisotropy. 

Thus the overall energy of unit volume of a 
crystal will be composed of two types of energy 


U=U,+ Ue. (6) 


The condition of stable equilibrium of the vector 


I; is determined from the minimum overall energy 
(6), with the supplementary condition, that 


s? + 82 +52 =1. (7) 


The position of stable equilibrium of /, permits 
the determination of a apd £, which enter into 
equation (3). 

Cumbersome intermediate calculations have 
been omitted. A similar method of calculation is 
given in [3]. Here we put forward a final ex- 
pression for the magnetostriction of isotropic 
material, taking account of the first and second 
constant of anisotropy 





* In previous papers we have put the expression for 
anisotropic energy in the form 


2, 22, 2s 
U,=U%+ 2ky ( st sh 4 52 84 83 st): 


8 5 16 
hed, Jl — 5 Ai + ggg Xi Kat 





24 1 
+ ; ; 
5005 Ki) e ml 


Where K, = first constant of anisotropy, K, = 
second constant of anisotropy, A 5 = magnetostric- 
tion of saturation. 

It follows directly from equation (8), that if the 
second constant of anisotropy is large, then the 
terms comprising the second constant of aniso- 
tropy can markedly exceed the first term, which is 
determined by the first constant of anisotropy. 

Thus, taking account of the second constant of 
anisotropy very fully describes the behaviour of 
magnetostriction in regions having strong mag- 
netic fields. 


Translated by M.W. McGrath 
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VIBRATION OF CRYSTALLINE BODIES NEAR THE 
ELASTIC LIMIT * 


A.V. DROBINA and M.I. KORNFEL’D 
(Received 7 June 1956) 


Studying the forced vibrations of zinc single 
crystals by bending, S. Takahashi [1] discovered 
that when the vibrating amplitude is greater than 
a certain critical value it assumes a non-linear 
character: the resonance curve becomes assymetri- 
cal, the resonance amplitude ceases to be propor- 
tional to the driving force, the resonance frequency 
begins to bear relation to the vibration amplitude; 
along with this, vibrational instability arises; 
resonance amplitude fluctuates after a time around 
a certain mean value. 

Since up to recent times no explanation has 
been made of these effects, we considered it 
necessary to make a further study of them, and in 
the first instance to judge whether they occurred 


The test-rig is illustrated in Fig. 1. [ts main 
components are: (1) a brass bar 200mm long and 
20 x 20mm in section. One end of the bar is firmly 
screwed to a post, and the free end has an axial 
hole drilled into it, into which the block of the 
test-piece (2) is inserted and clamped. The middle 
of the bar is connected by a bolt to a coil of a 
high-powered dynamo (3), connected to a sonic 
generator. On top of this bolt is a reinforced glass 
thread (4) having a flexural vibration drive of the 
same frequency as the flexural vibration of the 
test-piece. 

When the sonic generator is switched on, the bar 
makes small flexural vibrations, which are trans- 
mitted to the test-piece and to the glass thread. 
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FIG, 1. 
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in other crystalline bodies besides zinc. 
Aluminium (99.5 per cent) in the form of wire 
2.5mm in diameter was used for the tests. Pieces 
of this wire 160mm in length were annealed for 
30 min at 400°, and were then straightened by roll- 
ing on a flat surface, after which they were again 
annealed for two hours at 580°. Each of the pieces 
of the annealed polycrystalline wire obtained ir 
this way was fixed in a brass block so that a 
portion 130mm long was left protruding. The elas- 
tic limit of such test-pieces determined by bend- 
ing under static load, corresponds to a deflection 
of the arm of, say, about 1 mm. 
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The vibrational amplitude of the bar is measured 
by a microscope with a magnification of x 480 with 
an accuracy of up to 0.0005mm. The vibrational 
frequency of the bar is controlled by observing the 
vibrations of the glass thread. The resonance 
curve of the latter is very sharp- a change od am- 
plitude of about 0.1mm corresponds to a shift of 
frequency of about 0.2 c/s. Consequently, having 
measured with a suitable microscope the vibration- 
al amplitude of the glass thread, the frequency can 
be very accurately obtained. 

The results of the completed tests lead to the 
following main points. 

When the vibrational amplitude of the test-piece 
is less than 1mm, its resonance curve is symmetri- 
cal, and its resonance amplitude is proportional 
to the amplitude of vibration of the bar, and the 


¢ 
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resonance frequency has no relation to the vibra- 
tional amplitude of the test-piece. When vibration- 
al amplitudes are greater than 1 mm the resonance 
curve on the low frequency side is steeper than 
on the side of high frequency (Fig. 2), the reson- 
ance amplitude increases more slowly than the 
amplitude of the driving force (Fig. 3), the reson- 
ance frequency decreases with increase of the 
vibrational amplitude of the test-piece (Fig. 4)*. 
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FIG. 4. 


Thus the same non-linearity of vibration is ob- 
served in polycrystalline aluminium as in single 
crystal zinc. The difference between these two 
metals lies only in the nature of the effect of 
vibrational instability. In zinc, as shown above 
the resonance amplitude fluctuates at time around 
a certain mean value; in aluminium it increases 
steadily with the time (Fig. 5). 

The explanation of the effect of vibrational non- 
linearity is simple. A crystalline body, under vibra- 
tion of high amplitude, consists of an elasto-plastic 





* In Figs. 2—5 throughout pv is the designated fre- 
quency of vibration, A is the vibration amplitude of 
bar, a is the vibration amplitude of test-piece; index 
r refers to vibration with resonance. The curves illus- 
trate the “direct movement”, responsible for increas- 
ing frequency or amplitude. The “reverse movement”, 
corresponding to a decrease in these values. does 
not coincide with the “direct movement”. 
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system, in which plasticity is superimposed upon 
linear elasticity. As has been recently demon- 
strated by Gershin and Zhukovitskii [2], the vibra- 
tions of like systems are non-linear. 

Such then are the simple causes which produce 
instability of vibration. Structural changes which 
arise in the substance of a test-piece under plastic 
deformation, appear in the decrement of damping of 
the test-piece, and consequently also in its reson- 
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FIG. 5. 


ance amplitude. In very pure zinc, structural 
changes are already quite rapidly resolved at room 
temperature, as a result of which resonance ampli- 
tude fluctuates about a certain mean value; on the 
other hand, in not very pure aluminium, in which 
the resolution process proceeds very slowly at 
room temperature, an accumulation of structural 
changes occurs which leads to steady changes of 
resonance amplitude. 

Thus, the effects noted by S. Takahashi con- 
tribute nothing new to the understanding of the 
mechanism of plasticity in crystals. 


Translated by M.W. McGrath. 
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TRANSVERSE MAGNETOSTRICTION IN AN IRON-SILICON ALLOY * 
V.V. DRUZHININ and Yu.A. LAZAREV 
Verkh -Isetsk Metallurgica] Works 
(Received 1 November 1956) 


The investigation of linear magnetostriction 
of ferro-silicon alloys has been done mainly by 
the optical control method. With this method of 
investigation, it is the longitudinal magneto- 
striction that is usually determined. 

A most comprehensive study of longitudinal 
magnetostriction in iron-silicon alloys was made 
by Schultz [1]. The longitudinal magnetostric- 
tion was also studied during investigation of 
magnetic texture by Vonsovskii, Shur and others 
[2]. 

In connexion with the application of the wire 
probe method for the determination of magneto- 
striction [3], measurements of the transverse 
magnetostriction have become technically just as 
feasible as in the case of longitudinal magneto- 
striction. 

In the present report, the results are given of 
an investigation of the transverse magnetostric- 
tion in iron-silicon alloy test-specimens contain- 
ing from 0.4 - 7.0 per cent silicon. 

The measurement of magnetostriction was car- 
ried out by means of wire probes, which were not 
fixed to the specimens [4]. Test-specimens 
were in the form of disks, 45 mm in dia. In order 
to eliminate the effects of cold-working, the 
sheet steel disks were etched with a solution of 
copper sulphate. The maximum magnetic field 
intensity used for specimen magnetization was 
600 oersteds. Under such field intensity, the 
magnetization approached saturation within the 
limits of 1 per cent, and the value of magneto- 
striction corresponded to saturation magneto- 
striction (A ). In the case of hot-rolled gener- 
ator steel, the curves of Avy: B and A: B were 
determined during specimen magnetization long- 
itudinally and transversely to the direction of 
rolling. 

In some test-specimens, the measurement of 
magnetostriction was made at the angles of 22.5, 
45 and 67.5° to the direction of magnetization. 
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In the case of cold-rolled steel test-specimens, 
the magnetization was done at the angles of 
0.55 and 90° to the direction of rolling, such 
angles corresponding to the main crystallograph- 
ic axes. 


TEST RESULTS 


In the case of hot-rolled generator steel, the 
transverse as well as the longitudinal magneto- 
striction values are close to zero (Fig. 1) for 


induction values up to 5000 G. 
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FIG.1. Transverse and longitudinal magnetostric- 
tion curves for the hot-rolled generator-stee! test- 
specimens; 
specimen magnetization along the direc- 
tion of rolling. 


specimen magnetization perpendicular to 
the direction of rolling. 


With a further increase in magnetization, A 1 , 
which has positive values, increases. The value 
of 4, , varies in the various steels tested from 
+3 x 10-6 to + 7 x 10-*. The saturation longitu- 
dinal magnetostriction (A|;s) has also a posi- 
tive value for most test-specimens (up to + 
6.10-*). The somewhat different value of magneto- 
striction with test-specimen magnetization along 
and at right angles tothe direction of steel sheet 
rolling should be ascribed to the presence of a 
crystallographic texture in steel. Repeated 
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measurements on generator steel disk specimens, 
subjected to a high-temperature annealing at 
1150°C, so as to reduce their crystallographic 
texture, showed that the anisotropy of magneto- 
striction almost disappears after such treatment. 
In the transformer steel hot-rolled test-specimens, 
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FIG.2. Transverse and longitudinal magnetostric- 
tion curves for the hot-rolled transformer-steel 
test-specimens. 


(Fig. 2) both the transverse and longitudinal 
magnetostrictions are positive, just as in the case 
of the generator steel, but the value of A, , is 
3 - 4 times less than that of Aj). . 
In the case of transformer steel specimens, a 
determination was made of magnetostriction at 
the angles of 22.5, 45 and 67 5° to the direction 
of magnetization, in addition to the measurement 
of magnetostriction in the transverse and longi- 
tudinal directions (Fig. 3). The values obtained 
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FIG.3. Variation in the specimen linear dimensions 
depending on the magnetization angle for hot-rolled 
transformer steel, 


for A995, A 45 and A¢7.5 were also positive. 
Thus, during the magnetization of hot-rolled 


B-—H (G) 


transformer-steel test-specimens, an increase 
occurs in the linear dimension in all directions 
in the specimen plane. 

Saturation values of the transverse and longi- 
tudinal magnetostrictions in the hot-rolled trans- 
former steel test-specimen investigated, expres- 
sed as a function of the steel silicon contents, 
are shown in Fig. 4. The values of Aj; s and Ay, 
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FIG. 4. Dependence of the transverse and longi- 

tudinal saturation magnetostrictions (Ayis and 

Als ) on the silicon contents of hot-rolled silicon- 
steel test-specimens: 0 -Ajjs, x-A,s, 


have opposite signs only in the case of test- 
specimens with 0.4 per cent silicon contents. In 
most cases, the test-specimens with silicon con- 
tents from | to 7 per cent have Aj)s and A ,, with 
positive values. The longitudinal magnetostric- 
tion curve confirms Schultz’s relationship. Values 
of A, ,, which lie between 3 - 6 x 10~¢ for a sili- 
con contents of 0.4 per cent, drop almost to zero 
for Si =5.5 per cent. With a silicon contents of 
7 per cent, A\;s and A, , approach zero. The con- 
siderable scattering in A,;s and A__, values cor- 
responding to the same silicon contents can be 
explained by the presence of a certain crystal- 
lographic and magnetic textures in the hot-rolled 
steel. 

A clearly manifested crystallographic texture, 
which is responsible for magnetostriction aniso- 
tropy (Fig. 5), is present in the cold-rolled trans- 
former steel. 
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FIG.5. Curves of transverse and longitudinal 
magnetostrictions in cold-rolled transformer-stee] 
test-specimens: 
magnetization along the direction of 
rolling; 
magnetization perpendicular to the direc- 
tion of rolling; 
. «+. Magnetization at an angle of 55° to the 
direction of rolling. 


With test-specimen magnetization along the 
direction of rolling, corresponding to the 
direction of (100) type axes, the transverse as 
well as the longitudinal magnetostrictions have 
positive values, which increase with increasing 
induction. During magnetization of test-specimens 
in transverse direction (axes of the (110) type), 
the signs of transverse and longitudinal magneto- 
strictions are different, and with H,, (111) (at an 
angle of 55° to the direction of rolling), both A, 
and A, are again positive. A,;s and A,, values 
for test-specimen magnetization under various 


angles (¢) to the direction of rolling, are shown 
in Fig. 6. Values of A\;s and A, , have different 
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FIG.6. Dependence of the transverse and longi- 

tudinal magnetostriction on specimen magnetization 

under various angles to the direction of rolling for 
cold rolled transformer steel]. 


signs only when angle ¢ = 75 - 90°. For angles 
between 50 - 65°, A, approaches zero, and for 
other angles both A,,s and A, , are positive. 


It is clear from the investigations described here 
that, in the majority of cases, both the transverse 
and longitudinal magnetostrictions in iron-silicon 
alloys (1-7 per cent Si contents) have positive 
values. The above data should contribute towards 
a better understanding of spontaneous magneti- 
zation in iron-silicon alloys in sheet form. 
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THE TEMPERATURE DEPENDENCE OF PARAMAGNETIC 
SUSCEPTIBILITY IN FERROMAGNETIC ALLOYS* 
D.I. VOLKOV and V.I. CHECHERNIKOV 


Lomonosov Moscow State University 
(Received 29 September 1956) 


A study was made, by the Faraday - Seksmit 
method, of the temperature dependence of para- 
magnetic susceptibility of ferromagnetic alloys 
in the temperature range from the Curie ferromag- 
netic point Of to a temperature of about 1200°C 
under vacuum (10-* mm Hg). The study was made 
on binary nickel alloys (Ni—Cu, Ni—Al, Ni—Si, 
Ni—Sn, Ni—Cr and Ni—Mo) whose concentration of 
the non-ferromagnetic component varied within 
wide limits. 

The study showed that in the high temperature 
region (7 >> Of), the paramagnetic susceptibility 
of the alloys investigated is defined sufficiently 
well by a relationship of the type 


X=X,-XT (1) 


The magnetic susceptibility X 7 is a function 
of temperature and varies with T according to 
Curie - Weiss Law 


xX 7 =C/(T -6,), 


where C is the Curie-Weiss constant and 6p is 
the Curie paramagnetic point. 

The susceptibility X} is independent of tem- 
perature and, as will be shown later, it varies 
considerably with changes in the concentration 
and valency of the alloy non-ferromagnetic con- 
stituent. Since the factor X; enters into law (1), 
the linear dependence of 1/ X on temperature 7, 
as given by the Curie - Weiss law, is not obeyed, 
especially in the high-temperature region. In this 
case, it is not the measured factor 1/ X, but 
1/(X — X&) that varies linearly with T. 

In particular, it should be noted that this law 
is obeyed by all the alloys investigated over a 
wide range of temperature variations from Op to 
= 1200°C. As it is shown by experiment, the para- 
magnetic susceptibility, which is independent of 
temperature (X{,), is different for different alloys 
and increases with increasing concentration in the 
alloy of the non-ferromagnetic alloying constitu- 
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FIG. 1. 


ent (Fig. 1). At the same time, Xk depends essen- 
tially also on the valency of the non-ferromagnetic 
element. Namely, the higher the valency of the 
non - ferromagnetic element, the greater the value 
of Xj, for a given concentration. According to the 
values of x, (in order of increasing values) the 
alloys investigated can be arranged, for a given 
concentration, in the following series: Ni—Cu, 
Ni—Zn, Ni—Al, Ni—Si, Ni—Sn, Ni—Cr and Ni—Mo. 
It is of interest to note that the variations of Xk, 
the Curie-Weiss constant (C) and changes in the. 
magnetic moments (Pp) as functions of concentra- 
tion (v) and valency (v) are not independent. In 
fact, whereas C and Pp diminish with increasing 
v, and the more so the higher the valency of the 
non-ferromagnetic element, X;, on the other hand 
increases. The relationships obtained enable us 
to postulate that the presence of the temperature- 
independent susceptibility Xj in law (1) is con- 
ditioned by the paramagnetism of conductance 
electrons of the Pauli paramagnetism type. The 
paramagnetic Curie point ( @p) of the alloys in- 
vestigated satisfies sufficiently well the general 
relationship : 


= (4) ny (l- evr) (2) 


alloy 


Here a is some constant numerical coefficient. 
The relationships here deduced are in qualitative 
agreement with deductions from Vonsovskii 
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and Vlasov’s theory, developed by them on 
the basis of the s — d exchange model [1]. 

In the vicinity of Of there exists a transitional 
region, where the paramagnetic susceptibility de- 
pends on the magnetic field strength H. With all 
the alloys investigated, the dependence of mag- 
netizability (a) over a wide range of H values 
(900 — 10,000 oersteds) is defined by the power 
function 


H =aa + Bo*+ yo! (3) 


The coefficients a, 8 and y, which define the 
course of the magnetization curves in the transi- 


tional region, increase with increasing 7 and 


diminish with increasing v, and have positive 
values over the whole region of temperature varia- 
tion. In the immediate vicinity of 9f, the coefficient 
a varies linearly with T and, when T » @¢ it tends 
to zero. The coefficient 8 depends on T in a more 
complex way and, when 7’ + Of, it apparently 
reaches a minimum. 


Translated by H.Cygielski 
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ANOMALOUS STRUCTURE OF IRON CRYSTALS FORMED IN THE 
INITIAL STAGE OF CONDENSATION FROM THE VAPOUR STATE* 


N.A. SHISHAKOV 
Physical Chemistry Institute Academy of Sciences U.S.S.R. 
(Received 27 November 1956) 


As found in [1], small crystals of metals often 
show increased lattice constants so that there is 
no doubt about the existence of a general law. It 
has been postulated that the reason for this 
phenomenon lies in a reduced electron density 
near to the crystal surface and, consequently, in 
a certain weakening of the bond between atoms. 
A further confirmation of the above concepts can 
be obtained from results of still another investi- 
gation. 

A study was made by electron diffraction of 
very fine iron films obtained by the condensation 
of iron vapour on thin celluloid film and on mica, 
under high vacuum, in the electron camera itself. 
The course of the condensation process can be 
followed easily by observing the diffraction pattern 
obtaining on a fluorescent screen. Of a special 
interest is the initial moment of condensation, 
which is characterized by the appearance of 
strongly expanded diffraction rings. This picture 
was recorded in a series of photographs. | 

A cubic lattice constant equal to 3.00 A, i.e. 
exceeding by 5 per cent the normal value of 2.86 
per cent, was found on the basis of accurate 
measurements using an addition of standard 
materials (measured in the centre of diffusion 
lines). However, a more detailed study showed 
the lattice to be hexagonal and not cubic, and 
having a lattice constant a = 2.45 A. 

The correctness of the above assumption can 
be checked by considering the photomicrographic 
curve (Fig.1) derived from an electrongram corres- 
ponding to such initial state of crystallization, 
and Table ] in which a comparison is made of 
the cubic iron lattice intensities of the first four 
lines, as determined by various methods, with the 
intensities found from the photomicrographic 
curve. 

In addition to the photomicrographic curve itself, 
there is visible in the photograph also, a thick 
horizontal line, which corresponds to maximum 
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[2] electrongram 





A 4 LHS} RHS 
2 ind? i part 





110 100 100 
200 30 - 
211 74 
220 27 33 


























blackening, and a continuous tangential reference 
line drawn for the purpose of permitting an experi- 
mental determination of the intensities observed, 
and also of the crystal size. The central part of 
the electrongram is indicated by an arrow with 
letter O. It is here that the blackening is slightly 
less than in the adjacent regions because of 
photographic plate solarization by a strong primary 
electron beam. The position of the first ring, to 
the centre of which corresponds the value of 

d = \/2sind = 4. 20 A, is indicated by arrows with 
number 1. With arrows 2, 4 and 5 are indicated 
the positions of three actually observed maxima, 
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which are here given indices 100, 110 and 200 of 
a hexagonal crystal lattice (since it does not 
appear to be cubic). By letter a, in the top part 
of the photograph, is indicated a defect in the 
electrongram, consisting of the presence in it of 
a secondary direct electron beam which gave no 
solarization because of its insufficiently high 
intensity. By arrows with number 3 are indicated 
the calculated positions of the here missing sec- 
ond maximum 200 of the cubic crystal lattice. To 
the left and right of the photomicrographic curve 
is shown the shape of this maximum, as found for 
the case of a cubic lattice (and, of course, for a 
crystal of an identical size). 

However, even the postulate of a hexagonal 
lattice leads to some contradictions. [n actual 
fact, we have, in a rather wide band of the reflec- 
ions observed (up to d = 0.61 A), in the electron- 
gram only such reflexions for which the third 
index equals zero. 

Initially, the assumption that the absence of 
ool- and hkl- reflexions could be caused by the 
fact that the crystals are arranged with their 
basal planes parallel to the plane of the film 
appeared to be correct and that, therefore, with a 
perpendicular direction of the beam path with 
respect to the film, these reflexions disappear. 
However, when repeated tests were made with new 
metal film deposits and with photography under an 
angle differing from 90°, the same pictures were 
obtained, with dense rings. Furthermore, the same 
picture is obtained again (but of necessity in the 
form of semi-rings) with photography aimed at 
reflexion from the mica surface, which had con- 
densed on it a similar fine film of iron. Con- 
sequently, the assumption regarding the existence 
of texture is fully inadmissible. 

The assumption, that the crystals are hexagonal 
but are in the form of very fine flakes, is also 
without foundation. Firstly, because it is diffi- 
cult to imagine that such crystals can be mechani- 
cally stable. Secondly, if the crystals approach 
two-dimensional ones, the diffraction picture ob- 
tained would consist of asymmetric maxima whose 
intensity should show a rapid break from the side 
of small dispersion angles and then gradually 


diminish in the direction of increasing angles. 
But a study of both the electrongram and photo- 
micrographic curves (of course, while taking into 
account the reduction in background with increas- 
ing dispersion angles) it follows that the maxima 
are symmetrical. This means that the crystals 
are three-dimensional. 

There remains now the following clarification 
to be made. Only the two-dimensional iron crystal 
lattices are hexagonal, which is also confirmed by 
only a single indexing being possible. In as far 
as the mutual positioning of these lattices within 
the crystal itself is concerned, it is possible to 
conclude that they are arranged at different dis- 
tances from one another. If this is the case, then 
the rays reflected by the planes ool and hkl cease 
to be coherent and there remains coherent scatter- 
ing by the true two-dimensional lattices only. 

The reason for unequal distances may lie in 
different values of the metallic bond at different 
crystal depths, and, consequently, also a different 
degree of atom ionization with different electron 
densities. It is really in this attenuation in the 
interatomic bond force that the cause should be 
sought of the expanded condition of metallic 
crystal lattices, which in our particular case 
amounts to 5 per cent. 

It is of the greatest interest that this phenomen- 
on of the disappearance of some characteristic 
reflexions was observed earlier by Germer and 
White [3] in the case of gold and copper, since it 
points to a general nature of the law. 

A detailed account on this subject, including 
also the concepts of crystal size, shape and some 
details of their structure, will be given in the next 
report. 
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DEPENDENCE OF CRITICAL SHEAR STRESS OF THE ELEMENTS ON 
THEIR ATOMIC NUMBER UNDER HIGH PRESSURE CONDITIONS * 


L.F. VERESHCHAGIN and E.V. ZUBOVA 
High Pressure Physics Laboratory, Academy of Sciences USSR 
(Received 4 January 1957) 


Bridgman determined in his works the critical 
shear stress for a number of elements under 
pressures from 25,000 to 50,000 atm [1, 2]. We 
have continued this investigation using for the 
purpose an apparatus similar to that used by 
Bridgman. For some elements, which are among 
those investigated by Bridgman, the test results 
obtained by us agree with the numerical values 
obtained by him. 

In connexion with this, the question arose in 
our investigations as to the existence of a relation- 
ship between the critical shear stress at high 
pressures and the atomic number of elements, 
analogous to that found, by one of the present 
authors in collaboration with Likhter [3], for the 
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FIG. 1. a,b dependence of shearing force on 
atomic number of element: O- hexagonal close- 
packed crystal lattice, A—cubic body-centred _ 
crystal lattice, ()—cubi¢ face-centred crystal 
lattice, <> —tetragonal face-centred crystal 
lattice; c, dependence of log (1/V) (9V/0P) on 


atomic number of elements 


dependence of the compressibility of elements at 
high pressures on the element’s atomic number Z. 

It is clear from Fig. 1, that the critical shear 
stress of elements depends periodically on Z, and 
increases in its absolute value with increasing 
pressure. 

It is interesting to note that, obviously, the 
critical shear stress depends only on the number 
of outer electrons but not on the total number of 
electrons in the atom and that it is independent 
of the type of crystal lattice. Furthermore, it should 
be also emphasized that critical shear stress is in- 
versely proportional to the element’s compressi- 
bility value (see Fig. 1). 

Thus, it can be concluded that the viscous flow 
of a hard material subjected to high pressures is 
affected only by the number of external electrons 
present in the atom. 

At present, investigations are in hand of the 
same problem using considerably higher pressures 
in the same test equipment. 


Translated by H. Cygielski 
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THE INFLUENCE OF STRESS ON THE THERMAL EXPANSION OF 
DEFORMED METAL * 


N.F. KUNIN and V.N. KUNIN 


Cheliabinsk Institute of the Mechanization and Electrification 
of Agriculture 
(Received 20 November 1956) 


The reversibility of elastic deformation and 
thermal expansion enables the joint action of these 
phenomena to be examined on the basis of the ge- 


neral laws of thermodynamics. When this is done we 


easily obtain the following expression to establish 
the relationship between the co-efficient of ther- 
mal expansion and the applied stress: 


(a), (or), a) 


where E is Young’s modulus, and T is the tempera- 
ture of the deformed substance. 

At the given temperature the right hand part of 
(1) is constant. Hence after integration we obtain 
the linear dependence of the coefficient of thermal 
expansion on stress 


a=a+coa, (2) 


where a, is the coefficient of linear expansion in 
the absence of stress. 

As a consequence of the non-reversibility of 
plastic deformation it should be expected that 
equation (2) is not fulfilled for stresses exceeding 
the elastic. 

In fact Rosenfield and Averbach in their work 
[2] discovered an intermittent departure of the co- 
efficient of expansion a from linearity as the elas- 
tic limits are exceeded. Their experiments were 
carried out with three sorts of steel and two sorts 
of invar. 

The change in the coefficient of expansion a, 
occasioned by plastic deformation, was residual. 
After the removal of stress the coefficient of ex- 
pansion had a different value from its initial one. 

An important problem was left unexamined in 
the work of these authors: namely, is equation (2) 
correct for cold-worked metal? It is known that 
the elastic limit in metal subjected to plastic de- 
formation increases to a value corresponding to 
the load applied, if only the temperature of de- 
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formation is sufficiently low and the effect of re- 
laxation is not present. 

As a result of this the repeated deformation of 
previously cold-worked metal up to loads corres- 
ponding to the new elastic limit is reversible, and 
(2) must be fulfilled. Moreover the values a and 
c must be somewhat different, as a result of the 
changes brought about by plastic deformation. 
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FIG. 1. 


Independently of the above-mentioned authors 
and at approximately the same period of time, we 
carried out a measurement of the coefficient of 
linear expansion of copper under load. The copper 
was subjected to considerable preliminary cold- 
work. A special measuring apparatus enabled the 
coefficient a to be measured to an accuracy of 
from 0.2 — 0.3 per cent. The thermal expansion 
took place within the temperature range of 14.98 — 
41.48°C. The elongation under load and thermal 
expansion were measured optically. The results 
are shown in Fig. 1. 

We observe that within the limits of the above- 
mentioned accuracy of the experiments the coef- 
ficient of expansion increases linearly with the 
increase in stress in accordance with (2). Since 
when cold-workingtakes place Young’s modulus 
practically does not change, it follows from (1) 
that changes ap and c when cold-hardening occurs 





Thermal expansion of deformed metal 


are connected with the change in the temperature 
dependence of Young’s modulus. 

In conclusion we may observe that the problem 
of the thermal expansion of strained metals is of 
great practical importance, especially for the 
theories of tolerances and adjustments. 


Translated by R. Quested 
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THE INFLUENCE OF TEMPERATURE ON ADSORPTION AT 
INTERCRYSTALLINE BOUNDARIES IN SILVER BINARY ALLOYS 
S.D. VANGENGEIM 
Gor’ky Urals State University 
(Received 17 January 1957) 


As a result of experiments [1] carried out on 
specially selected binary systems having compo- 
nents with strongly differing atomic radii, the 
phenomenon of. positive adsorption of thallium, 
beryllium, zinc, bismuth, and lead at intercrystal- 
line boundaries in silver has been discovered by 
the X-ray diffraction method. 

For the development of experimental work on 
the study of internal adsorption and the pheno- 
mena of practical importance connected with it a 
wider investigation of the factors influencing in- 
ternal adsorption is demanded. There -xists a 
quantity of experimental data on internal adsorp- 
tion, but this is, however, insufficient for the con- 
struction of a theoretical criteria of horophilarity 
in actual alloy systems. 

In order to elucidate the factors which may in- 
fluence adsorption at intercrystalline boundaries 
in the quantitative sense, we undertook research 
into changes in the degree of internal adsorption 
of horophilic admixtures in solid solutions, de- 
pending on temperature. Such research can throw 
light on certain new aspects of the phenomenon 
of internal adsorption, since the relationship 
between the thickness of the grain and the inter- 
crystalline boundary changes with temperature in 
the sense that changes take place in the condi- 
tions of redistribution between them of the atoms 
of the horophilic component, the number of which 
in the specific alloy in question remains constant. 

The following alloys were prepared: Ag — 1 per 
cent Tl, Ag — 0.1 per cent Be, Ag — 5 per cent 
Zn, Ag — 0.3 per cent Bi, Ag — 1 per cent Pb 
(i.e. with the same concentrations as in reference 
[1}]). After forging and homogenization, the bar 
was cut into two identical specimens, which were 
simultaneously subjected to tempering in iron 
containers with powdered charcoal. The temper- 
ing of each pair of specimens was carried out 
systematically at the following temperatures: 
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900, 800, 700, 600, 700, 800, 900, 800 and 700° 
(the specimens being forged before each temper- 
ing). After each tempering one of the specimens 
was quenched with its container in water, and the 
other was subjected to slow cooling in the furnace. 
The grain size after this treatment varied to an in- 
significant extent (0.08 — 0.12 mm) and this could 
have no influence on changes in the lattice para- 
meter [1]. 

The method of metallographic determination of 
the grain size and of the measurement of the lat- 
tice parameter has been described in detail in 
reference [1]. 

The results of the measurement are shown in 
Fig. 1. The values of the lattice parameter, traced 
on the graphs, have been adjusted to the thermal 
expansion of the alloy from room temperature to 
the temperature of hardening, and to changes in 
room temperature during X -raying. The lattice 
parameter of the hardened alloys changes mono- 
tonically with the temperature of hardening, more- 
over the magnitude of the consecutive changes in 
the parameter from experiment to experiment ex- 
ceeds the measurement error two-or three-fold. 
This change cannot be related to burning-out of 
the alloy addition since, when temperatures are 
reached in reverse sequence, the changes in the 
lattice parameter are reached in reverse sequence. 
At the same time the lattice parameter of the slow- 
ly cooled alloys remains constant within the limits 
of the accuracy of measurement. 

This points to a connexion between the observ- 
ed changes in the lattice parameter to the alloys 
and the phenomenon of adsorption at intercrystal- 
line bounderies. 

Since the degree of internal adsorption in binary 
alloys changes with temperature, the question 
arises as to whether the method employed in re- 
ference [2] (the growing of a fine grain in alloys 
Cu-Sb and Cu-Be at a temperature of 600 — 700°, 
and of a coarse one at 800 — 900°) has an in- 
fluence on the results of the work, or in other 
words, do not the temperature changes of the con- 
centrations of the horophilic component in the 
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zones of adsorption at intercrystalline boundaries 
superimpose on the effect of change in the para- 
meter depending on the magnitude of the grain, 
obscuring it. 

It can be seen from the results obtained that the 
lattice parameter of the alloy Ag-TI falls as the 
temperature of hardening rises, that is that the 
concentration of Tl in the thickness of the grain 
also falls. Consequently, internal adsorption in 
this alloy increases as temperature rises. Special 
experiments have shown that in the alloy Cu-Sb, 
investigated in reference [2], the same thing 
happens. This means that when the alloy is in a 
large-grained state (this being obtained at a 
higher temperature), the observed value of the 
latttice parameter is somewhat reduced, and when 
it is in a fine-grained state, it is somewhat in- 
creased. In the alloy Ag-Be internal adsorption 
also increases with increase in temperature. 
Since as the concentration of Be rises the lattice 
parameter of Ag-Be alloys falls, in the coarse- 
grained condition of the alloy the value of the 
parameter is reduced, and in its fine-grained con- 
dition it is increased. Consequently, the tempera- 
ture effect of adsorption in both alloys is super- 
imposed on the adsorption effect of change in the 
lattice parameter when changes take place with 
grain size, obliterating it, and the actual changes 
in the lattice parameter of the alloys depending 
on the magnitude of the grain must be even greater 
than was observed in [2]. 
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The observed changes in the lattice parameter 
show that when the temperature is raised (to a 
range of 600 — 900°), intercrystalline adsorption 
in the alloys Ag- Tl, Ag-Be, Ag-Zn is increased, 
whilst in the alloys Ag-Bi, Ag-Pb it is reduced. 

This agrees qualitatively with the influence of 
the factors determining the degree of internal 
adsorption which were investigated in the preced- 
ing article [3], if the concentration of horophilic 
elements in the alloys under investigation be 
taken into account. 

In the alloy Ag- Tl, in view of the comparatively 
large concentration of Tl, the influence of the 
“precipitation” factor increases as temperature 
rises, and predominates over the effect of the 
“capacity” factor, which weakens as temperature 
rises (as is known, the volumetric solubility of 
Tl in Ag at the temperature range under investi- 
gation decreases as temperature rises). The low 
value of the “geometrical” factor (1.16) also faci- 
litates an intensification of internal adsorption 
with rise in temperature. 

In the alloy Ag-Be, where the volumetric solu- 
bility increases as temperature rises, the action 
of the capacity factor increases and predominates 
over the effect of the precipitation factor (the lat- 
ter weakens as temperature rises). This predomi- 
nance is still increased by the high value of the 
“geometrical” factor (1.28). All this taken together 
brings about an intensification of internal adsorp- 
tion as temperature rises. 
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FIG. 1. The dependence of the lattice parameter 

in binary silver alloys on the quenching tempera- 
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In the alloy Ag-Zn, the volumetric solubility as 
is well-known increases strongly as temperature 
rises in the upper and middle part of the tempera- 
ture range. The capacity factor therefore rapidly 
weakens as temperature rises, and the precipita- 
tion factor is increased, although not so rapidly 
(the solid solution in this case is far from satura- 
tion). The geometrical factor plays a very small 
part in this alloy. As a result internal adsorption 
increases as temperature rises. In the lower part 
of the temperature range under investigation (600 — 
700°), the capacity factor does not weaken as fast 
in the alloy Ag-Zn, in the first place, and in the 
second place, the appearance of a “chemical” 
factor may have some influence, if this is not 
prevented by thermal movement (the range lies 
below the peritectic temperature). In this range 
internal adsorption decreases as temperature rises. 


Finally, in the alloys Ag-Bi and Ag-Pb the 
growth in the influence of the precipitation factor 
at this range of temperature increase ought to 
lead to an intensification of internal adsorption 
as temperature rises, but this effect is overlapped 


by the negative influence of the capacity factor, 
which in view of the high value of the geometric 
factor in these alloys places a very powerful role. 
This predominance leads to a decrease in internal 
adsorption as temperature rises. 

Thus, when account is taken of all five factors 
[3], it is possible to explain the data which have 
been obtained about changes in the degree of in- 
ternal adsorption as temperature rises. 

In conclusion, the author expresses his sincere 
gratitute to Professor V.I. Arkharov for guiding 
his work. 


Translated by R. Quested 
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STUDYING THE PROCESSES OF TEMPERING BY THE METHOD OF 
INTERNAL FRICTION * 
I.N. CHERNIKOVA 


Moscow Steel Institute 
(Received 22 October 1956) 


The study of internal friction in metals and al- 
loys is a very sensitive method for the detection 
of structural changes [1]. 


TABLE 1. 





Carbon content Form of treatment 





(wt.% ) Quenching Tempering 250°C 








Values of the activation energy 


(cal/g atom) 


0.58 28000 56000 
0.35 22500 51000 














In the present work this method was adapted to 
the study of the tempering of hardened steel. The 
temperature course of the attenuation of small- 
amplitude torsional oscillations was studied in 
wire specimens having a diameter of 0.7 mm and 
a length of 325 mm. The frequency of the free 
torsional oscillations amounted to about 1 c/s. 

Figure 1 shows the curves of the temperature 
dependence of internal friction in specimens, har- 
dened to martensite and containing varying quanti- 
ties of carbon: 0.015; 0.35; 0.46; and 0.58 wt.% 
[2]. The peak height at 200°C is proportionate to 
the carbon content. 

When tempered for 1 hr at 100, 200, 300, 400 
500 and 600° the peak height falls for specimens 
containing 0.35, 0.46 and 0.58 wt.% of carbon. 

Steel containing 0.015 per cent carbon and not 
giving the consistency of martensite, is not sub- 
ject to these laws. In this steel the peak at 200° 
is absent both in the hardened state and when sub- 
sequent tempering is done. This shows that a fall 
in the peak height at 200° in hardened steel when 
tempered is brought about by a reduction in the 
carbon content in the solid solution when the car- 
bide phase forms. The correctness of this assump- 
tion is confirmed by electron diffraction investiga- 
tion, and also by study of the coercive force. 
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FIG. 1. The temperature behaviour of internal 
friction in hardened steel. 
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FIG. 2. The influence of the temperature at 
which hardened steel is tempered on the peak of 
internal friction at 200°C. 
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When the carbon emerges from the solid solution 
the coupling forces of the alpha-iron lattice are 
increased [3], and consequently, the activation 
energy of carbide formation must increase. The 
values of the activation energy, determined by the 
method of displacing the curve of internal friction 
by changing the frequency of the torsional oscil- 
lations [4], are shown in the Table. 


Translated by R. Quested 
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SUPPLEMENT TO THE ARTICLE ENTITLED “RESEARCH INTO THE 
CARBIDE PHASES OF TEMPERED CARBON STEEL” * 


N.V.GUDKOVA, E.I. LEVINA and V.A. TOLOMASOV 
(Received 21 January 1957) 


As a supplement to our article [1] we give here a series of curves /,(T) 
and also the electron diffraction patterns of the electrolytic deposts for Steel 
U12, tempered for 1 hr at various temperatures. 


Translated by R. Quested 
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also shown. 
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Carbide phases of tempered carbon steel 


FIG. 3. Electron diffraction pattern of the hexa- 

gonal phase (a = 6.27 and ¢ = 21.4 A); the tex- FIG. 4. Electron diffraction pattern of the hexa- 

ture axis corresponds with the electron beam. gonal phase. The texture axis is inclined at an 
Exposed over a range of 150 — 650°C. angle of 65° to the initial electron beam. 


FIG. 5. Electron diffraction pattern of the 

rhombic phase (a = 3.82; b = 4.72; c = 12.5 A); 

the texture axis corresponds to the electron 
beam. Exposed over a range of 200 — 650°C. 


FIG. 6. Electron diffraction pattern of the 
rhombic phase. The texture axis is inclined to 
an angle of 65° to the initial electron beam. 





Carbide phases of tempered carbon steel 


FIG. 7. Electron diffraction pattern of cementite. 
Exposed over a range of 350 — 650°C. 
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DETERMINING THE DIMENSIONS OF CARBIDE PARTICLES DURING THE 
TRANSITION OF CHROME CARBIDES FROM ONE STATE INTO ANOTHER 
DURING THE TEMPERING OF HARDENED STEEL * 


Z.K. KOS’KO 
Dnepropetrovsk Metallurgical Institute 
(Received 24 May 1956) 


It is known that when chrome steels are in a 
state of equilibrium they can contain the follow- 
ing forms of carbide, depending on their content 
of carbon and chrome: carbide with a rhombic lat- 
tice (Fe, Cr),C (cementite), containing up to 12 — 
15 per cent chrome; carbide with a hexagonal lat- 
tice (Cr, Fe),C,, containing not less than 33 per 
cent chromium; and carbide with a cubic lattice 
(Cr, Fe),,C,, containing not less than 59 per cent 


chromium In hardened steel at low temperatures 


of tempering carbide is formed of which the chrome 
content is equal to its average content in marten- 
site, that is carbide (Fe, Cr),C. When the tempera- 
ture of tempering is increased this carbide is en- 
riched by alloy elements, and when the content of 
carbon and chrome in the steel is sufficient, the 
low-temperature carbide is replaced by carbide 


richer in chrome, for example (Cr, Fe;) C;. In high 
alloy steels carbide (Cr, Fe),C, is replaced by 
carbide (Cr, Fe),,C, as temperature is increased. 
Investigations into the change in the dimens- 
ions of the carbide particles (small crystals, and 
blocks), when the carbide passes from one state 
into another are a matter of great interest, since 
the carbide transformations obviously exert a con- 
siderable influence on change in the properties of 
the steel. [lowever no information has been publish- 
ed on this subject, clearly because the conduct 
of such research presents great difficulties. 


MATERIAL AND METHODS OF RESEARCH 


We determined the dimensions of the small crys- 
tals of carbide with the aid of the X-ray diffraction 
method on carbide powders obtained from steel by 
electrolytic dissolution. 

We selected for our research a steel containing 
0.7 per cent carbon. Such a carbon content ensured 
the formation of a sufficiently large number of car- 
bides and at the same time afforded practical in- 
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terest, for it is often met with not only in instru- 
mental but also in certain constructional steels. 
The chromium content of the steels investigated 
varied from 3 to 18 per cent. The steel which we 
provisionally named 7Kh3 contained 3.2 per cent, 
steel 7Kh8 contained 8.4 per cent and steel 7Kh18 
contained 18.4 per cent chromium. The silicon 
content varied from 0.1 to 0.3 per cent; the man- 
ganese content from 0.25 to 0.40 per-cent, and 

the content of sulphur and phosphorus did not 


exceed 0.02 per cent for either. 
When choosing the components of the steel for 


our research we were guided by the following con- 
siderations. Steel 7Kh3 when in a state of equili- 
brium contains the carbides (Fe, Cr) ,C and (Cr, 
Fe) ,C,; steel 7Kh8 contains the carbides (Cr, 
Fe),C , and steel 7Kh18 contains the carbides 

(Cr, Fe),,C,. Correspondingly, when the tempera- 
tures of tempering are sufficiently high, the tran- 
sition of cementite carbide into trigonal may be 
observed in steels 7Kh3 and 7Kh8, whilst in steel 
7Kh18 the transition of trigonal into cubic carbide 
can be seen. 

Specimens having a diameter of 10 mm and a 
length of 20 mm were heated before hardening in 
salt baths, and held at 1100° (7Kh3), 1200° (7Kh8) 
and 1260° (7Kh18) for 20 min; the specimens were 
then hardened inaqueous10% sodium hydroxide. 
They were then tempered in lead baths for 2 hr. 
After thermal treatment the specimens were dis- 
solved to an extent of 1 mm in diameter. 

The bath for the anode solution was a glass 
vessel with double walls, between which cold 
water circulated, in order to ensure a constant 
and sufficiently low temperature during solution. 
The cathode was prepared from dense graphite, 
and the specimen under investigation was the 
anode. As a result of a number of experiments for 
solution we settled on an electrolyte, as suggest- 
ed by Popova and Platonova [1] (N KC1; 0.2N 
HC1; 0.5% Na,S,0,). The surface layer was dis- 
solved at a current density of 0.02A /cm? for 4 hr: 
the carbide residue obtained thus was removed, the 
specimen was subjected to an extraction of “pure” 
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carbides for 1 hr, washed in water and alcohol and 
dried with filter paper. 

X-ray investigations of the carbide residue gave 
well reproducible results. 

The X-ray was taken in chromium radiation with 
a filter, in cameras of a diameter of 57.3 mm. Not 
less than two X-rays were taken of each specimen, 
and the experiments were reproduced twice. 

The photometry of the X-rays was done on a 
microphoto-meter MF 2 and magnified x 21. The 
width of the lines was determined as a quotient 
of the division of the area of the curve of black- 
ening by the height of the curve maximum. 

The true width of the lines, caused only by the 
magnitude of the small carbide crystals, was de- 
termined after introducing the necessary correct- 
ions for the non-monochromatism of the radiation 
[2] and the geometry of the X-rays [3]. The di- 
mensions of the small crysials (blocks) of car- 
bide was calculated in accordance with the for- 
mulae which determine the dependence between 
the true width of the lines and the magnitude of 
the small crystals [2,4]. 


RESULTS OF THE EXPERIMENTS AND COMMENTS 


Steel 7Kh3 (Fig.1). At low temperatures of tem- 
pering only lines of cementite carbide are observ- 
ed. Trigonal carbide (Cr, Fe),C, forms at a temper- 
ing temperature of about 500°: slightly intensive 
lines of this carbide begin to appear on the X-rays 
at a tempering temperature of 550°. It is known 
that a new phase can be discovered with the aid 
of the X-ray diffraction method only when its con- 
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FIG. 1. Change in the dimension of small crys- 

tals of the carbides (Fe, Cr), and (Cr, Fe), 

C, in steel Kh depending on the temperature of 
tempering. 


tent reaches several percent. Therefore we relate 
the commencement of formation of a new carbide 
to a temperature approximate ly 50° lower than the 
temperature of tempering at which the lines of the 
new special carbide appear on the X-rays. 

When the temperature of tempering is raised 
from 450 to 500° the small crystals of carbide (Fe, 
Cr),C practically do not grow, and from a tempera- 
ture of 500° their dimensions decrease, attaining 
a mini mum at 550°. When the temperature of tem- 
pering is raised further a gradual growth of the 
small crystals is observed. As for the small crys- 
tals of carbide (Cr, Fe),C,, their dimensions in- 
crease steadily from 600°. 
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FIG. 2. Change in the dimension of the small 
crystals of the carbides (Fe, Cr),;C and (Cr, 
Fe),C, in steel 7Kh depending on the-tempera- 


ture of tempering. 


Steel 7Kh8. (Fig. 2). At low temperatures of tem- 
pering only cementite carbide (Fe, Cr),C exists. 
The dimensions of the small crystals of this car- 
bide scarcely change at a temperature range of 
450 — 500° during tempering, and at 500 — 550° 


they diminish in size and attain a minimum at 
; 
4°10 om T | 
(Cr, fe), C, 
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FIG. 3. Change in the dimension of the small 

crystals of the carbides (Cr, Fe), C, and (Cr, 

Fe),,;C, in steel 7Kh depending on the tempera- 
ture of tempering. 





154 Dimensions of carbide particles 


550°. At higher tempering temperatures the lines 
disappear. 

Carbide (Cr, Fe),C, arises at 500 — 550°. Very 
weak lines of this carbide are observed at a tem- 
pering temperature of 550°. As the temperature of 
tempering rises the dimensions of the small crys- 
tals increase. 

Steel 7Kh18 (Fig. 3) The austenitic structure is 
preserved in this steel after hardening at all tem- 
peratures of tempering up to 550°. Carbides arise 
only at a temperature of tempering of 500°. At low 
temperatures trigonal carbide (Cr, Fe),C, is formed 
and lines of this are observed on the X-rays up to 
600°. At this temperature of tempering lines of 
cubic carbide (Cr, Fe) ,,C, are clearly visible on 
the X-rays, and this is present in the steel right 
up to 700°. 

The dimensions of the crystals (Cr, Fe),C, at 
a temperature range of 550 — 600° diminish. The 
small crystals (Cr, Fe),,C,, the dimensions of 
which are minimal at a tempering temperature of 
600°, increase as temperature rises. 

When comparing the change in the dimensions 
of carbides in all the three types of steel investi- 
gated, the following very interesting and important 
phenomenon is observed: the formation of a new 
carbide leads to the breaking up of the small crys- 
tals of the carbide which previously existed. This 
effect is found even in steel 7Kh3, although the 
cementite carbide which formed earlier continues 
to exist up to 700°. 

The phenomenon of break-up of the small crys- 
tals of the existing carbides can be explained by 
the fact that the new carbide is formed on the 
boundary dividing the two phases of existing car- 
bide and solid solution. The new carbide general- 
ly has a volume differing from the volume of the 
existing carbide. It is this difference in volume 
which evidently leads to the break-up of the car- 
bide which formed earlier. 

At low temperatures of tempering, at a range 
lower than that at which the break-up of the small 
crystals of the earlier-formed carbide occurs (for 
example, below 500° for steels 7Kh3 and 7Kh8), 


the small carbide crystals do not grow. At tem- 


peratures higher than the break-up range (for ex- 
ample, above 600°), an intensive growth of the 
small crystals is seen. 


CONCLUSIONS 


At a temperature of tempering of 500 — 550° the 
following new carbide phases arise in chrome 
steels: in steels 7Kh3 and 7Kh8 carbide (Cr, Fe), 
C, is formed, and in steel 7Kh18, carbide (Cr,, 
Fe) ,,;C, forms. 

The dimensions of the small crystals of these 
carbide phases at the moment at which they arise 
are minimal, but as the temperature rises they 
begin to grow rapidly. 

At low temperatures of tempering the small crys- 
tals of carbide do not grow; for example, small 
crystals of carbide (Fe, Cr),C do not grow till a 
tempering temperature of 450 — 500°. Moreover, 
at a temperature range of 500 — 550° the dimen- 
sions of the small crystals of this carbide dimi- 
nish. When the temperature of tempering is raised 
further, small crystals of cementite (Fe, Cr),C 
begin to grow at temperatures of over 550°. Reduc- 
tion in size (break-up) of the small crystals is 
also observed in carbide (Cr, Fe),C, at a temper- 


- ing temperature of 550 — 600°. 


The author expresses his gratitude to Academi- 
cian K.F. Starodub for suggesting the subject of 
this work, and for constant attention to it. 


Translated by R. Quested 
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THE DETERMINATION OF THE TEMPERATURE AT WHICH METALS RECRYSTALLIZE * 


V.L. SHMARTS 
(Received 28 August 1956) 


Academician A.A. Bochvar [1] has shown that the temperature at which recrystallization 
commences can be determined from the following approximate relation 


Trecr = 0.4 Thus (1) 


where 7';,,,— the heat of fusion. This relation points to a tie between fusion and recrystalliza- 
tion. On the basis of this, it is possible to obtain a new relation for 7,,... 

It might be supposed that at the heat of fusion the amplitudes of the thermal oscillations 
of the atoms reach the critical magnitude. However the atoms can move freely throughout the 
whole volume of the metal (in accordance with the properties of fluid) only after they obtain 
supplementary energy — the heat of fusion L. At any temperature in metal there are atoms gscil- 
lating at the critical amplitude. When they have obtained the L energy, such atoms can leave 
the crystal lattice points and move throughout the whole volume of the metal. When they emerge 
on the surface they give rise to new cells. 

The free transposition of groups of atoms in the metal and the formation of new cells create 
the conditions for the decomposition of the grain boundaries and the formation of new grains, 
that is, for recrystallization.** 


We suppose therefore that the most favourable conditions for recrystallization exist when 
the increase in energy of all atoms when heated from zero to a given temperature (thermal con- 
tent of the metal) exceeds the heat of fusion * * * 


(2) 


Leaving the equal sign in (2), we obtain an equation from which it is possible to determine 
the temperature at which recrystallization begins (7,,.,). In actual fact, the energy of the ther- 
mal oscillations ¢, as a function of temperature in the Debye approximation, has the following 
form : 


@. See (3) 


| car = 9R0 ( 
0 


Expand ing (3) into a series by the powers of 7/6 we obtain the following, with an accuracy 
of (0/T)* (see [2]) 





* Fiz. metal. metalloved. 5, No.1, 182-184, 1957 [Reprint Order No.5 POM 35]. 


* The influence of plastic deformations on recrystallization was not investigated by us. Deformations 
make recrystallization noticeable, but do not determine the conditions under which it begins. 


* The above proposition has of course no pretention to strict accuracy, but merely serves as an argument 
in favour of the experimental equation (2). 





The temperature at which metals recrystallize 


Substituting (4) in (2), we obtain the following equation (where ¢ =L)for the temperature of 


recrystallization: 





Pe ee ee ee 
me “aa T recr ” 20 Cex ane i 


The values of the recrystallization temperatures, determined from equations (5) and (1), 


are shown in Table 1. 


TABLE 1. 





Debye Tem L-heat of fusion sone CE) B Tice CE) E Zunes CH) 


perature @ (k cal/mole) (expt.) | From[5] | From [1] 





973 
423 
615 
283 
280—291 
853 
773 
270—298 
233 
1273 
1173 
1473 
723 
673—753 
473—523 
473—503 
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The value of the Debye temperatures are taken from (3), and the experimental data on re- 
crystallization temperatures are taken from references (1,5,7]. 
As the Table shows, the recrystallization temperatures determined by (5) correspond to 
experiment (as well as the condition laid down by Bochvar [1]). 
Thus, supposing that recrystallization begins after the thermal content of the metal becomes 
equal to the heat of fusion, we have obtained a new relation for the temperature of recrystalliza- 
tion, which is in agreement with experiment. 


Translated by R. Quested 
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A NEW FORM OF CORROSION IN ACID-RESISTING AUSTENITIC STEEL AND 
WELDED SEAMS * 

(TRANSCRYSTALLINE CORROSION OF CHROMIUM-NICK EL-MOL YBDENUM- 

COPPER STEEL Kh23N23M3D3, CAUSED BY COMPRESSION DEFORMATION) 


B.I. MEDOVAR, N.A. LANGER and IU.V. LATYSH 
(Received 28 June 1956) 


Chrome-nicke! stainless and acid-resisting 
steels not containing titanium or niobium and tan- 
talum are subject, as is known, to intercrystalline 
corrosion, as a result of precipitatum along the 
grain boundaries of the surplus phase, rich in 


chromium, and the improverishment of the peripheral 


parts of the austenite grains in this element. The 


modern theory of intercrystalline corrosion in stain- 


less steels is based on the well-known researches 


into multi-electrode systems carried out by Frumkin, 


Akimov and their colleagues [1,2]. 

In certain aggressive media containing chlorinc 
ions and other halides, the so-called stress-cor- 
rosion of austenitic steels is possible [3-6]. The 


transcrystalline cracking of steel takes place under 


the action of tensile stresses and of an aggres- 
sive medium. Sometimes transcrystalline break- 


down is combined with intercrystalline. The reasons 


for this form of corrosion have not yet been suf- 
ficiently studied. However, it may be taken as 
established that the essential condition for trans- 
crystalline corrosion in austenitic steels is the 
presence of tensile stresses in the volumes of the 
metal exposed to an aggressive medium. When com- 
pressive stresses are present, transcrystalline 
corrosion is not observed. 

Chromium-nickel-molybdenum-copper austenitic 
steel mark EI-533 (Kh23N23E3D3) is intended for 
use in plant for the production of sulphuric acid. 
It possesses a high degree of chemical resistance 
to sulphuric acid of varying concentrations (up to 
75 — 80 per cent), and is also distinguished by 
thoroughly satisfactory resistance to intercrystal- 
line corrosion [7], when tested by the standard 
method according to State Specification GOST 
6032-51. This type of steel is not susceptible 
to transcrystalline corrosion under tension [8]. 

In the course of investigations into the welda- 
bility of steel EI-533 we discovered a new form 





* Fiz. metal. metalloved. 5, No.1,184- 186, 1957 
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of corrosion break-down of the basic metal and 

of the welded seam — transcrystalline corrosion 
in sulphuric acid (boiling the specimens for 

100 hr in 35, 50 and 75 per cent acid), caused by 
compression deformation. Comparitive corrosion 
tests were carried out on specimens of steel EI- 
533 having a dimension of 20 x 70 mm and a thick- 
ness of 3.8 mm and of the following chemical con- 
tent: 0.06 per cent C; 0.89 per cent Si; 0.33 per 
cent Mp; 22.25 per cent Cr; 23.38 per cent Ni; 
2.85 per cent Cu, 2.80 per cent Mo; 0.010 per cent 
S and 0.01 per cent P. 

Part of the specimens were tested in the condi- 
tion received, that is after hot rolling and quench- 
ing to austenite; another part of the specimens 
was subjected before testing to compression by 
surface cold-working with a pneumatic chisel with 
a blunt end, and by planing. All the specimens 
which underwent deformation by compression and 
were not subject to thermal treatment afterwards, 
proved to be affected by transcrystalline corrosion. 


In the as-received condition, both the thermally 
treated specimens and those which were not ther- 
mally treated, and also the specimens which had 
undergone deformation by compression with sub- 
sequent thermal treatment{ quenching or annealing), 
failed to show transcrystalline corrosion. On of 
the specimens was planed in various ways. Ilalf 
of the surface was subjected to planing with deep 
strokes, that is, was subjected to intensive com- 
pression. The other half was planed with shallow 
strokes. The degree of compression deformation of 
this part of the specimen was less intensive. 
After 100 hr boiling in 35% H,SO, and bending to 
90°, large corrosion cracks appeared on that part 
of the surface of the specimen which had been 
strongly cold worked. (See Fig. 1, section 1). The 
weakly cold worked part of the specimen was co- 
vered with a finer network of shallower corrosion 
cracks (Fig. 1, section 2). Corrosion break-down 
of the cold worked metals is of a transcrystalline 
nature both in the basic metal (Fig. 2), and in the 
metal seam (Fig. 3). 





New form of corrosion in acid-resisting austenitic steel and welded seams 


TABLE 1. The influence of compression deformation on the general 
chemical resistance of steel EI-533 in boiling sulphuric acid 





Original condition Thermal treatment Loss of weight (g/m*hr) 
of specimen after 100 hr boiling in 
H,SO, of varying strength 


35% 50% 75% 








Without deformation None 0.565 0.650 0.400 
Quenching 0.601 0.437 0.473 
Tempering 0.473 0.437 — 





After deformation None 2.747 1.600 0.656 
by compression Quenching 0.382 0.328 0.364 
Tempering 0.400 0.800 — 











FIG. 1. The influence of compression deformation 
on the resistance to corrosion of steel EI-533 


a —a specimen which was not subjected to com- : 
pression deformation before corrosion tests: FIG. 2. Transcrystalline break-down of cold- 
b—a specimen preliminarily cold-worked (on worked steel EI-533 683 100 hr boiling in 35% 
section 1 strong cold-working by coarse plan- 8,90, (x 800). 
ing, on section 2 weak cold-working by fine 
planing) 











FIG. 3. As in Fig. 2. in the metal of the welded 
seam (x 104). 








New form of corrosion in acid-resisting austenitic steel and welded seams 


When both series of specimens (cold worked and 
not cold-worked) were tested in solutions of H, 
SO, + CuSO, and H,SO, + CuSO ,+ Zn, intended for 
the exposure of intercrystalline corrosion, trans- 
crystalline break-down, as was to be expected, 
was not observed in a single instance. 

Compression deformation occasions an intensi- 
fication of general corrosion as well as transcrys- 
talline break-down (see Table 1). 

In the preparation of welded constructions with 
austenitic steels type EI-533 it is impossible to 
avoid compression deformation and the tendency 
to transcrystalline corrosion for which it creates 
the conditions. Quenching (heating to 1100° for 
1 hr and cooling in water) or tempering (heating to 
800° for 2 hr and cooling in air) may be recommend- 
ed as a radical means of eliminating the harmful 
influence of cold working. The last-mentioned form 
of thermal treatment is worthy of preference, since 
it is more technological in nature and easier to 
carry out in industrial conditions. 


Translated by R. Quested 
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THE SUB-MICROSCOPIC STRUCTURE OF METALS AND ALLOYS WHICH HAVE 
CRYSTALLIZED UNDER VIBRATION * 
G.P. KUSHTA and B.G. STRONGIN 


Chernovits State University 
(Received 30 January 1957) 


The study of the influence of vibration on the 
crystallization process in metals and alloys has 
led to the establishment of the basic laws, which 
determine the microstructure of the bar so obtained 
[1,2]. The crystallization of alloys under vibra- 
tion has now been applied industrially (2,3). How- 
ever, up to the present no attention has been 
paid to possible changes which may take place in 
the sub-microscopic structure of alloys which 
have crystallized under the application of vibra- 
tion. 

It can be supposed that the increased strength 
observed in alloys which have crystallized under 
vibration, is caused not only by microscopic but 
also by sub-microscopic changes, that is by a 
reduction in the size of the mosaic blocks and 
an increase in the degree to which they are turned 
towards one another. Such sub-microscopic changes 
will exert a decisive influence on the course of 
the various processes during thermal treatment of 
the alloys, for example, on the break-up of super- 
saturated solid solutions, on phase conversions 
in a solid state and so on. 

In order to make a direct test of this supposi- 
tion we carried out research into the influence of 
vibration on the process of crystallization of a 
zinc and zinc-aluminium alloy, containing 21 per 
cent. 

We used a mechanical vibration installation, 
consisting of a massive wooden slab with a 1/8 
h.p. direct current electric motor placed on it. 

To the shaft of the motor was fixed a coupling 
with a mobile cam-weight of about 30 weight. 
The entire slab was set up on springs, which 
were rigidly attached to the slab and to the sup- 
porting metal table. A furnace and a container 
for the thermocouple were secured to the slab. 


Control-measuring instruments were set up on a FIG. 1. Impressions of the diamond pyramid for 
separate table. The amplitude and frequency of alloy Zn- A] after hardening and ageing (8 — 
the vibrations was given out by change in the phase) : 


a — crystallization at rest, 
b — crystallization after application of vibra- 
tion with frequency of 23.3 c/s, 
* Fiz. metal. metalloved. 5, 1, 187-8, 1957 c — crystallization with application of vibra- 
[Reprint Order No. 5 POM 37]. tion with frequency of 26.7 c/s (x 465). 


eccentricity of the weight and variations in the 
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tension on the clamps of the motor. In order to 
bring about a certain amount of fusion deactiva- 
tion and increase in the time during which vibra- 
tion was effective on the crystallization process 
in the metal, the latter was superheated to 650° 
The vibrator was connected at a fusion tempera- 
ture of 500°C. In order to reduce the influence of 
the crucible walls china crucibles were used, of 
a sufficiently large diameter (45 mm). The number 
of revolutions of the motor was measured by a 
tachometer, and the oscillation amplitudes were 
measured by contact recording to an accuracy of 
up to 2.5 per cent. Bars weighing 350 — 370 ¢ 
were prepared at varying frequencies in oscillation 
amplitudes, and also at rest. 

For pure zinc we obtained the usual parabolic 
dependence [2] between the number of grains per 
1 cm? and the vibration frequency (at a constant 
amplitude) and the number of grains in 1 cm? and 
the amplitude (at constant frequency). The bars 
were obtained at varying amplitudes (from 0.52 
to 1.34 mm) and varying frequencies (from 20 to 
27 c/s). The average value of the micro-hardness 
of the grains was determined for each bar on a 
PMT -3 instrument. It was established in this way 
that the micro-hardness of the grains at the given 
range of effective amplitudes and frequencies in- 
creases almost three-fold (From 20 — 25 kg/mm? 
to 60 — 70 kg/mm’). 

It is known that the shear strength for the metal 
in question, other things being equal, is determin- 
ed by the size of its mosaic blocks [4,5]. Thus, 
the change in the micro-hardness, discovered in 
the uniphase system in question, points to a re- 
duction in the size of the mosaic blocks in the 
grain. 

An analogous change in the microscopic and 
submicroscopic structure of the 8 — phase was 
discovered for the alloy Zn- Al with 21 per cent 
Al. In this alloy, for which the phase conversions 
are known [6], it was possible simultaneously to 
follow the influence of the block structure which 
had been created on the course of the phase con- 
versions in the solid phase. For this purpose the 
bars of alloy Zn- Al, obtained under varying con- 
ditions of crystallization, were subjected to hard- 


ening in water from a temperature of 360°C. For 
all the specimens thus obtained the micro-hardness 
of the 8 — phase was determined after natural 


ageing over several days. When this was done it 
proved that the bars which had crystallized under 
vibration preserve a degree of micro-hardness 
after hardening and ageing which is several times 
greater than that of the bars which had crystal- 
lized at rest. 

This is illustrated by Fig. la, b, which shows 
the microphotographic impressions of the diamond 
pyramid for various specimens of the alloy Zn- Al 
(8 - phase). An important property of alloys which 
have crystallized under vibration is that they 
preserve the increased strength, attained as a 
result of vibration, during subsequent thermal 
operations. 

This description of the influence of vibration 
on the mosaic structure of the grain was confirmed 
by X-ray investigation, which visually revealed 
a noticeable widening of the lines on the X -rays, 
caused, evidently, by a reduction in the size of 
the mosaic blocks. Further research must be done 
on a detailed study of the observed effects through 
the method of harmonic analysis of the curve of 
intensity distribution of the X-ray lines, and 
other X -ray diffraction methods. 

The results of our experiments enable the con- 
clusion to be reached that it is possible to select 
optimal methods of vibration, which will cause 
the microscopic and sub-microscopic structure 
obtained under the influence of vibration to be 
of the most favourable kind for the course of the 
various conversions in the solid phase, thus lead- 
ing to a further strengthening of the alloy. 


Translated by R. Quested 
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THE INFLUENCE OF THERMAL TREATMENT CN THE DISTRIBUTION OF 
CALCIUM IN FERROSILICON * 
I.N. STRUKOV, M.A. SHUMILOV and P.V. GEI.’D 
S.M. Kirov Urals Polytechnical Institute 
(Received 23 January 1957) 


In our previous works [1,2] it was shown that 
the stability of high silicon industrial ferrosili- 
con when kept in moist air depends to a consider- 
able extent on its thermal history. In particular, 
it was established that the annealing of ferrosili- 
con at suitable temperatures, ensuring the decompo- 
sition of the leboite, leads to a sharp rise in the 
stability of the alloy. 

Unfortunately, we did not succeed in these ex- 
periments in obtaining a clear-cut solution to the 
problem of the reasons for this effect on the part 
of thermal treatment. It seemed possible to ex- 
plain it, on the one hand, by the elimination of 
the metastable phase from the alloy, since the 
decomposition of this phase is accompanied by 
a considerable increase in volume, and conse- 
quently, by the emergence of large internal tens- 
ions; on the other hand, it was not to be excluded 
that there was a redistribution of the infinities 
responsible for the fall in the stability of the fer- 
rosilicon (for example, calcium and aluminium). 

In order to check the influence of thermal treat- 
ment on the conditions in which calcium is local- 
ized, autotadiographic investigations into harden- 
ed and tempered alloys were carried out. 

As a radjoactive isotope we used 45a, charac- 

terized by § — radiation with a maximum energy 
of 0.255 MeV. A mixture was first prepared from 
powdered industrial silicon and calcium isotope 
(by heating in an hermetic ampoule of armco-iron 
in a vacuum installation at 900°C for 2 hr). The 
material thus obtained (basically calcium silicide) 
was introduced together with the iron ampoule in- 
to fused ferrosilicide (60 — 65 per cent Si). After 
careful mixing of the metal in the crucible of an 
induction furnace specimens for the research were 
prepared. After a superficial polish they were put 
on NIKFI photoplates type MK; the length of the 
exposure was about ten days (the specific acti- 
vity of the alloy being 0.8 — 1.0 mC/kg. 
Microscopic investigation of the autoradiograms 
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showed that in the hardened specimens the cal- 
cium was distributed very unevenly, concentrated 
in the main along the boundaries of the crystal- 
line grains. On the other hand, in the tempered 
specimens the variation in concentration of cal- 
cium on the surfaces and in the volume of the crys- 
talline grains was considerably less (Fig.1). 











FIG. 1. The distribution of calcium in the 
specimen of ferrosilicon (60 per cent Si). 
a — after quenching 
b — after annealing 
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Moreover, the homogenization in the distribution 
of calcium increased according to the length of 
time taken over tempering, and consequently ac- 
cording to the completeness of the decomposition 
of the leboite. 

Subsequent hardening of the quenched speci- 
men at 1000°C leads once more to predominant 
concentration of calcium in the intercrystalline 
areas, the elimination of which is achieved by a 
repeated stabilizing annealing. 

Thus, the data we obtained point to the fact 
that the solubility of calcium in leboite and the 
products of its decomposition differs substantial- 
ly. This enables the topography of calcium in 
high silicon ferrosilicon to be regulated by ther- 
mal treatment. Annealing, by homogenizing the 
distribution of calcium, prevents local accumula- 
tions of it, which might serve as places of active 
reaction with the moisture in the air, that is, 
places in which break-down of the alloy could 


commence. 


It must be noted that annealing also makes the 
alloy more resistant because it brings about a 
considerable break-up of the grains. Consequently, 
thermal treatment increases the stability of fer- 
rosilicon when kept not only, it is evident, as a 
result of the circumstances which we investigated 
earlier [1,2] (internal tensions as the alloy ages), 
but also on account of change in the distribution 
of the calcium. It would be desirable to check on 
how tempering affects the distribution of the other 
admixtures responsible for the stability of the 


alloy. 
Translated by R. Quested M.A. 
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THE OXIDATION OF CHROMIUM IN AIR AND IN OXYGEN * 


V.I. ARKHAROV, V.N. KONEV, I.LSH. TRAKHTENBERG, and S.V. SHUMILINA 
A.M. Gorkii Urals State University 
(Received 29 May 1957) 


On the basis of research carried out by Miyak 
[1], Gulbransen and his colleagues [2, 3], 
Arkharov [4] and others it may be concluded that 
the scale on chromium, which has been oxidized 
both in oxygen and in air, consists of rhombohe- 
dral oxide Cr,O,. In [1, 2 and 4], assumptions 
were made on the grounds of indirect evidence 
as to the existence of y- Cr,Q,, but the presence 
of this phase was not established directly. The 
influence of the nitrogen in the air on the oxidi- 
sation process in chromium was not taken into 
account in any of these works. 

However, that is in principle possible at high 
temperatures. It was discovered in [5] that when 
chromium is nitrided, nitride forms which gives 
an X-ray diffraction picture (diatropic maximum) 
compatible with the one which in reference [4] 
was interpreted as a sign of the presence of 
y- Cr,O,. 

With the aim of defining more precisely the 
mechanism of this phenomenon we carried out 
research into the oxidation of chromium in air 
and in oxygen. The kinetic process of scale for- 
mation was studied at varying temperatures (from 
increases in the weight of the specimens), as 
were also the phase composition and texture in 
the layers of scale which formed (these being 
studied by X-ray), and the microstructure of the 
layers. 


Specimens of electrolytic chromium were pre- 


pared in the form of hollow cylinders according 
to the method described in [4]. 

The oxidation in air was carried out in a 
vertical electric furnace. The specimen was hung 
from one of the balances of the analytic scales 
located over the furnace. The weight of the speci- 
mens as oxidation took place was determined 
without removing the specimen from the hot part 
of the furnace. 

Oxidation in hydrogen at a pressure of a 160 
mm mercury column was done in a closed vertical 
quartz tube, located in a tubular electric furnace. 
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With the aid of a special gate the specimen was 
moved from the upper cold part of the tube into 
the functioning heated part of it, without disturb- 
ing the atmosphere in the tube, and after a fixed 
period of oxidation it was moved back. 

Transverse sections of the oxidized specimens 
were prepared for metallographical analysis, and 
the specimen was soaked in a special form with 
a solution of bakelite in alcohol, and then was 
kept for 2-3 hr at 150°C for strengthering (by 
polymerization of the bakelite). 

(a) The oxidation in oxygen was carried out 
at 700, 880 and 1000°C. 

The powder patterns of the outer surface both 
of the strongly and the weakly oxidized specimens 
contain lines which are fully in accordance with 
the line system for rhombohedral chromic oxide 
Cr,O,. 

No texture was observed in the outer layer 
either at the initial moment or at later stages of 
oxidation. 

Microscopic investigation confirms the pres- 
ence of a single phase in the scale. 

(b) Oxidation in room air was also carried out 
at 700, 800 and 1000°C. The outward appearance 
of the scale was the same as on the specimens 
oxidized in oxygen. 

The X-ray photographs of the weakly oxidized 
specimens of bright chromium, possessing [6] a 
well-expressed texture of the (111) Cr type, show- 
ed, as in [4], a supplementary diffraction reflex- 
ion of great intensity in the form of a diatropic 
maximum of blackening (d = 1.37 A), parallel to 
the outer surface, and in addition to the lines of 
rhombohedral chromic oxide and of metallic 
chromium. This maximum was not observed on 
the X-rays of the outer surface of the scale on 
the strongly oxidized specimens of bright chrom- 
ium, when the thickness of the scale is so great 
that the Debye lines of metallic chromium are not 
obtained. This supplementary maximum is also 
not seen on the X-rays of the specimens of “dull” 
chrome, both when strongly oxidized and when 
weakly oxidized (when chrome lines are obtained 
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on the X-ray photograph), since the “dull” depo- 
sits have a very imperfect texture of the (100) Cr 
type parallel to the outer surface [6]. 

The above-mentioned diatropic maximum was 
always present if the surface of a specimen of 
bright chromium was X-rayed after the removal of 
the outer layer of scale. 

It is possible to conclude from these observa- 
tions that the supplementary diatropic maximum 
is obtained from the layer situated between the 
metal and the outer layer of rhombohedral chromic 
oxide. The Debye pattern of this layer agrees 
well with the data for hexagonal chromic nitride 
Cr,N [7]. The diatropic maximum (d = 1.37 A) 
on the texture patterns is also that of Cr,N [5]. 

Metallographic research confirmed the presence 
of two layers in the scale on chromium oxidized 
in air. 

The lines of Cr,O,, obtained on chromium in 
the air, were noticeably displaced towards the 
small angles of reflexion relative to the lines of 


Cr,O,, obtained on chromium oxidized in oxygen. 
This indicates an increase in the parameter of 


the crystal lattice Cr,0,, formed on chromium in 
the air, and points to the fact that the nitrogen 

in the air is partially dissolved in chromic oxide 
and diffused through the lattice of the latter into 
the depth of the metal. The lack of signs of tex- 
ture in the outer layer of scale Cr,O, at all temper- 
atures investigated, and during prolonged oxi- 
dation both in oxygen and in air, show that no 
noticeable degree of diffusion of the chromium 


through the oxide phase Cr,O, takes place. 

Reaction diffusion in the chromium-air system 
takes place by diffusion of the atoms of nitrogen 
and oxygen through the layer which has formed 
inwards into the metal, moreover the reaction 
front of the nitrogen and chromium (on the boun- 
dary of Cr/Cr,N) outstrips the reaction front of 
the oxygen and chromium (on the boundary of 
Cr,N/Cr,O;). 

The speed of scale formation on chromium in 
air is less than in oxygen (PO, = 160 mm mercury 
column). The slowing-up of oxidation of chromium 
in air is caused, obviously, by the difficulty of 
oxygen diffusing through Cr,O,, containing nit- 
rogen dissolved in it. 


Translated by R. Quested 
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THE SPEED OF DIFFUSION OF HYDROGEN IN IRON-CHROME ALLOYS* 


P.V. GEL’D and R.A. RIABOV 
S.M. Kirov Urals Polytechnical Institute 
(Received 28 September 1956) 


The powerful influence of alloy elements on the 
physical properties of alloys is well known. The 
kinetic and energetic aspects of the diffusion 
process must depend to a large extent on the 
forces of intermolecular interaction in the crystal 
lattice of the alloy. In order to test the correct- 
ness of these assumptions in the case of diffusion 
of gases in metals we studied the temperature de- 
pendence of the speed of diffusion of hydrogen in 
iron alloyed with chrome, silicon, vanadium and 
carbon at a temperature range of 300° to 1000°C. 


R-10° cm*/cm? sec. 


law. Near 700° the temperature dependence of the 
speed of diffusion undergoes a break-down, in 
accordance with the phase transformation. In ac- 
cordance with the phase diagram of the Fe—Cr 
system, such anomalies are observed only on the 
curves for the first three of the alloys studied (1, 
3 and 6 per cent Cr). 

The influence of chromium on the diffusion speed 
of hydrogen is very peculiar. Up to 12 per cent Cr 
a sharp reduction in the diffusion rate and an in- 
crease in the activation energy of the process are 
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The measurement was carried out on specimens 
having the form of a hollow cylinder. The thick- 
ness of the walls was least in the part situated in 
the isothermic zone of the furnace. The quantity 
of hydrogen diffusing through the thin wall and 
entering the vacuum system was determined from 
the increase in pressure in the calibrated volume. 

We studied 7 alloys, containing 1, 3, 6, 12, 17, 
19 and 28 per cent Cr. The results of our research 
are shown in Fig. 1, which also shows the curve 
for steel 40 (0.4 per cent carbon). 

At a temperature range of 300 to 700° the speed 
of diffusion changes according to the exponential 
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FIG. 1. The influence of chrome, vanadium, silicon and car 
bon on the temperature dependence of the diffusion speed of 
hydrogen in alloys of the above elements and iron. 


observed. Thus, the activation energy for pure iron 
amounts according to data accumulated by a number 
of writers, to 18,000 cal/mole., but it reaches 
30,000 cal/mole., for an alloy containing 12 per 
cent Cr. A further increase in the chrome content 
of alloys (up to 28 per cent) has no practical effect 
on the diffusion speed, and the increase in activa- 
tion energy also ceases under these circumstances. 
These findings are of interest in the light of the 
researches carried out by Kurdyumov and his col- 
leagues [1, 2]. The results they obtained were al- 
so interpreted in terms of the forces of the inter- 
atomic couplings. They discovered that the coup- 
ling forces in alloys of Fe—Cr increase when the 
chrome concentration is increased up to 8 per cent 
Cr. Further increase in the chrome content up to 





The speed of diffusion of hydrogen in iron-chrome alloys 167 


16 per cent does not increase the coupling forces. 
Such analogous findings definitely point to the 
fact that the coupling forces between the atoms in 
the crystal lattice play a large part in the diffusion 
process. 

The results of research into the diffusion rate 
of hydrogen in the alloy Fe—V (4 per cent V) may 
serve as an additional confirmation of this. The 
activation energy of the diffusion process was 
here equal (within the limits of error in the experi- 
ment) to the activation energy for pure iron — 
18,500 small cal/mole. The diffusion speed of 
hydrogen fell in comparison with pure iron only 
very insignificantly. As can be seen from Fig. 1, 
the influence of vanadium is much less than the 
influence of the equivalent quantity of silicon, and 
also less than the effect of adding 0.4 per cent 
carbon to iron. This agrees satisfactorily with the 


‘X-ray diffraction investigations described above 


[2], which showed that vanadium when used as an 
alloy element not merely fails to increase but even 
somewhat weakens the coupling forces in the iron 
lattice. 


Translated by R. Quested 
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